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V této habilitacni praci jsou shrnuty poznatky ze studia fazovych transformaci a deformacnich
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uspofddanych mikrostruktur (tzn. martenzitickych laminatd a feroickych domén) v téchto ma-
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Uvod do tématu prace

Termoelastické martenzitické transformace [1-3] jsou zdkladem fady unikatnich termomechan-
ickych jevl v takzvanych inteligentnich materidlech (smart materials), pfedev$im jevu tvarové
paméti [4, 5], superelasticity [6-8], hyperelastického chovani [9] a magneticky indukovaného
aktuatorového chovani [10, 11]. Pro pochopeni vSech téchto efektl je nezbytné zkoumat termoe-
lastické martenzitické transformace na nejzdkladnéjsi moZzné trovni, tedy na drovni atomarni
miiZe a procesi v monokrystalech. Ukazuje se vSak, Ze tyto transformace maji vyrazné
multiSkdlovy charakter [5, 12, 13] - pro popis makroskopického chovéni neni popis na drovni
atomarni mfiZe postacujici, vyraznou roli hraji také morfologie fazovych a strukturnich rozhrani
na mikrometrické Skdle, tedy mikrostruktura jednotlivych fazi.

Termoelastické martenzity, tedy materidly schopné plné reverzibilné€ pfechdzet mezi dvéma
¢i vice strukturnimi fdzemi prostfednictvim martenzitickych transformaci pod vlivem teploty,
napéti, ¢i vnéjSiho magnetického pole, lze také charakterizovat terminem feroelastika [14, 15].
Tento termin dobfe vystihuje ztratu symetrie pii prechodu z vysokoteplotni faze (austenitu)
do faze nizkoteplotni (martenzitu). Stejn€ jako u jinych feroik (feromagnetika, feroelek-
trika) je i u feroelastik moZno pozorovat tendence nizkoteplotnich fazi vytvafet doménové
struktury, ¢asto vyrazné geometricky usporddané. U termoelastickych martenzitd maji tyto
mikrostruktury nejcastéji formu takzvanych laminatd prvniho fadu [16], coZ jsou periodické
struktury skladajici se z tenkych vrstev jednotlivych variant martenziti navzdjem propojenych
dvojcatovymi rozhranimi. Geometrickd uspotfdadanost struktur vyplyva z pozadavki takzvané
geometrické kompatiblity [17], tedy pozadavku na spojitost pole posunuti popisujici prechod
z vysokoteplotni faze do nizkoteplotni a zaroven z pozZadavku minimalni uloZené energie ela-
stické napjatosti. V pfipadé feromagnetickych martenzitd nebo uspotfddanych ¢i slitin tyto
pravidelné struktury mohou déle interagovat s mikrostrukturou magnetickych domén [18], struk-
turou antifdzovych rozhrani [19] nebo fazovou strukturou [20].

Martenzitické transformace ve feroelastikich stejné jako reorientacni procesy v nich
probihaji mechanismem nukleace a rdstu. Jsou-li pozorované mikrostruktury vysledkem
poZadavkl na minimélné energeticky naro¢ny priibéh tohoto mechanismu, musi se transformace
¢i reorientace projevit pohybem ¢i ristem mikrostruktury v krystalové miizi. Ukazuje se, Ze
takového pohybu jsou schopny jenom urcité typy mikrostruktur [21-24], které zarovenl s geo-

metrickou kompatibilitou vykazuji také specifické dynamické a disipacni vlastnosti. Porozuméni



témto vlastnostem je jednou z esencidlnich podminek pro pochopeni samotnych mechanismi
transformace a reorientace, pro jejich teoreticky popis a matematické modelovani, i pro vyvoj

novych feroelastickych materiall a jejich budouci technologické aplikace.

Cile a struktura prace

Cilem prace je poskytnout shrnuti vysledkd tykajicich se morfologie, mechanismt vzniku a po-
hybu, energetické bilance a makroskopickych projevii pohyblivych mikrostruktur v termoe-
lastickych martenzitech. Po stru¢ném teoretickém tvodu (Kapitola 1) je prace clenéna do
tif tématickych Casti. Prvni se zaméfuje na rozhranové mikrostruktury ve slitiné Cu-Al-Ni
a jejim cilem je ukazat, Ze tato rozhrani zaujimaji specifickou morfologii (X — a A— rozhrani),
ktera nespliiuje kritérium minima energie, a diskutovat mechanismy jejich pohybu a nukleace.
Druhé &ast je vénovana pohyblivym makrodvojcatovym rozhranim ve slitiné Ni-Mn-Ga a jejim
cilem je ukdzat relaci mezi krystalografickou orientaci (a potaZmo mikromorfologii) téchto
rozhrani a jejich pohyblivosti, a to na zdkladé jak experimentalnich pozorovani, tak teoretickych
modelt. Treti ¢ast se pak zabyva pohyblivosti mikrostruktur ve vysokoteplotnich fazich slitin
Ni-Mn-Ga a Co-Ni-Al, tedy takzvanymi prekurzorovymi (nebo téz premartenzitickymi) efekty,
pfedchdzejicimi vlastni transformaci do nizkoteplotni faze. Cilem této C4sti je ukdzat, Ze elastickd
nestabilita vysokoteplotnich fazi, kterd na transformacni teploté inicializuje samotnou marten-
zitickou transformaci, je nad touto teplotou klicova pro dynamiku magnetickych a fazovych
mikrostruktur.

Habilitacni prace je koncipovana jako komentovany vybér casopiseckych publikaci z let

2009-2014. Kritéria pro vybér byla nasledujici:
1. jednd se o ¢lanek z mezindrodné respektovaného Casopisu s impaktfaktorem 2> 1;

2. Clanek se bezprostfedné tykd mechaniky mikrostruktur v monokrystalech slitin

vykazujicich termoelastické martenzitické transformace;
3. podil habilitanta na tvorbé ¢lanku byl vyrazny a dobie definovany.

Tato kritéria splnilo celkem jedendct publikaci. Ostatni publikace autora, tedy zejména ¢lanky

tykajici se vyvoje metodiky rezonan¢ni ultrazvukové spektroskopie a jejich aplikaci pro charak-

terizaci elastickych vlastnosti materidld, 1ze nalézt v Pfehledu publikaéni ¢innosti (Pfiloha A).
KaZzda z vybranych publikaci je uvedena kratkou informaci o jejim obsahu a o specifickém

podilu habilitanta na publikovanych vysledcich.



Zakladni poznatky z teorie termoelastickych

martenzitii

V této kapitole budou shrnuty zakladni teoretické pojmy pouZivané pii popisu termomechan-
ického chovani termoelastickych martenziti, a to zejména pojmy z teorie martenzitickych

mikrostruktur na drovni mechaniky kontinua a z pfislusnych partii termodynamiky pevné faze.

Poznamka k terminologii: V odborné literatufe a i v ¢lancich komentovanych v této ha-
bilitaéni préici jsou vétSinou pouZivdny terminy feroelastika, termoelastické martenzity a slitiny
s tvarovou paméti jako zcela ekvivalentni a vzajemné zameénitelné. V principu jsou vSak defi-
novany mirn€ rozdilné€. My se v této praci budeme drZet druhého z termint, protoZe nejlépe svoji
definici vyhovuje vlastnostem vSech popisovanych materidld.

Feroelastika (jak bylo uz naznaceno v tivodu) jsou materidly schopné nabyvat spontannich,
symetrii porusujicich deformacnich stavii bez vnéjsiho napéti [14, 15]. Termoelastické marten-
zity [1-3] jsou takova feroelastika, ve kterych k nabyvani téchto deformacnich stavii dochazi
prostfednictvim specifické fazové transformace popsané v nasledujici podkapitole. Slitiny
s tvarovou paméti [4, 5] jsou potom materidly vykazujici makroskopicky jev tvarové paméti,
nebo presnéji materidly, ve kterych je tento jev z technologického hlediska vyuZzitelny. Z termoe-
lastickych martenzitii popisovanych v této praci je klasickym reprezentantem slitin s tvarovou
paméti slitina Cu-Al-Ni [6, 25, 26]. U slitin Ni-Mn-Ga [27, 28] a Co-Ni-Al [29, 30], rovnéz
v této praci uvadénych, je vyuzivan a zkouman predevs§im jev magneticky indukované reorien-
tace [10, 11], samotn4 tvarova paméf je u téchto s litin z fady diivodd méné vyznamnd. Existuji
naopak pamé&fové slitiny, ve kterych martenzitickou transformaci nezle oznadit za &isté termoela-
stickou, protoZe je spojena s produkci velkého mnozstvi defektil, zejména dislokaci. Klasickym
ptikladem je slitina NiTi [31, 32], nejznamé&;jsi a technologicky nejpouzivanéjsi slitina s tvarovou

paméti, a ddle pak pamé&fové slitiny na bézi zeleza [33,34].



1.1 Vlastnosti termoelastické martenzitické transformace

Termoelastickd martenzitickd transformace [1-3] je fdzova transformace prvniho druhu (tedy
transformace spojend s produkci latentniho tepla a s nespojitymi skoky prvnich derivaci termo-

dynamickych potenciali). Zakladni vlastnosti charakterizujici tuto transformaci jsou:

1. Tato transformace je bezdifiizni, coZz znamena Ze jednotlivé atomy se pii transformaci

posouvaji o mensi relativni vzdélenosti, neZ je vzdalenost meziatomarni.

2. Krystalové miizky dcefiné a mate¢ni faze jsou provaziny koordina¢nimi vztahy. Tyto
vztahy urcuji vzdjemnou orientaci mezi miizkovymi vektory obou fazi a vétSinou se vy-
jadruji pomoci matic prechodu v anglické literatufe oznacovanych jako lattice correspon-

dence matrices.

3. Transformace je obousmérna, Cili zpétna transformace z martenzitu do austenitu je opét
bezdiftizni se zachovanim stejnych koordinac¢nich vztahti mezi fizemi (plati pro né inver-
tované matice prechodu). Tato podminka neni splnéna napiiklad v ocelich, kde piechod
z austenitu do martenzitu prechdzi pomoci bezdiftizni transformace, ale zpétnd transfor-

mace je diftizni.

4. Transformace je plné reverzibilni, ¢ili fizova rozhrani pfi transformaci neindukuji Zadné
poruchy (napt. dislokace) v krystalové miizi. To znamend, Ze po transformacnim cyklu

z austenitu do martenzitu a zpét jsou vychozi a koncovy stav materidlu zcela totozZné.

5. Transformace probihd geometricky Cisté smykovym mechanismem, coZ znamend, Ze
transformace neni spojena s Zadnou vyraznou zménou objemu. Ve srovndni s marten-
zitickymi transformacemi v ocelich, kde je objemovd zména pfiblizn€ 3%, objemova
zména v termoelastickych martenzitech je zanedbatelnd (0.32% ve slitiné Cu—Al-Ni,
[26]). Pfimym disledkem smykového charakteru transformace je moznost vzniku kompat-
ibilnich rozhrani mezi austenitem a martenzitem bez produkce dislokaci nebo vrstevnatych

poruch (stacking faults).

6. Transformace probihd nukleaci a ristem, Cili heterogenné v Case i prostoru, a mize vyka-
zovat znacnou teplotni hysterezi. To ukazuje, Ze fazova rozhrani maji svoji povrchovou

energii a dal$i energii disipuji pfi svém pohybu.

Vsechny tyto vlastnosti plati jak pro dopfedné a zpétné transformace mezi austenitem
a martenzitem, tak pro intermedidlni transformace napiiklad mezi riznymi typy martenzitu, ¢i
mezi austenitem a premartenzitem. Stejné vlastnosti (bezdiftiznost, koordinacni vztahy, symetrie,

reverzibilita, smykovy charakter a heterogenita v Case a prostoru) lze pfisoudit také reorientaci



martenzitu pod vnéjSim napétim; v tomto pripade vsak nelze mluvit o martenzitické transformaci,

protoZe zde nedochdzi ke zméné entropie a tim paddem ani ke generovani latentniho tepla.

Tyto podminky také zcela urcuji, jaké typy rozhrani mohou v termoelastickych martenzitech
existovat. Jsou to takova rozhrani, kterd jsou jednak koherentni, tedy umoziluji spojité navazani
sousedicich krystalovych mfiZek, ale zaroven také pohyblivd, tedy jejich pohyb krystalovou
miizi je mozny prostfednictvim smykového mechanismu. Na atomdrni drovni vSak mezi témi
rozhranimi, kterd jsou koherentni a nepohybliva (jako jsou napiiklad ristova dvojCata), a témi
pohyblivymi nelze jednoduse rozliSit. Proto je vyhodné pouZivat k popisu mechaniky termoela-
stickych martenzitti mechaniku kontinua a rozhrani popsat pomoci tzv. podminek kinematické

kompatibility.

1.2 Popis na drovni kontinua

V této Casti budou shrnuty zdkladni pojmy z matematické teorie martenzitickych mikrostruk-
tur. Podrobnéji je tato teorie popsdna napiiklad v ucebnicich [5] a [35], nebo v fadé dnes jiz
klasickych ¢lankt jako jsou [36-38].

V celé této Casti budeme pouZivat kartézsky soufadny systém x k oznaceni referen¢ni kon-
figurace materidlu zaujimajiciho né&jakou omezenou oblast 2 a jiny kartézsky systém y(x) pro
konfiguraci okamzitou (Cili deformovanou). O zobrazeni y : 2 — R budeme predpokladat, Ze
patii do Sobolevova prostoru W1 (Q; R), coZ znamen4, Ze jak toto zobrazeni y(x) a jeho slaba

derivace F = Vy(x) jsou integralnim smyslu omezené.

1.2.1 Charakterizace transformaci pomoci deformacniho gradientu

Slabou derivaci F = Vy(x) lze chdpat jako zobecnény ekvivalent deformacniho gradientu
v bodé x. Pokud je celd oblast €2 v austenitické fazi nebo v jedné z martenzitickych variant,
derivace y existuji ve vSech bodech oblasti a F je pifimo rovna deformacnimu gradientu ve vSech
bodech. Pokud uvnitf oblasti € existuji rozhrani vytvarejici mikrostrukturu, je nutno chapat F
jako deformacni gradient ve slabém smyslu.

Pomoci této veliiny pak lze snadno popsat jak jednotlivé strukturni faze termoelastickych

martenzitd, tak bezdifizni pfechody mezi nimi:

e Deformacni gradienty popisujici austenit - v souladu s vétSinou odborné literatury

budeme brat deformacni gradienty popisujici austenitckou fazi jako

F - QE, (L.1)



kde Q € SO(3) je matice ortogondlni rotace, a E mize byt bud jednotkovd matice I,
pokud je austenitckd faze v bodé x elasticky nedeformovand, nebo je tato matice rovna

odmocnin€ z Greenova tenzoru

E = VFTF, (1.2)

pokud y(x) reprezentuje elasticky deformovany stav. V takovém piipadé lze vztah (1.1)

chépat jako poldrni rozklad deformacniho gradientu F [5].

Deformacni gradienty popisujici martenzit - martenzitické faze budeme charakterizo-
vat pomoci spontanniho deformacniho gradientu F = Vy(x) v nulovém vné&j$im napéti,
pfi¢emZ tento deformaéni gradient nepatii do grupy rotaci SO(3). Piedpokladdme, Ze
v zavislosti na tfidé symetrie mlize material v martenzitu piisluset k n¢kolika riznym vari-

antam, ¢ili téchto spontannich gradientt je vice.

Opét s pouzitim polarni dekompozice miZeme psat pro [ —tou variantu martenzitu
Fr=Q;Uy, (1.3)

kde Q; je matice rotace a U; = VF ITF 7 (odmocnina z Greenova tenzoru) je Bainiiv

tenzor (nebo Bainova matice) I1-té varianty martenzitu. Je zfejmé, Ze
U#U; = F; #F; (1.4)

¢ili rozdilné varianty martenzitu lze charakterizovat rozdilnymi Bainovymi maticemi bez

ohledu na pfidruZenou rotaci.

Oblast 2 se miZe transformovat v rtiznych bodech x do riznych variant martenzitu
(Obr.1.1). Potom je deformacni gradient na této oblasti po ¢astech spojity a na spojitych
podoblastech existuje ve silném smyslu, zatimco pres rozhrani pouze ve slabém smyslu.

~ ~

Obr. 1.1: Refernecni konfigurace (a), transformujici budto do jedné varianty martenzitu (b),

nebo do jejich smési (c). Prejato z [39].

V piipadé, Ze martenzit je déle elasticky deformovan, je tfeba popis ponékud rozsitit. De-

formacni gradienty F = Vy(x) v sobé kombinuji transformacni a elastické slozky, které
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je nutno odseparovat. Uvazujeme-li nejprve, Ze cela oblast ) pfechazi do jediné varianty

martenzitu, 1ze pro jeji deformovanou konfiguraci bez vnéjSiho napé&ti mozno psét

vi(x) =Fx=Q;Urx. (1.5)

Po zahrnuti elastické deformace 7-té varianty z(y) je potom celkovy deforma¢ni gradient

roven
Vyr(x) = Vz(yr)QrUr. (1.6)

Vztah (1.6) Ize aplikovat také na reorientaci martenzitu, tedy na napéfové indukovany

prechod mezi variantami. V takovém piipadé je

Vzr(yr) = F/F7 (1.7)

1.2.2 Relace grupa-podgrupa a efekt tvarové paméti

Spontanni naruseni symetrie austenitcké faze pfi pfechodu do martenzitu muize, za jistych
predpokladii, vést ke vzniku takzvaného jevu tvarové paméti. Pro tento jev je nezbytné, aby
grupa symetrie austenitu byla vzdy podgrupou symetrie martenzitu. V takovém ptipadé lze li-
bovolné martenzitické varianté ptiradit zpétné pravé jednu orientaci referencni konfigurace (tedy

austenitu) a materidl vykazuje tvarovou paméf naznacenou na obrdzku Obr.1.2:

e Nad kritickou teplotou je celd oblast v austenitu F' = 1.

e Po ochlazeni piejde oblast do smési martenzitickych variant tak, Ze celkova zména tvaru je
minimélni (to je tzv. akomodovany martenzit, self-accommodated martensite). Kazdému

bodu oblasti 1ze pfisoudit konkrétni deformacni gradient
F(x) =F;. (1.8)
Pfi aplikaci vnéjs$iho napéti dochézi k reorientaci martenzitu
F(x) = F,F;'Fy, (1.9)

pfi¢emz zanikaji varianty nevyhodné orientované vzhledem k vné&jSimu napéti. Protoze
martenzit nepatii ke stejné grupé symetrie jako austenit (ale k nadgrupé€), méni se pii takové
reorientaci makroskopicky tvar oblasti v deformované konfiguraci, zatimco v referen¢ni

konfiguraci zistiva nezménén.
e Po ohfevu oblast transformuje zpét do austenitu
F(x)=F,'F,F,'F; =1 (1.10)

Prechodem zpét do referencni konfigurace ziskava vzorek svij plivodni tvar, protoZe
vSechny operace souvisejici s reorientaci martenzitu patii v referencni konfiguraci do grupy

symetrie austenitické faze.

11



transition reorientation shape recovery

——— [ —_—
(cooling) 1 TP (stress) — AT (heating)
/ \ T e e TR, T / \
\ I | 1 FAF, 1] EE F. \ | |
{ ] I Eas T ///;7 { ]
EREN s B sEECaErY
G e el
. Py 7 <\<//‘%/ LI 11
austenite self-accommodated reoriented martensite austenite
martensite

Obr. 1.2: Geometricka interpretace jevu tvarové paméti. Piejato z [39].

1.2.3 Cauchy-Bornova hypotéza

Aby bylo mozno prifadit jednotlivym strukturnim fazim spravné deformacni gradienty, je potieba
provazat popis na drovni kontinua s popisem na tirovni atomarni mfize. Toto provazani zajistuje
takzvand Cauchy-Bornova hypotéza [5]. Tato hypotéza fika, Ze pozi¢ni vektory generujici
atomdarni miiZ dané faze (oznaCme je i;) se pii prechodu do jiné faze transformuji podle ten-

zoru deformacniho gradientu, tedy
iitransformované — Fi;efereni‘m’ . (1 . 1 1)

Cauchy-Bornovu hypotézu podporuje fada experimentdlnich pozorovani (viz napf. publikace
uvedené v [40]). Pro termoelastické martenzitické transformace umoznuje tato hypotéza zkon-
struovat Bainovy matice jednotlivych fazi na zdkladé méfeni atomérnich pozic napf. rentgenovou
difrakci. Diky tomu lze popis na drovni kontinua ziskat, aniZ by bylo nutné deformacni gradienty

pro danou slitinu skute¢né makroskopicky méfit.

1.2.4 Podminky kinematické kompatiblity

Na drovni mechaniky kontinua je snadné formulovat podminky, za kterych je rozhrani mezi
dvéma oblastmi s homogennimi deformacnimi gradienty koherentni a zaroven pohyblivé. Tyto
podminky se nazyvaji podminkami kinematické kompatibility a matematicky je lze zapsat

nasledovné [5]:

Nechi Q; a Qj jsou disjunkini podoblasti oblasti Q) takové, Ze Q1 a Qj sousedi pres hlad-
kou hranici s normdlou n(x). Nechi xq je pevny bod lezici v této hranici a F;(x) a F j(x)
Jsou deformacni gradienty v infinitezimdlnich okolich tohoto bodu x( oznacenych wr(xg) C

awj(xg) C Qy. Hranici mezi Qr a Q; pak nazveme kinematicky kompatibilni, pokud
[cof F;(x et X0)|n(x0) = [cof Fj(x 7w Xo)|n(x0) (1.12)
pro kazdé xo € (0 N 00 ), pro které tyto limity existuji.
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Jsou-li deformaéni gradienty v 27 a €2y homogenni, podminka kinematické kompatibility se

Yy s

zjednodussi na
(cofFr)n = (cofF j)n. (1.13)

Pro homogenni deformacni gradienty ma podminka kompatiblity fadu moznych
jednodussich formulaci, které nepozaduji vypocet kofaktori vstupujicich tenzord. Z nich jsou
nejcastéji pouzivané tyto tii:

1. Rank-1 konektivita: rozhrani mezi F; a F'; je kinematicky kompatibilni pokud

rank(F; — Fj) = 1. (1.14)
1

Jadro operdtoru ker(F; — F ;) je potom rovno n-—.

2. Podminka na smykovy vektor: hranice mezi F; a F ; je kinematicky kompatibilini pfes

rovinné rozhrani s normélou n, pokud existuje takovy vektor a € R3, 7e
F;—F;=a®n. (1.15)
Tento vektor a je potom nazyvan smykovym vektorem smykovym vektorem.

3. Podminka na invariantni rovinu : hranice mezi F; a F; je kinematicky kompatibilni

ptes rovinné rozhrani s normdlou n, pokud
F[VZF]V (1-16)
pro kazdé v L n.

Tyto podminky jsou navzdjem zcela ekvivalentni a kazdou z nich 1ze snadno odvodit z (1.13).
Nejcastéji je pouzivdna podminka na smykovy vektor (1.15). Ta se obvykle zapisuje ve tvaru
nepouzivajicim primo deformacni gradienty F, ale Bainovy matice U; ziskané pomoci polarni
dekompozice:

Q;U;—Q,;U;=a®n. (1.17)

Pokud tuto rovnici vynasobime zleva Q?, dostavame
U;—-QU;=a ®n, (1.18)

kde jsme zavedli “¢arkované” veli¢iny jako Q' = Q?Q jaa = Qfa. To ndm umoZznuje

formulovat ¢asto pouZivanou podminku kinematické kompatibility pro Bainovy tenzory Uy:

Oblasti s homogennimi Bainovymi tensory Uy a U j mohou vytvdret kinematicky kompati-
bilni rozhrani pfes rovinu s normdlou n, pokud existuje matice rotace Q' a nenulovy vektor a’

takovy, Ze je splnéna podminka (1.18).
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Poznamenjme jesté, Ze normdla n v rovnicich (1.17) a (1.18) je stejnd, protoZe nasobeni
(1.17) zleva matici Q? ji nijak neovlivni.

Dalsi zjednoduseni podminky kompatibility je moZzné vyloucenim orientace rozhrani n.
Pokud Bainovy tenzory U a U j reprezentuji dvé rizné varianty martenzitu, a tedy se navzdjem
li§1 pouze ortogondlni rotaci nebo jinym prvkem symetrie austenitické faze, plati ndsledujici

tvrzeni [41]:

Martenzitické varianty popsané Bainovymi maticemi U a U j mohou vytvorit kinematicky

kompatibilni rovinné rozhrani tehdy a jen tehdy, kdyZ

det(U]—UJ) =0. (1.19)

Pro Bainovy tensory, které nelze navzdjem provazat takovym prvkem symetrie, tedy
napiiklad pokud jeden z nich reprezentuje austenit a jeden néjakou z variant martenzitu, plati

Vev s

jind, obecnéjsi podminka [41]:

Dvé oblasti s homogennimi Bainovymi tensory Uy a Uy mohou vytvorit kinematicky kom-

patibilni rovinné rozhrani tehdy a jen tehdy, kdy?

det(U;2 —U %) =0. (1.20)

Vsehny tyto podminky maji existencni charakter, tedy neposkytuji zadny postup pro uréeni
smykového vektoru a invariantni roviny ze vztahu (1.17). Jak ukazali Ball a James [36], smykovy

vektor a invariantni rovinu lze ziskat analyzou vlastnich ¢isel matice
C ZU[_IUJQU]_I. (L.21)

Tento postup je relativné komplikovany a jeho detaily spadaji mimo rdmec této prace. Nicméné

jeden teoreticky poznatek z [36] je natolik vyznamny, Ze ho zde explicitné zminime:

Pokud Uy a U; mohou vytvorit kinematicky kompatibilni rozhrani, pak existuji prdvé dvé
FeSeni (Q'1,n1,a]) a (Q'y, ng, a}) takovd, Ze tuto kompatibilitu umoZriuji.
Tento poznatek plati pro libovolnou tfidu symetrie a hraje vyznamnou roli pfi klasifikaci

martenzitickych mikrostruktur.

1.2.5 Martenzitické mikrostruktury

Mohou-li dvé nebo vice martenzitickych variant vytvafet kompatibilni rozhrani, mohou
vytvaret také geometricky pravidelnd usporadani, ve kterych se deformacni gradient periodicky
(pfinejmensim ve statistickém smyslu) méni v prostoru. Takové usporddédni se nazyvaji marten-

zitické mikrostruktury.
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Pro popis téchto mikrostruktur je viditelné¢ nezbytné multiskdlové rozsiteni kontinudlniho
popisu termoelastickych marteniztd, nebot zatimco na trovni jednotlivych komponent
mikrostruktury deformacni gradient osciluje mezi dvéma fixnimi hodnotami, na hrubsi pros-
torové skale 1ze material opét chapat jako homogenni, ovsem s efektivnim deformacnim gradi-

entem M. Je zfejmé, Ze tento deformacni gradient 1ze zapsat jako

N
M=) A\Q/Uy, (1.22)
I=1

kde A; jsou objemové zlomky jednotlivych variant v mikrostruktufe, U; jsou jejich Bainovy
matice a Q7 jsou matice rotaci zajistujicich vzdjemnou kinematickou kompatibilitu.

Otazkou zustava, jestli takto zavedeny deformacni gradient mtze byt chdpan jako slaba
derivace néjaké deformované konfigurace y. Analyzou tohoto problému se zabyv4 matematickd
teorie martenzitickych mikrostruktur zalozena na konceptu Youngovych mér [5, 12,37,42,43].
Pro ucely této prace vsak budeme zjednodusené chiapat deformacni gradient M jako efek-
tivni (zprimérovanou) slabou derivaci pfes celou oblast zahrnujici makroskopicky homogenni

mikrostrukturu.

Sousedi-li dvé varianty martenzitu pfes rovinné kinematicky kompatibilni rozhrani, oznacuji
se tyto varianty vétSinou terminem dvojcata, a rovinné rozhrani mezi nimi je potom nazyvano
rovinou dvojcaténi nebo dvojcatovym rozhranim.

Pro systémy dvojcaténi je vétSinou pouzivana ndsledujici kategorizace [44]:

¢ Dvojcata typu Compound jsou tvorena takovou dvojici variant, Ze normala k rozhrani
n stejné jako smykovy vektor a jsou v referencni konfiguraci rovnobézné s nékterym

z miizkovych vektort austenitu.

e Dvojcata typu I jsou tvorena takovou dvojici variant, Ze pouze normdla k rozhrani n je
v referencni konfiguraci rovnobéznd s miizkovym vektorem, zatimco smykovy vektor a

nikoliv.

e Type-II twins jsou tvorena takovou dvojici variant, Ze pouze smykovy vektor a je v ref-
erencni konfiguraci rovnobézny s miizkovym vektorem, zatimco normadla k rozhrani n

nikoliv.

e Nekonvencni dvojcata jsou tvofena takovou dvojici variant, Ze ani normala k rozhrani n
ani smykovy vektor a nejsou v referencni konfiguraci rovnobézné s Zddnym miiZkovym

vektorem.

Kazdy z téchto dvojcatovych systémi miize byt zakladni stavebni jednotkou martenzitické
mikrostruktury. Pokud jsou v mikrostruktufe obsazeny pouze dvé varianty, pak ma mikrostruk-
tura vétSinou formu lamindtu prvniho rddu, Cili skldda se z navzdjem rovnobéZnych, period-

icky se stfidajicich vrstev téchto dvou variant, navzdjem propojenych dvojcatovymi rozhranimi.
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Obr. 1.3: Piiklady uspofddanych martenzitickych mikrostruktur vyssich fdda: (a) Dva kompat-
ibilné& se kiiZici lamindty prvniho fddu (A — A" a A — B). (b) Laminét druhého ¥4du. (c) Hier-
archicka struktura, sklddajici se z lamindtu druhého fadu kompatibilné se kiiZictho s lamindtem

fadu prvniho. Prejato z [39].

Takové mikrostruktury byly opakované experimentalné pozorovany prakticky ve vSech zndmych
termoelastickych martenzitech.

Efektivni (makroskopicky) deformacéni gradient laminatu prvniho fadu sloZzeného z vrstev
variant I a J o stfidajicich se tlousikdch dy a d s Ize zapsat jako

dy dj
M = F;+
dr+d; " dr+dy

F; = \F;+ (1- \Fy, (1.23)

kde A = d;/(d; + dj) je objemovy zlomek varianty I v lamindtu. Takovd mikrostruktura je

viditeln€ plné kinematicky kompatibilni pro libovolné A.

Stejnym algoritmem, jakym byl z jednotlivich martenzitickych variant vytvofen laminat
prvniho fadu, 1ze z dvojice laminatd prvniho fadu vytvofit laminét fadu druhého (Obr.1.3(b))
nebo mikrostrukturu sloZenou ze dvou vzdjemné se kompatibilné kiizicich laminatd prvniho
fadu (Obr.1.3(a)). Opakovanim této operace pak ziskdvame sloZzité, hierarchicky usporddané
mikrostruktury Obr.1.3(c), jejichZz popis pomoci klasické krystalografie by byl t€émétf nemozny
— na urovni mechaniky kontinua je vSak dale moZno pouzivat koncept deformacnich gradientd
a prenést vySe uvedenou kategorizaci rovnéZ na makro-dvojcatova rozhrani a na rozhrani mezi

laminaty vyssich fadt. To ukazuje, jak efektivni je vyuZziti Cauchy-Bornovy hypotézy pro teoret-

icky popis termoelastickych martenziti.

1.3 Zaklady termodynamiky termoelastickych martenzita

UvaZujme nyni polymorfni materidl schopny existovat ve dvou riznych strukturnich fézich,
pricemz za danych vnéjSich podminek (teplota, mechanické napéti, magnetické pole) zaujima
tento materidl vzdy tu konfiguraci, kterd je energeticky vyhodnéjsi. Za nulového vnéjsiho zatizeni
a bez vnéjsiho magnetického pole existuje teplota, pii které jsou si energie (tj. vhodné termody-
namické potencidly) obou fazi rovny, tuto teplotu nazveme transformacni teplotou nebo kritickou

teplotou.
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Pti nulovém vnéjSim zatiZeni je vhodnym termodynamickym potencidlem pro popis chovani
termoelastickych martenzit hustota Helmholtzovy volnd energie F. Pro tuto energii musi platit

pro kazdou fazi stabilni za dané teploty 7' podminky stablity
dF(T,e;j) =0 a d*F(T,e;y) > 0. (1.24)

Z toho vyplyva, Ze v blizkosti transformacni teploty musi volna energie mit vice neZ jedno
minimum. Jedno odpovida austenitu (e;; = 0), a dals$i martenzitckym variantdm (e;; = e;‘j, kde
e;; znaci takzvany transformacni strain'). Takto nekonvexni hustota energie se v anglické ter-
minologii oznacuje terminem multi-well. V Cestiné ekvivalentni termin neni, jako jeho nahradu
lze pouZivat naptf. termin multikonvexni, naznacujici, Ze hustota energie méd v jedné ze svych
proménnych vice navzdjem disjunktnich konvexnich oblasti.

Na dané teploté T pak o transformaci bez vnéjsiho zatiZeni rozhoduje, zda

F(1v,0) > F(To, ej;), nebo  F(Tp,0) = F(To,ej;), mnebo  F(Tp,0) < F(To,ej;),
(1.25)

¢ili rozhoduje hloubka jednotlivych minim hustoty energie.

V piipadé napéfové indukovanych transformaci v termoelastickych martenzitech a slitindch

s tvarovou paméti [45-49] je Casto vhodné&jsi pouzit hustotu Gibbsovy volné energie G,
Q(T, Eij) = .F — Uijeij, (1.26)

coz je Legendrova transformace F. Poté Ize psat obdobné podminky pro kritickou vnucenou

deformaci, napiiklad
G(Tv, C{?kzekl) > g(TOvC%cl(ekl_ell;l))’ nebo g(TmC{?‘kl@kl) = G(To, C%cz(@kl—eil))a

nebo  G(Ty, Ciper) < G(To, Chii(er — €y)), (1.27)

kde C’gkl a C%l jsou tenzory elastickych konstant austenitu a martenzitu. V piipadé kom-
binovaného (teplotniho i mechanického) naméhani, lze pouzit oba vySe zminéné potencidly;
porovnani obou postupid leze nalézt napt. v [13]. Ve vétsiné praci tykajicich se termoela-
stickych martenzitd na drovni monokrystalu v§ak pfevazuje popis pomoci Helmoltzovy volné

energie [36,37,43],

Jako transformace prvniho druhu je termoelastickd martenzitickd transformace spojena se

skokovou zménou entropie. Pomoci Helmoltzovy volné energie je entropie vyjadritelnd jako

OF
S(T,ei) = — <8T> . (1.28)

J

'Bohuzel zde neexistuje vhodny ekvivalent v Geské terminologii - spravny pieklad, transformacni pretvoreni, se

v komunité zabyvajici se funkénimi materidly nepouZzivd.
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Obr. 1.4: Jednodimenziondlni model chovani termoelastickych martenziti: (a) na kritické
teploté, kde maji vSechny potencidlové jamy stejnou hloubku, (b) pod teplotou Ts, (c) nad

teplotou 7'4. Pfejato z [39].

Pokud tedy predpokldddame, Ze v blizkosti transformacni teploty se s klesajici teplotou zacind
preferovat martenzit, tedy klesa energie piislusejici martenzitickému minimu, dochdzi pfi trans-
formaci k produkci entropie

S(T,0) — S(T,el;) > 0. (1.29)

Koncept multikonvexni volné energie muze byt vyuZit ke konstrukcim jednoduchych
(vétsinou jednodimenziondlnich) modelti chovéni termoelastickych martenziti. Takové mod-
ely jsou v literatuie Casto vyuzivany k ilustraci zdkladnich vlastnosti téchto materiald [5, 25,40,
50,51] nebo kinematiky fazovych pfechodt [52-57].

Vsechny tyto modely vychézeji z predpokladu, Ze v jisté blizkosti transformacni teploty jsou
na kiivce volné energie pfitomna minima odpovidajici obéma fazim, zatimco déle pod trans-
formacni teplotou se martenzitickd minima stdvaji dominantnimi a austenitické minimum zcela
zanik4, a obrdcené, jak je naznaCeno na obrdzku Obr.1.4.

Takovéto jednoduché modely modou ¢astenéné vysvétlit fadu experimentalné pozorovanych
jevi, jako je napfiklad vznik jemnych zdvojcatélych struktur pfi transformaci z austenitu do
martenzitu, nebo teplotni hysterezi, jak je naznaceno na obrazku 1.5: Predpokladejme, Ze na
transformacn{ teploté, kde jsou minima piisluSejici obéma fazim stejné hluboka, nemtize k trans-
formaci dojit, protoZe je mezi minimy pfili§ vysokd bariéra, kterou systém nedokaZe prekonat
pomoci tepelnych fluktuaci [52,53]. S dal$im sniZovanim teploty minimum odpovidajici austen-
itu zanikd a s timto zanikem se sniZuji i bariéry. Na néjaké teploté, oznacme ji Ts (Obr.1.5(a)),
bariéra zanika nebo ji jiz systém je schopen piekonat a mize prechdzet do martenzitckych minim.
Z divodu symetrie vsak jednotlivé body materidlu pfechdzeji do riznych martenzitickych minim,
¢ili vznikd jemna struktura s vyslednym nulovym efektivnim transforma¢nim strainem. Tato
mikrostruktura pak pfi ohfevu zistava stabilni tak dlouho, dokud se dominantnim minimem nes-
tane minimum piisluSejici austenitu a bariéry branici materidlu v ndvratu do tohoto minima nej-

sou prekonatelné nebo nezaniknou. Takovou teplotu ozna¢ime 74 (Obr.1.5(b)). V disledku toho
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Obr. 1.5: Teplotni hystereze v jednodimenziondlnim modelu. (a) Vznik zdvojcatélé struktury
na teploté T, (b) ndvrat do austenitu na teploté 7’4, (c) vyslednd hysterezni smycka. Prejato
z [39].

se materidl chovd hysterezné a vykazuje jisty rozsah teplot, pfi kterych mizZe existovat v obou
strukturnich fazich.

Ve skuteénych monokrystalech termoelastickych martenziti vSak transformace pfi teplotnim
cyklu probihaji podstatné sloZitéjsim zptisobem, neZ jak naznacuje vySe uvedeny jednodimen-
zionélni model. Predevsim k transformaci nedochdzi na konkrétni teploté, ale v celém teplotnim
intervalu. Diky formovani mikrostruktur a jejich pohybu vznik4 v materidlu nehomogenni pole
elastickych napjatosti a na nukleaci a rist novych fazi jsou kladena dalsi geometrickd omezeni. V
dusledku toho a v diisledku pfitomnosti defektl a jinych nehomogenit v krystalech 1ze kazdému

materidlu pfisoudit ¢tvefici transformacnich teplot [4, 5]:

e Martensite start (1/;) - teplota, pfi které se pri chlazeni v austenitu objevuji prvni zarodky

martenzitu.

e Martensite finish(\/;) - teplota, pfi které pii chlazeni v martenzitu zanikaji oblasti austen-

itické faze.

e Austenite start(A;) - teplota, pfi které se pfi ohfevu objevuji prvni oblasti austenitické

faze.

¢ Austenite finish(A ) - teplota, pfi které pii ohfevu zanikaji posledni ¢4stice martenzitu.

Vztdhenme-li tyto teploty k teplotdm odpovidajicim zdniku austenitickych a martenzitickych

minim a bariér mezi nimi, musi zjevné platit

kde T je kriticka teplota, pfi které jsou hloubky minim navzajem rovné.
Samotna hystereze je pak u skuteCnych krystalti termoelastickych martenziti Gzce spjata
s disipaci energie, formovanim mikrostruktur a jejich pohybem. Aby bylo moZno termody-

namiku téchto materidli rozsitit pravé o tyto efekty, je potfeba studovat do detaild morfologii,
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mechanismy ristu a pohybu a pohyblivost mikrostruktur. Pfiklady takovych analyz jsou uvedeny

v nasledujicich tfech kapitolach ve formach komentovanych soubort ¢lankii.
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Rozhranové mikrostruktury ve slitiné CuAINi

Slitina CuAlINi je slitinou s tvarovou paméti vykazujici Cisté termoelastickou martenzitickou
transformaci mezi kubickou austenitickou fazi a ortorhombickou fazi 2H martenzitu. (Oznaceni
2H plyne z toho, Ze martenziticka struktura vykazuje pravidelnou modulaci na hexagondlnich
rovindch s periodou dvou meziatomdrnich vzdalenosti. Diky symetri¢nosti této modulacni
sekvence je martenzit efektivné ortorhombicky.)

Diky snadné pfipravé a dobre definovanym vlastnostem je CuAINi jednou z teoreticky nej-
studovanéjsich slitin v literatufe. Diky tomu jsou podrobné zndmy Bainovy matice, dvojcatové
systémy a souvisejici smykové vektory. V CuAINi mohou existovat tfi dvojcatové systémy:
Compound, Typ 1 a Typ 2. Zatimco pro dvojCata Typu 1 a 2 mohou vytvofit jemné lamindty
prvniho fadu kinematicky kompatibilni s austenitem (tedy schopné vytvofit takzvanou rovinu
habitu), zadny laminat dvojcat typu Compound toho schopen neni, stejné jako toho neni schopna

monovarianta 2H martenzitu. Proto v této slitiné musi kazd4 fdzova transformace probihat mezi

austenitem a jemnym laminatem Typu 1 nebo 2.

Diky nemoZnosti tvorby kinematicky kompatibilniho rozhrani mezi austenitem a mono-
varaintou martenzitu dochazi ve slitiné CuAlNi1 snadno k takzvanému efektu mechanické sta-

bilizace. Tento efekt je schématicky naznacen na obrdzku Obr.2.1:

(a) Pri Cisté teplotné fizeném transformacnim cyklu se austenit pfi ochlazeni transformuje
na zdvojcatély martenzit, ktery je tvofen jemnymi laminaty prvniho fadu dvojcat Typu 1
nebo 2. Tento lamindt je schopen vytvéfet kompatibilni rozhrani s austenitem. Proto se
pfi ohfevu mohou znovu vytvofit kompatibilni rozhrani a zdvoj¢atély martenzit se trans-
formuje do austenitu bez nutnosti zmén v mikrostruktuie. Vysledkem je relativné mala

teplotni hystereze.

(b) Pokud vSak je po transformaci martenzit reorientovdn vnéj$im mechanickym zatiZenim,
takZe vznikd monovariana, je martenzit mechanicky stabilizovan - monovarianta nemutze
vytvorit kinematicky kompatibilni rozhrani s austenitem, a proto musi vzniknout tzv.
rozhrariovd mikrostruktura, kterd umoZiluje navazat monovaraintu martenzitu kinematicky

kompatibilné na zdrodky austenitu. Vznik této mikrostruktury i jeji ndsledovny pohyb
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Obr. 2.1: Mechanicka stabilizace martenzitu ve slitiné CuAINi: (a) Cisté tepelny cyklus bez me-
chanické stabilizace; (b) mechanicka stabilizace reorientaci tepelné indukovaného martenzitu;

(c) mechanick4 stabilizace nap&fové indukovaného martenzitu. Prejato z [23].

krystalem jsou energeticky velmi ndro¢né, to vyrazné zvySuje nukleacni bariéru a posouva

transformacni teploty vzhuru.

(b) Stejny efekt lze pozorovat i v piipadé, Ze monovarianta martenzitu byla vytvofena me-
chanickym zatiZenim austenitické faze pod teplou A a zdroven probéhla transformace
v celém objemu krystalu, tedy materidl po odlehfené neobsahuje zdrodky austenitu.
Opét dochazi k posuvu transformacnich teplot vzhiru v disledku nezbytnosti vzniku

rozhratiovych mikrostruktur.

V nésledujicich Cétyfech publikacich jsou diskutovany rizné aspekty rozhratiovych
mikrostruktur v monokrystalech CuAINi. Nejprve je provedena analyza kinematické kompatibil-
ity dvou nejcastéji pozorovanych morfologii, konkrétné takzvanych rozhrani typu X a A v pod-
kapitolach 2.1 a 2.2, v kaZzdé z nich je navic energie elastické napjatosti nezbytné pro vytvoreni

dané mikrostruktury vypoctena metodou konecnych prvki. V podkapitole 2.3 je zdokumen-
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tovdno experimentdlni pozorovani slozitéjsiho typu rozhraniové mikrostruktury zahrnujiciho
takzvand neklasickd rozhrani. V podkapitole 2.4 je potom feSena otdzka nukleace martenzitu

v mechanicky stabilizovaném martenzitu.
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2.1 Publikace Rozhrariové mikrostruktury v martenzitickych transfor-

macich: od optickych pozorovdni k matematickému modelovdni.

Bibliograficka citace:

Struéna anotace:

Prispévek habilitanta:

Seiner, H., Glatz, O., Landa, M. Interfacial microstructures in marten-
sitic transitions: From optical observations to mathematical modeling
(2009) International Journal for Multiscale Computational Engineer-
ing, 7 (5), pp. 445-456.

V této publikaci je analyzovdna rozhranovd mikrostruktura typu X
tvofend dvojici rovin habitu a dvojici dvojcatovych rozhrani. Je
popsana experimentdlni procedura piipravy téchto rozhrani a je-
jich pozorovani optickou mikroskopii. Nésledné je konstruovin
konecnéprvkovy model mikrostruktury za ucelem nalezeni rozloZeni
elastické napjatosti v mikrostruktufe a vycisleni souvisejici hodnoty
elastické energie. Je ukdzano, Ze mikrostruktura typu X neni ani
lokalnim minimalizatorem energie ve smyslu klasické teorie martenzi-
tickych mikrostruktur [38] a jeji vznik tedy musi byt fizen kinematikou

a disipacnimi procesy.

Veskeré experimentdlni vysledky prezentované v publikaci byly
ziskdny habilitantem, ktery rovnéZ provedl analyzu kompatibility
mikrostruktury a vypocet elasticity zdvojcatélé struktury pomoci ho-
mogenizaniho schématu. Konecnéprvkové vypocty byly provedeny
studentem Ondfejem Glatzem v rdmci jeho diplomové price ve-
dené habilitantem, pouzité elastické konstanty jednotlivych fazi byly

ziskadny ve spolupréci s M. Landou.
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ABSTRACT

We present a construction of a mathematical model of an interfacial microstructure (i.e., mi-
crostructure forming at the phase interface between austenite and martensite) in a single
crystal of Cu-Al-Ni shape memory alloy. In the first part of the article, the experiment is
briefly outlined and the compatibility of the experimentally observed microstructures is ana-
lyzed, showing that the observed X -interfaces cannot be compatible without the presence of
elastic strains. Then, the elastic strains in the microstructure are evaluated by finite element
method, whereby the elastic coefficients of finely microstructured regions are obtained by ho-
mogenization. The significant influence of the choice of the geometry on the numerical results
is shown and discussed.
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1. INTRODUCTION

All the unique thermomechanical properties of
shape memory alloys (SMAs), such as the shape
memory effect, superelasticity, or pseudoplastic-
ity, are commonly known to result from reversible
martensitic transitions taking place in these materi-
als under proper mechanical and/or thermal load-
ing [1]. Similarly, most of these effects would be im-
possible without the ability of the low-temperature
(martensitic) phases of SMAs to form geometri-
cally ordered mixtures of different variants, i.e., of
martensites rotated variously with respect to the
parent (high-temperature, austenitic) crystal lattice.
These mixtures are usually called martensitic mi-
crostructures [2], and their existence is enabled by
reversible twinning of martensite (we will refer to
them further in text as twinned structures or simply
twins). According to the theory developed by Ball
and James (see [3, 4]), the observed domain {2 of an
SMA single crystal always forms such microstruc-
ture that the entire free energy

@ [ o(vy(x). 1)V M

Q

is minimal for given boundary conditions at 0.
Here, x denotes the reference configuration (which
is usually chosen identically with the unrotated
austenite phase), y is the deformed configuration,
T is temperature, and ¢ is the multiwell free-energy
density. In a stress-free state, this energy density has
equivalently deep minima in the deformation gradi-
ents Vy(x), corresponding to all particular variants
of martensite, and one minimum in Vy(x) € SO(3)
(i.e., for austenite), which can be either deeper (at T’
higher than some critical temperature) or have the
same or lower depth than the martensitic wells (at
the critical temperature and below it). For most of
the boundary conditions, the minimizer of (1) can-
not be directly obtained, but the minimum (or in-
fimum) can be approached by construction of mini-
mizing sequences, which is an equivalent of fine mi-
crostructuring in the real material (for more details,
see, e.g., [5]). The most usually observed homoge-
neous microstructure (the first-order laminate con-
sisting of two variants of martensite forming par-
allel lamina of alternate thicknesses) corresponds
to the simplest possible minimizing sequence for a
wide range of boundary conditions [6].

SEINER, GLATZ, AND LANDA

The concept of microstructures as minimizing
sequences of (1) has successfully explained many
features observed in real single crystals of SMAs—
above all, the formation of fine laminates at pla-
nar austenite-to-martensite interfaces, called habit
planes. There are, however, few cases where this the-
ory is not able to predict exactly what microstruc-
ture will form and how it will develop in time under
given external mechanic and thermal loadings. Or,
in other words, under some special mechanic and
thermal loadings, microstructures can develop that
do not minimize (1) for prescribed boundary con-
ditions. An apparent example of such a case is the
shape recovery process (i.e., the thermally induced
transition from a mechanically stabilized martensite
[7] to austenite) of Cu-Al-Ni single crystals, recently
reported in [8]. In this case, the transition front has
a form of the so-called X-interface (microstructure
first documented in the In-Th alloy by Basinski and
Christian [9]). As shown by Ruddock [10] for the In-
Th system (and as it will be shown for Cu-Al-Ni in
this article), this microstructure cannot achieve com-
patibility without elastic strains and thus cannot be
an energy minimizer of (1) at the transition tempera-
ture for the free boundary conditions. However, the
X-interfaces observed by the authors of [8] in Cu-
Al-Ni were pretty stable in a whole range of tem-
peratures and did not exhibit any tendency to get
rebuilt into true energy minimizers. A similar situa-
tion appears for so-called wedge microstructures of-
ten observed during thermally induced transitions
from austenite to self-accommodated martensite. In
[11], the authors have given a detailed analysis of
this microstructure, showing again that the compat-
ibility can be attained only by the presence of elastic
strains.

This article aims to discuss the X-interfaces in
Cu-Al-Ni single crystals reported in [8], with a focus
on determination of the elastic strain fields enabling
such microstructure to achieve compatibility. This
includes a detailed analysis of the experimentally
observed microstructures, construction of a numer-
ical model such that it copies the real geometry in
an optimal way (although some simplifications are
necessary), and solution of the resulting elasticity
problem. In general, the mathematical modeling of
martensitic microstructure is always a strongly mul-
tiscale problem [12], as the deformed configuration
y can be always decomposed as follows:

y(X) = (yelast o ytrans)(x) (2)
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INTERFACIAL MICROSTRUCTURES IN MARTENSITIC TRANSITIONS

where the elastic strains (given by mapping yelast)
are incomparably smaller than the transformation
strains (mapping Yirans), i-e., strains given by the
martensitic transition itself. In this article (analo-
gously to [11]), we suppress the multiscale charac-
ter of this problem by taking the mapping ytrans
directly from the experimental observations, in-
stead of from the condition of minimality of (1).
Then, the strain fields are determined as minimiz-
ers of (1) for given ygans. Such an optimization
problem is incomparably simpler than the solution
of models capturing fully the constitutive behav-
ior of the material [13-16]. On the other hand,
the multiscale character cannot be fully avoided,
as the analyzed microstructures include different
length scales: They consist of finely twinned re-
gions, which must be homogenized (both in their
deformation gradients Vyirans and in their elastic
properties) prior to their own numerical treatments.

2. EXPERIMENT
2.1 Examined Material

The Cu-Al-Ni alloy used in the experiments re-
ported in [8] and in this article is a shape memory al-
loy undergoing a cubic-to-orthorhombic transition
(for more details, see, e.g., [17], and the extensive
list of references therein; for a comprehensice sum-
mary of microstructures forming in single crystals
of this alloy, see [18]). For this kind of transition,
the austenite phase can transform into six different
variants of martensite. We will denote these vari-
ants in this article by arabic numbers 1 to 6, and use
the same numbering as in [19], where, also, the Bain
matrices U; ¢ for these variants can be found. As
none of these variants can form a compatible inter-
face with austenite (i.e., the compatibility equation
(3, 4])

rank (QU; —I) =1 3

cannot be fulfilled for any 7 and any Q € SO(3)), all
the phase interfaces in this alloy can exist only be-
tween austenite and a twinned structure of marten-
site. According to [2], the martensitic phase of this
alloy can form twins in three different twinning sys-
tems. These are the compound twins, where the twin-
ning plane is a plane of mirror symmetry between
the two involved variants, and type I and type II
twins, where it is not. Another difference between
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these twinning systems is that whereas the fine lam-
inates of type I and type II twins can form compat-
ible interfaces with austenite (i.e., there exist matri-
ces Q4 € SO(3) and Qp € SO(3) and a scalar pa-
rameter A such that

I‘ankO\QAUA—I—(l—}\)QBUB—I):l (4)

where A and B is a pair of variants able to form type
I or type II twins), the laminates of compound twins
cannot. For this reason, any transition from a single
variant of martensite into austenite cannot proceed
without formation of laminates of type I or type II
twins at the transition front, i.e., without formation
of the so-called interfacial microstructures (see [8] for
a more exact definition).

For completeness, we will list here also the tran-
sition temperatures as determined for the examined
material by DSC measurements: The martensite
start temperature was Mg = —5°C, the martensite
finish temperature was Mp = —22°C, the austenite
start temperature was Ag = 26°C, and the austenite
finish temperature was Ap = 52°C.

2.2 Experimental Procedure

The X-interfaces in Cu-Al-Ni single crystals were
prepared by the following experimental procedure
(for more details, see [8]). A specimen (15 mm long
and 5 x 5 mm thick prismatic bar of single crys-
tal of austenite oriented along the [001] direction)
was uniaxially compressed until it transformed into
mechanically stabilized 2H martensite. Due to the
mechanical stabilization (i.e., the inability of the ob-
tained martensite to form directly compatible inter-
faces with austenite), the specimen did not return
to austenite after the loading was removed, but re-
mained in martensite even when it was heated over
the Ag temperature. The obtained martensitic bar
was a single variant of martensite including a negli-
gible (less than 5%) volume fraction of another vari-
ant in the form of thin plates running through the
specimen and forming compound twins with the
major variant. In one corner of the specimen, a
small nucleus of the austenite phase was induced by
strong localized heating (using a gas lighter). Then,
the whole specimen was heated by being immersed
into a warm (60°C) water bath, which induced a
growth of austenite from the nucleus. As soon as the
transition front reached approximately the middle
of the specimen, the specimen was removed from
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the bath and cleaned and was cooled down by ethyl
alcohol. The formed microstructure (stable at room
temperature) was observed by optical microscopy.

Repeatedly, the transition front was arranged
as shown in Fig. 1, forming the so-called X-
interface, consisting of two mutually intersecting
habit planes separating austenite from twinned re-
gions of martensite and another pair of mutually
intersecting interfaces separating these twinned re-
gions from the original stabilized martensite. The
interfaces between the twinned regions and the
original stabilized martensite were parallel (or very
close to parallel) to the twinning planes seen inside
the twinned regions. The whole X-interface was
mirror symmetric about the (110) plane in austen-
ite.

2.3 Compatibility Analysis

Schematically, the geometry of the X-interface is
sketched in Fig. 2. For simplicity, we will assume the
stabilized martensite to be a single variant.! Under
such an assumption, the microstructure consists of
austenite and three variants of martensite only (de-
noted A, B, and C in Fig. 2). To analyze the com-
patibility, the particular variants of martensite and
twinning systems appearing in the microstructure
were identified. Optical micrographs of all faces of
the specimen were taken, and the angles between
the habit planes, twinning planes, and the edges of
the specimen were measured. A script written in
MATLAB was used to compute orientations of habit
planes and twinning planes of all possible combi-
nations of variants able to form X-interfaces, and
to find which of these combinations fits the opti-
cal micrographs optimally. By this script, the twin-
ning systems observed in the microstructure were
identified as type II twinning planes of 2H marten-
site. The involved variants identified by this script
were no. 4 and no. 6, forming one type II lami-
nate, and no. 2 and no. 6, forming the second one.
This induced that the stabilized martensite (i.e., the
variant involved in both laminates) must be no. 6,
which was verified by X-ray measurements (Laue
method).

I As shown in [8] by a numerical example, the negligible
amount of compound twins in the real specimen does not
have any measurable effect on the orientation of the habit
planes, etc.
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FIGURE 1. Optical micrograph of the X-interface in
Cu-Al-Ni

twinned martensite
(variants Aand B)
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[001], martensite
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austenite

twinned martensite
(variants Aand C)

FIGURE 2. Geometry of the X-interfaces observed in
Cu-Al-Ni single crystals

For general analysis of the compatibility of the
microstructure, we will return to the notation intro-
duced in Fig. 2 (now A ~no. 6, B ~no. 4, and C ~
no. 2). The variants A and B form a laminate of
type II twins, which borders on the austenite over
a habit plane (let us denote a normal vector to this
plane by n) and pure variant A over the A-B type Il
twinning plane. Similarly, variant A forms a type II
laminate with variant C, and this laminate borders
over another habit plane (normal vector orientation
n) on the austenite, and over the A-C' type II twin-
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ning plane on pure variant A. For U4, Up, and U¢
being the Bain tensors of particular variants b and
b being the shearing vectors corresponding to tran-
sitions at habit planes with normals n and n, and A
and A being the volume fractions of variant A in the
two considered laminates, we can write the compat-
ibility equations at both habit planes as

I-(AQaU4+(1-A)QpUp)=ben (5
- (XQAUA +(1- X)QCUC) —bon (6

where Q4, Qp, Q 4, and Q¢ are rotations between
austenite and particular variants of martensite in-
volved in the microstructure. Simultaneously, the
compatibility conditions must be fulfilled at the
type II twinning planes, i.e., there must exist such
shearing vectors a and a such that

QuUs-QpUp=a®@m (7)

QaUs - QcUc=a@m (8)
where m and m are unit normals to the A-B and
A-C twinning planes.

Two general conditions can be formulated, un-
der which the whole microstructure is compatible
without elastic strains. The first condition is that the
pure variant A in the stabilized region must be ro-
tated with respect to austenite equivalently as in the
laminates since it borders an the variants B and C
over the A-B and B-C twinning planes. This di-
rectly induces that Q 4 = Q4. However, as it can
be easily checked numerically, this condition is not
satisfied for our material. For the lattice parameters
taken from [18], we can calculate the difference be-
tween these two rotations Qle 4 =G TQu (the all
rotation matrices in (5) and (6) as well as the volume
fractions can be obtained by algorithms described in
[3, 4]). In a quaternion representation, the difference
Q" Q. equals a rotation by 6.6° around a direction
close to [773] in austenite.

The second condition is that the habit planes and
the twinned-to-detwinned interfaces must intersect
in the same line, i.e.,

(n > A)[[(m x ) ©)

(providing that the twinned-to-detwinned inter-
faces are exactly equal to the twinning planes).
Again, this condition cannot be fulfilled for the ex-
amined Cu-Al-Ni alloy. The difference between
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n x i and m x m determined numerically for the lat-
tice parameters taken from [18] is 2.2°. The incom-
patibility of the X-interface can be also illustrated
by the difference between vectors m x n and m x i,
which is, for the same lattice parameters, equal to
7.2°.

If the twinned-to-detwinned interfaces are de-
clined from the orientation of the corresponding
type II twinning planes, condition (9) can be ful-
filled, but in such case, the presence of elastic
strains is necessary to ensure compatibility along
the twinned-to-detwinned interfaces.

3. MATHEMATICAL MODELING

The revealed difference from compatibility must be
compensated by the presence of elastic strains. In
this section, we will try to determine these strain
fields by the finite element method (FEM). Unlike
in most FEM models of SMAs [20, 21], the elements
used in this case do not have to incorporate the con-
stitutive behavior of the material, and thus common
FEM solvers can be used.

3.1 Simplified Geometry Used in the Model

As mentioned in the introduction, the FEM model of
the interfacial microstructure cannot be constructed
for exactly the geometry obtained from the experi-
ments, and some simplifications are necessary. The
reason is that the difference between n x i1 and
m X m (i.e., between the intersection of the habit
planes and the type II twinning planes) is compara-
ble to the accuracy with which the real angles from
the optical micrographs are determined, so the exact
orientation of the crossing line is unknown. More-
over, there is no physical justification for the as-
sumption that the twinned-to-detwinned interfaces
are exactly planar.

One possible way to solve this problem is to
parametrize the orientations (and possibly also the
shapes [22]) of all interfaces to find which geome-
try results in minimal energy (1). However, as the
X-interface analyzed in this article is a priori not an
energy minimizer of (1), such an approach would be
completely unjustified. Instead, we decided to eval-
uate the elastic strain fields for four different simpli-
fied geometries (SG). These are (c is always a unit
vector determining the direction of the crossing line)
as follows:
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SG 1: where the crossing line lies in the inter-
section of the habit planes (i.e., c = n x 1), and
the planar twinned-to-detwinned interfaces are
chosen as such planes containing c that the de-
clinations of the normal vectors to these planes
from m and m are minimal. In this case, the
compatibility conditions at the habit planes (5)
and (6) are fulfilled, but not at the twinned-to-
detwinned interfaces, where the elastic strains
must ensure the compatibility.

SG 2: where the crossing line lies in the inter-
section of the type II twinning planes (i.e., ¢ =
m x ), and the planar twinned-to-austenite in-
terfaces are chosen as such planes containing c
that the declinations of the normal vectors to
these planes from n and n are minimal. Here
the compatibility conditions at the twinned-to-
detwinned interfaces are identical to (7) and (8)
and are fulfilled, whereas the compatibility at
the twinned-to-austenite interfaces (which are
slightly declined from the habit planes deter-
mined by conditions (5) and (6)) must be en-
abled by the presence of elastic strains.

I SG#2 :

!
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e SG 3: where the crossing line lies in the in-

tersection of one habit plane and one type II
twinning plane (i.e., ¢ = n X m), and the re-
maining twinned-to-austenite and twinned-to-
detwinned interfaces are chosen as such planes
containing c that the declinations of the normal
vectors to these planes from i and m are mini-
mal. In this case, only conditions (5) and (7) are
fulfilled, so the region with the A-B laminate is
compatibly connected to both austenite and the
stabilized martensite.

SG 4: is mirror symmetric to SG 3 (ie, c =
n x m) with the region with the A-C laminate
compatibly connected to both austenite and the
stabilized martensite.

The real geometry of the microstructure can be ex-
pected to be somewhere between the simplified ge-
ometries SG 1+-4.

The simplified geometries are shown in Fig. 3.

For parametrization of the location of the crossing
line in each geometry, the distance of the intersec-
tion of the crossing line with the chosen face from a

SG#3

| SG#1

FIGURE 3. Simplified geometries SG 1 to SG 4. Filled (shaded) planes are always those compatible without elastic
strains, planes outlined by the dashed lines are compatible only due to elastic strains. The first scheme shows the
orientation of unit vectors m, n, i and i, and the choice of .. Parametrization by d, is shown for each geometry
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chosen edge of the specimen was used. For this dis-
tance, denoted by d,, the dimensionless ratio d, /L,
(where L, is the width of the chosen face in austen-
ite; see Fig. 3) has the following sense: The geome-
tries SG 1 and SG 2 are symmetric for d, /L, = 1/2,
the geometry SG 3 is fully compatible ford, /L, = 1,
and SG 4 is fully compatible for d,./L, = 0.

3.2 Elasticity of Pure and Twinned Regions

To evaluate the elastic stress and strain fields in the
X-interface of known geometry, the elastic coeffi-
cients of all materials contained in the microstruc-
ture must be known. For austenite and stabilized
martensite (single variant), the elastic coefficients
can be found in [19], where the methodology of how
these coefficients were determined from ultrasonic
measurements is also described in details. Austenite
exhibits cubic elastic anisotropy, which means that
it can be fully described by three independent elas-
tic coefficients. A single variant of martensite is or-
thorhombic; for this class of symmetry, the number
of independent elastic coefficients is nine (e.g., [23]).

Theoretically, the coefficients for austenite and
a single variant of martensite would be sufficient
for evaluation of the stresses and strains in any
microstructure. However, in our case of the X-
interface, such an approach would require us to
treat all the lamina within the twinned regions as
individual components with prescribed geometries
and elastic properties. This would turn the evalu-
ation of the stress and strain fields into a strongly
multiscale problem, as the thicknesses of individ-
ual layers are incomparably smaller than other di-
mensions of the microstructure. At the length scales
comparable to the dimensions of the specimen, the
twinned regions can be treated as homogeneous,
with elastic properties obtained by some homoge-
nization procedure.

The homogenization procedure used here for
evaluation of all elastic coefficients (21 independent
coefficients, as the resulting material is triclinic) of
the type II twinned structures of CuAINi was very
similar to those used for evaluation of elastic coeffi-
cients of layered macroscopic composites (e.g., [24]).
The details on the procedure can be found in [25]
and in [26]. Here, thus, we restrict ourselves to a
short outline of the algorithm and the obtained re-
sults only.
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The procedure homogenizes a first-order lami-
nate of two variants (denoted, again, A and B),
which are connected by relation (7). In the natu-
ral coordinate system of variant A (i.e., the system
aligned with the orthorhombic axes of this variant),
the elastic coefficients of variant B can be obtained
by rotating the tensor of elastic coefficients of vari-
ant A by two rotation matrices. The first is such a
matrix R that

U, = RURT (10)

The second matrix represents the mutual rotation of
variants A and B within the laminate, i.e.,
Q=QiQs (11)
where the matrices Q4 and Qp are those appearing
in (7). The homogenization procedure constructs a
set of stress and strain fields homogeneous both in
the lamina of variant A and the lamina of variant 5.
These fields are always chosen such that the com-
patibility and continuity conditions at the twinning
plane are held. For these fields, the procedure eval-
uates the overall (averaged) elastic strain and the
corresponding stored energy of the laminate. In the
final step, the elastic coefficients of the laminate are
obtained as (numerical) derivatives of the elastic en-
ergy function with respect to the averaged strains.
The way in which the twinning influences the
symmetry and magnitude of the elastic anisotropy
of martensite is shown in Fig. 4, where the
Young moduli of austenite, martensite, and twinned
martensite (a laminate of type II twins able to form
a habit plane with austenite) are compared. The
chosen graphical representation is as follows: The
3D surfaces are plots of the Young moduli for uni-
axial tensions in directions given by unit vector n,
which runs through a unit sphere. The plotted vec-
tor quantity is thus nE(n). The moduli for austen-
ite and a single variant of martensite are shown
in the coordinate systems given by principal axes
of austenite and martensite, respectively, whereas
the moduli of the twinned martensite are plotted in
the principal coordinate system of the major vari-
ant. Obviously, the difference between Young mod-
uli of the single variant and the twinned martensite
is mostly in the symmetry. Similar results can be ob-
tained for shear moduli or for any other represen-
tation of the anisotropic elasticity (e.g., surfaces of
phase or group velocity of ultrasonic waves, as used
in [19]).
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(a) Austenite

100

-100

-100 0
n.E(n) [GPa]

100

(b) Martensite
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(c) Twinned (Type-Il) martensite

100

100 0
n.E(n) [GPa]

FIGURE 4. Surfaces of Young moduli nE(n) for all materials involved in the X-interface: (a) austenite phase; (b)
single variant of martensite; (c) martensite in the twinned regions

3.3 Results of FEM Modeling

As mentioned in the introduction, to avoid prob-
lems with multiscale modeling, the displacement
field was decomposed into two parts: transforma-
tion and elastic. The nature of the martensitic phase
transition enables us to understand these two parts
as two independent processes. The first is the de-
formation according to macroscopic gradients given
by the transition, which leads to a discontinuous
displacement field over the incompatible interfaces,
and the second is the elastic deformation, which
ensures the continuity of resulting displacements.
Notice that both fields are discontinuous, but their
composite is continuous. Whereas the first field is
taken directly from the experimental observations,
the second one is to be found using FEM.

In the following paragraphs, the whole proce-
dure will be demonstrated for the case of simplified
geometry SG 1. Let us denote the macroscopic de-
formation gradients for austenite, for the A-B lami-
nate, for the A-C laminate, and for the pure variant
Aby

F, =1 (12)

Fap =MQaUs + (1 -NQpUgp (13)
Fac =AQuUs+(1-2)QpUp (14)
Fa=Q4U4 (15)

Then, four affine transformations can be con-
structed:

yr:x—Ix+b; (16)

yaB:X — Fapx+bap 17)
YAC:X_’FACX+bAC (18)
ya:x— Fax+by (19)

The initial geometry for FEM modeling is obtained
by applying these transformations to corresponding
domains of the reference configuration. For SG 1,
the vectors by, bag, bac, and by are taken as fol-
lows: by = 0, b4 is arbitrary, b4 g and b 4¢ are cho-
sen so that the entire body remains unbroken over
the habit planes (corresponding gradients are com-
patible, hence such vectors can be found). When the
twinned-to-detwinned interfaces are not planes of
compatibility, in general, the body splits into two
parts. The first one comprises the region of austenite
and both twinned regions; the second one contains
only the stabilized (detwinned) martensite.

Now, the elasticity problem of putting those parts
“back together” must be solved. Elastic moduli are
known, so just boundary conditions are to be sup-
plied. These conditions must ensure the unique-
ness of the solution and the continuity of the overall
displacement field, and thus the integrity of the re-
sulting body. Consider (in the reference configura-
tion) a point x¢ lying in the twinned-to-detwinned
interface between the A-B laminate and the pure
variant A. In general, points x4 = ya(xo) and
xap = yan(Xo) are different. Therefore the sought
elastic displacement field u must meet the following
condition:

X4 +u(x4) = xap +u(xap) (20)

International Journal for Multiscale Computational Engineering

32



INTERFACIAL MICROSTRUCTURES IN MARTENSITIC TRANSITIONS

It can be easily seen that x4p = (yap o y;‘l)(xA),
and the boundary condition in terms of x4 is

u(xa) = (yapoys')(xa)
(21)

+u((yapoyy')(xa)) —xa

This is exactly the boundary condition which was
looked for. Similarly, such a condition can be found
for the second twinned-to-detwinned interface. To
achieve the uniqueness of the solution, the bottom
face of the austenite domain was fixed. Hence the
multiscale character was fully avoided in the prob-
lem formulation, but the non locality of the second
term of the right-hand side of (21) is its consequence.

The problem was solved using FEM program
COMSOL Multiphysics (formerly Femlab) in con-
nection with the Matlab environment. In Matlab,
the geometry was computed as prescribed by the
macroscopic morphology. The following FEM com-
putations were done in the COMSOL Structural

453

Mechanics module (Solid, Stress-Strain application
mode). For each part of the body in the initial con-
figuration, an independent mesh was needed. To do
this, the option Use Assembly was enabled. COM-
SOL was also able to deal with nonlocal couplings
through Extrusion Coupling Variables. On bound-
ary, where the “gluing” condition was prescribed,
the Boundary Extrusion Coupling Variable was cre-
ated according to the known mapping yap o y;'.
For the FEM discretization, the Lagrange cubic fi-
nite elements were used. The obtained linear sys-
tem was solved by the memory-efficient SPOOLES
direct solver implemented in COMSOL.

The elastic stress and strain fields were evalu-
ated for all geometries SG 1-+4 and for ratios d,;/ L,
running from 0 to 1. An example of the results is
shown in Fig. 5. The plotted quantity here is the Von
Mises stress (the square root of the second invariant
of the stress tensor), evaluated on cuts of the spec-
imen by planes as close as possible to the individ-

SG#2

FIGURE 5. Maps of Von Mises stress evaluated on planar cuts closest to the faces of the specimen in simplified
geometries SG 1+4 for d, /L, = 0.65. The dashed lines denote the intersection of the cutting planes with planes of
compatibility (habit planes for SG 1, twinning planes for SG 2, and combinations of habit and twinning planes for SG 3

and SG 4)
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ual faces of the specimen.? In Fig. 5, the difference
between those interfaces (habit planes, twinned-to-
detwinned interfaces), which were chosen as planes
of compatibility, and those at which the compatibil-
ity must be attained by elastic strains is obvious. For
SG 1, the elastic strains are concentrated along the
twinned-to-detwinned interfaces; for SG 2, a similar
concentration is along the austenite-to-martensite
interfaces. For SG 3 and SG 4, the maximum stress
is localized within the regions surrounded by the in-
terfaces not initially chosen as compatible (this is si-
miliar to [11], where the stress concentration was re-
vealed at the tip of the wedge microstructure). In
other words, the obtained elastic fields are strongly
influenced by our choice of the simplified geometry
(see the last section for a more detailed discussion).
In real microstructure (which can be expected to be
somewhere between our SGs), both the habit planes
and the twinned-to-detwinned interfaces could be
elastically strained to achieve full compatibility.

The maximum of the Von Mises stress for all SGs
shown in Fig. 5 is nearly the same (approximately
450 MPa). The difference between the geometries
can be thus more clearly seen from Fig. 6, where the
elastic energy stored in the specimen is plotted as
a function of d, /L, for all SGs. As expected, the
energies of specimens in SG 1 and SG 2 are sym-
metric about d,,/L, = 1/2. For SG 3 and SG 4, the
energy decreases towards the fully compatible con-
figurations. Let us notice here that the crossing lines
in the real X-interfaces reported in [8] were located
close to the center of the specimen, i.e., close to max-
imal energies for SG 1 and SG 2.

4. SUMMARY AND DISCUSSION

In this article, a procedure of construction of
a mathematical model of an interfacial marten-
sitic microstructure was presented. The examined

2 The initial configuration for which the elasticity prob-
lem is solved is given by mapping ytrans, Where the faces
of the specimen are not planar and the specimen geom-
etry is discontinuous. For this reason, the plotted Von
Mises stress was evaluated on cuts of the specimen af-
ter the problem solution, i.e., after the “gluing” boundary
condition (21) was fulfilled. As the cutting planes, planes
as close as possible to the faces of the specimen were cho-
sen. Thus the values of the Von Mises stress in Fig. 5 are
very close approximations of the values at the surface
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Stored elastic energy [J)

02 03 04 05 06
(d /L) 11
FIGURE 6. Dependence of the elastic energy stored in

the specimen on the position of the crossing line for sim-
plified geometries SG 1+4

material was the Cu-Al-Ni shape memory alloy, and
the modeled interfacial microstructure was the X-
interface appearing during the shape recovery pro-
cess in single crystals of this material. From the
analysis of the optical micrographs of the real mi-
crostructure, the individual twinning systems and
variants of martensite forming the microstructure
were identified. Based on this identification, the
difference of the microstructure from compatibility
was analyzed. The elastic strains necessary for the
microstructure to achieve compatibility were evalu-
ated by FEM, whereby the elastic coefficients of the
twinned regions were evaluated by a homogeniza-
tion procedure. Four different simplified geometries
were used for the calculation. In each of these ge-
ometries, the calculation revealed strong concentra-
tions of Von Mises stress along the interfaces not ini-
tially chosen as planes of compatibility. Although
the simplified geometries are just rough approxima-
tions of the real X-interfaces, they enable us to es-
timate the dependence of the elastic energy stored
in the specimen on a chosen geometric parameter
(the distance d;). The presented simulations show
that the experimentally observed microstructures
are not even local minimizers of the energy (their
energy decreases with proper change of parameter
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d.), and thus there must be another explanation for
their stability.

On the other hand, the results obtained for
SG 1+4 were strongly influenced by our (artificial)
choice of at which planes the compatibility was
achieved without elastic strains. Although the dif-
ferences between the orientation of the habit and
twinning planes and those planes that approximate
them in our simplified geometries are minimal (less
than 2° in the orientation of the normal vectors), the
differences in the evaluated elastic fields are tremen-
dous. The internal stress fields in real interfacial
microstructures may thus significantly differ from
those evaluated for SG 1+4. However, construction
of any more realistic geometry would be extremely
complicated, at least for the following three reasons:

1. As the interfacial microstructure grows from
the nucleus situated in the corner of the spec-
imen (see [8] for more details), the laminates
inside the twinned regions form under (vary-
ing) internal stress. For this reason, the lami-
nates cannot be treated as fully homogeneous
with the volume fractions given by relations (5)
and (6). This may induce additional residual
stresses both inside the twinned regions and at
the habit plane. However, such variation of A
with the spatial coordinates cannot be evalu-
ated without a complete knowledge of the mi-
crostructure’s history.

2. As already mentioned, there is no justification
for our assumption that the interfaces within
the microstructure are exactly planar. Espe-
cially close to the crossing line, where all the
compatibility conditions (5)—(8) are to be met
and where the new martensitic needles nucle-
ate (again, see [8] for more details), the shapes
can be completely general. However, the real
shapes of the interfaces can be determined nei-
ther experimentally (from optical micrographs,
only the intersections of the interfaces with the
surfaces of the specimen can be obtained; ul-
trasonic methods do not have sufficient resolu-
tion) nor theoretically (as the optimality crite-
rion for the X-interfaces, which are a priori not
minimizers of energy, is unknown).

3. The multiscale character cannot be fully
avoided. Along the twinned-to-detwinned
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interfaces, the stress fields are not homoge-
neously distributed, but concentrated around
the tips of individual martensitic needles nucle-
ating at the crossing line and growing toward
the lateral faces of the specimen. Moreover, the
exact shapes of the needles are not known, and
their determination is complicated for the same
reasons as discussed in point 2.

Solution of the problems resulting from the preced-
ing three points will be the subject of the authors’
future work.
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2.2 Publikace

Konecné-prvkova studie morfologie rozhrani

monovarianta-lamindt pozorovanych ve slitiné s tvarovou paméti

CuAlNi.
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Seiner, H., Glatz, O., Landa, M. A finite element analysis of the mor-
phology of the twinned-to-detwinned interface observed in microstruc-
ture of the Cu-Al-Ni shape memory alloy (2011) International Journal
of Solids and Structures, 48 (13), pp. 2005-2014.

V této publikaci je analyzovana rozhratiovd mikrostruktura typu A
tvofend dvojici rovin habitu, jednim dvojcatovym rozhranim a jednim
rozhranim typu lamindt-monovarainta. Prdvé toto rozhrani je zkou-
mdno podrobnéji, a to jak experimentdlné (interferometrii v bilém
svétle), tak konecnéprvkovym modelovanim. Je ukdzano, Ze tvar jehlic
martenzitu na tomto druhu rozhrani neodpovidd minimu elastické en-

ergie.

Veskeré experimentdlni vysledky prezentované v publikaci vcetné
uréeni pfesného tvaru jehlic pomoci interferometrie v bilém svétle byly
ziskdny habilitantem. Konecnéprvkové vypocty byly provedeny stu-
dentem Ondiejem Glatzem v ramci jeho postgradudlniho studia pod

vedenim habilitanta.
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A detailed morphology of the twinned-to-detwinned interface in microstructure of 2H-martensite phase
of the Cu-Al-Ni shape memory alloy is observed by optical methods (optical microscopy, white-light
interferometry). Based on these observations, a finite element model of the transition layer is constructed
and applied to calculate the elastic stress distribution inside the observed microstructure. The results
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are comparable to the elasticity limits of the 2H-martensite.
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1. Introduction

The thermoelastic martensites, i.e. the low-temperature phases
of shape memory alloys (SMAs), are known to be able to form fine,
regular microstructures (Otsuka and Wayman, 1998; Bhattacharya,
2003). Among these microstructures, the geometrically simplest
ones and also the most frequently observed ones are the 1st-order
laminates (Bhattacharya et al., 1999), which are the microstruc-
tures consisting of parallel lamina of two variants of martensite
with alternating thicknesses. Under some special conditions, the
1st-order laminates can form macroscopically planar interfaces
with the high-temperature phase (these interfaces are called the
habit planes), with single variants of martensite (so-called
twinned-to-detwinned interfaces), or with other 1st-order laminates
(e.g. the macrotwin boundaries in the laminates of higher orders).
When the macroscopic compatibility over such interfaces is ana-
lyzed by a mathematical model, it is usually assumed that these
macroscopic interfaces are exactly sharp. More precisely, these
interfaces are typically modeled by approaching the infimum of
the Helmoltz free energy of the material by some minimizing se-
quence of microstructures {M,},-;, whereby the thickness of the
transition layer between the two homogeneous microstructures
forming the interface is proportional to 1/n (see Ball and James,
1987, 1992 for more details). This does not, however, always
exactly reflect the experimental observations. For example,
Chu (1993) observed the interfaces between differently oriented

* Corresponding author.
E-mail address: hseiner@it.cas.cz (H. Seiner).

0020-7683/$ - see front matter © 2011 Elsevier Ltd. All rights reserved.
doi:10.1016/j.ijsolstr.2011.03.007
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laminates of compound twins of the Cu-Al-Ni alloy during a
mechanically induced reorientation (see Abeyaratne et al., 1996;
James et al., 1995; Li and Luskin, 1999) for a further discussion
and analysis of these observations), and the widths of the transi-
tion layers (i.e. of the layers outside which the neighboring micro-
structures can be considered as homogeneous) in this case were up
to few millimeters. In Chu (1993), the morphology of these transi-
tion layers is documented by detailed optical micrographs: when
approaching the interface, the lamina of one of the variants in-
volved in the laminate are narrowing and forming thin needles
with sharp tips ending at the interface (Fig. 1a). Furthermore, the
tips of the individual needles are slightly bended from the original
orientation of the laminate, and there can be also some branching
of the needles occurring within the transition region.

Similar morphology of the transition layer has been described in
the literature repeatedly and for various SMAs: Basinski and
Christian (1954a,b) have observed and discussed the tapering
and bending needles at the twinned-to-detwinned interfaces
(Fig. 1b) in the In-TI alloy. Exactly the same phenomena (although
at a completely different scale) were observed by Schryvers (1993),
Schryvers et al. (2001, 2002), Boullay et al. (2001) at the macrotwin
boundaries between two 1st-order laminates in the Ni-Al alloy.

There have been many attempts to analyze the micromorphol-
ogy of the transition regions by means of geometrically non-linear
elasticity. Besides the detailed discussions of this topic for the
above mentioned macrotwin boundaries in Ni-Al given in
Schryvers (1993), Boullay et al. (2001) and the finite-elements
models of the macroscopic transition regions in Cu-Al-Ni
described in James et al. (1995), Li and Luskin (1999), let us point
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Fig. 1. Schematic sketches of the transition layers discussed in the introduction: (a) an interface between two differently oriented 1-st order laminates (Chu, 1993; James
et al., 1995; Li and Luskin, 1999; Schryvers, 1993; Schryvers et al., 2001, 2002; Boullay et al., 2001; Finel et al., 2010); similar morphology can be observed also at the habit
planes (Stupkiewicz et al., 2007); (b) a twinned-to-detwinned interface observed by Basinski and Christian (1954a) and analyzed in this paper.

out here the work of Stupkiewicz et al. (2007), who have used a fi-
nite-elements method to determine a low-energy micromorphol-
ogy of the transition region at the habit plane for the Cu-Al-Ni
alloy. Most recently, Finel et al. (2010) have obtained a realistic
morphology of a Ni-Al macrotwin boundary as an output of a
mathematical model based on the phase field method.

In this paper, we present a finite elements-based model of a
twinned-to-detwinned interface in the Cu-Al-Ni alloy. The mor-
phology of the transition layer used in this model is chosen to fit
optimally the experimental observations (optical microscopy,
white-light interferometry), and the elastic strain field within the
transition layer is calculated for the elastic coefficients known
quite accurately from the ultrasonic measurements (Landa et al.,
2009). The main aim of this paper is to give a detailed quantitative
comparison of the stress distribution inside the transition layer cal-
culated for this experimentally obtained morphology and for the
morphology obtainable by energy minimization. Such a compari-
son can answer the question whether the energy-minimization
based approaches can reliably predict the main features of such
microstructures.

2. Experimental observations

The analyzed interface was observed in a single crystal of the Cu-
Al-Ni SMA prepared by the Bridgeman method at the Institute of
Physics ASCR in Prague. The transition temperatures determined
for this material by DSC were Ms=-5°C, Mf=-22°C,
As = 26 °C, and Ar = 52 °C. The specimen used for the experiment
was a prismatic4.5 x 4.5 x 15.0 mm? bar with the faces cut approx-
imately along the [1 1 O0],[1 1 O]and[0 O 1] planes. This
specimen was subjected to the following procedure (see Seiner
et al., 2008 for more details):

1. By applying a uniaxial compression at the room temperature,
the specimen was transformed from austenite into mechani-
cally stabilized martensite (one variant of martensite with a
negligible amount of compound twins). Due to the mechanical
stabilization effect (Seiner et al., 2008; Novak et al., 2006), the
specimen did not transform back into austenite when the load-
ing was removed.

2. The specimen was locally heated up in one of the corners, which
induced a nucleation of austenite in this corner and the subse-
quent formation and propagation of the interfacial microstruc-
ture (see Seiner et al., 2008; Seiner and Landa, 2009 for a
definition of this term) through the specimen.

3. When the interfacial microstructure was approximately in the
middle of the specimen, the heating was removed. The speci-
men with the ‘frozen’ microstructure was cooled down and
cleaned by ethyl alcohol. The microstructure was then observed
by optical methods.

The interfacial microstructure formed in this case was the so-
called i-interface (Basinski and Christian, 1954a; Seiner et al.,
2008; Seiner, 2008), i.e. the microstructure with the macroscopic
morphology sketched in Fig. 2a. This microstructure consists of
two habit planes and two twinned-to-detwinned interfaces, all
intersecting in one line. In this paper, we will focus on one of the
twinned-to-detwinned interfaces, namely on the one being not
parallel to the twinning planes inside the laminate. At this inter-
face, a wide transition layer can be observed. In Fig. 2b-d, the opti-
cal micrographs of the i-interface obtained by a Olympus SZ60
stereomicroscope (equipped by a CCD camera uEyE UI-2250-C
used for recording) can be seen. Fig. 2b shows the entire morphol-
ogy of the i-interface, Fig. 2c shows the detailed morphology of the
twinned-to-detwinned transition layer. It can be clearly observed
that this transition layer consists of thin narrowing needles, i.e.
that the volume fraction of the minor variant in the laminate de-
creases within the transition layer continuously from some start-
ing value to zero. For comparison, the optical micrograph of the
habit plane is shown in Fig. 2d. It can be clearly seen that although
the twins are getting finer close to the interface, there is no well-
defined, macroscopic transition region at the habit plane.

As seen in Fig. 2a, the width of the transition region is obviously
dependent on the distance of the observation point from the cross-
ing line of the i-interface (seen in the middle of Fig. 2b). Close to
the crossing line, the twins are much finer, and the transition re-
gion is significantly narrower. Starting from some distance (ap-
prox. 0.75 mm) from the crossing line, both the thickness of the
needles and the width of the transition layer are approximately
constant. It was checked by a comparison of detailed optical micro-
graphs that the width of the transition layer and the thickness of
the needles are approximately linearly proportional to each other;
this means that the morphology of the transition region (the
width/length ratio of the individual needles) is approximately
scale-independent.

The optical micrograph in Fig. 2b and similar micrographs taken
from all the faces of the specimen were used for the identification
of the twinning systems and the martensitic variants involved in
the microstructure. For this identification, the angles between
the habit plane and the edges of the specimen and between the
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Fig. 2. (a) Macroscopic morphology of the /-interface; (b-d) optical micrographs of the chosen segments of the microstructure.

habit plane and the twinning planes inside the laminate were used.
The result was that the twinned-to-detwinned interface under
study was formed between a laminate of Type-II twins of variants
Nos. 3 and 6 (according to the notation of Sedlak et al. (2005)) and
a single variant No. 6. From the micrographs, the exact volume
fraction of the variant No. 3 in the laminate in the vicinity of the
interface was determined as 2 = 0.319, which is a slightly higher
than the value which should be at the habit plane (4 = 0.301 (Bhat-
tacharya, 2003)).

In order to obtain the exact morphology of the transition layer
for the numerical model, a chosen segment of the twinned-
to-detwinned interface was further analyzed by white-light inter-
ferometry using the topography module of the Polytec MSA-500
Micro System Analyzer. By this method, a 3D morphology of the
transition layer was obtained with a nanometric vertical resolu-
tion. The mesoscopic 3D morphology of the interface (measured
with horizontal pixel resolution 0.645 pm) is shown in Fig. 3. It
is clearly seen that the analyzed interface has a ‘smooth’ character,
as the continuous change of the volume fraction given by the con-
tinuous narrowing of the individual needles leads to a continuous
change of the slope of the observed surface.

The shapes of the individual needles were determined from
white-light interferometry measurements with horizontal pixel
resolution equal to 0.129 um. The obtained surface relief was
numerically converted into a bitmap seen in Fig. 4a (and in
Fig. 4b after disproportional rescaling), where the grayscale corre-
sponds to the dz/dx gradient of the 3D surface in each point. By
binarization of the bitmaps, the profile of the volume fraction in-
side the transition layer was determined (Fig. 4c). Close to the tips
of the needles, this profile is approximately linear; at the opposite
side of the transition layer, a smooth connection of the profile to
the constant volume fraction of the minor variant in the laminate
(A =0.319) can be seen.

All the geometric parameters of the morphology determined
from the optical micrographs and from the interferometric mea-
surements were used for the construction of the mathematical
model of the interface.
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3. Construction of a mathematical model

In this section, we will briefly summarize the mathematical the-
ory of martensitic microstructures (Ball and James, 1987, 1992;
Bhattacharya, 2003), apply this theory to analyze the compatibility
at the twinned-to-detwinned interfaces in the Cu-Al-Ni alloy, and
utilize the results of this analysis for a construction of a mathemat-
ical model.

3.1. Theoretical framework

In an SMA undergoing the cubic-to-orthorhombic transition
(which is the case of Cu-Al-Ni alloy examined in this paper), the cu-
bic lattice of austenite transforms, via a shearing mechanism, into
the orthorhombic lattice of one of the six possible variants of mar-
tensite. At the continuum level, the cubic lattice of austenite is rep-
resented by deformation gradients from the SO(3) group. After the
transitions into martensite, the regions transformed into individual
martensitic variants can be described by the Bain tensors, which are
the symmetric components of the polar decompositions of the
respective deformation gradients (see e.g. Bhattacharya, 2003 for
more details). The Bain tensors U,_; ¢ are sufficient for the analysis
of the possible twinning systems and planar interfaces between
homogeneous microstructures in the examined alloy. In particular,
two variants of martensite (U; and Uj) can form a stress-free twin,
whenever there exist vectors a and n (where |a| # 0 and |n| =1)
and rotations R; € SO(3) and R; € SO(3) such that

RU -RU =agn (1)

Then, the unit vector n is the normal to the twinning plane and the
vector a represents the shear deformation between the two variants
and is called the shearing vector (Bhattacharya, 2003).

Similarly, a stress-free planar (macroscopic) interface between
two homogeneous microstructures My and Mg is possible if and
only if there exist vectors b and m (where |b| # 0 and [m|=1)
and rotations Q, € SO(3) and Q; € SO(3) such that

QM - Q;Mz =b®m. (2)
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Fig. 3. 3D morphology of the twinned-to-detwinned interface obtained by white-light interferometry.
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Fig. 4. Detailed morphologies of the transition layer determined from white-light interferometry measurements. The grayscale maps in sub-figures (b) and (c) are
disproportionally rescaled to emphasize the bending and tapering of the needles. For the map in the sub-figure (c), the profile of the volume fraction of the minor variant

across the transition layer is given.

The homogeneous microstructures can be the 1st-order laminates
of two variants able to form a twin (U; and U satisfy the condition

(1))
Ms = /RU, + (1 - )RU;, (3)

where Z € (0, 1) is the volume fraction, or, in general, any members
of the quasiconvex hull over the all possible components (see e.g.
Dolzmann, 2003 for more details)

6
M5 € K (L UU1>. 4)
1=1

In presence of the elastic strains, the compatibility conditions
can be expressed in a similar way, both at the micro-scale (twin-
ning plane under elastic loads) and at the macro-scale (marcoscop-

ic compatibility between two elastically strained, homogeneous
microstructures.) In this paper we adopt a slightly different
approach to incorporate the elastic strains into the model. This ap-
proach has been successfully used by Balandraud and Zanzotto
(2007) for the analysis of the elastic strains for the wedge micro-
structure in the Cu-Zn-Al alloy and for the X-interface microstruc-
ture in Cu-Al-Ni alloy by the current authors (Seiner et al., 2009;
Glatz et al., 2009; Glatz et al., 2010). More details on this approach
will be given within the description of the finite elements model.

3.2. Compatibility analysis at the twinned-to-detwinned interface and
inside the transition layer

Let us first discuss the macroscopic compatibility between the
1st-order laminate and the single variant of martensite at the

41



H. Seiner et al./International Journal of Solids and Structures 48 (2011) 2005-2014

twinned-to-detwinned interface. According to Ball and James
(1987, 1992), Eq. (2) has either no solution or exactly two solutions
(except for some extremely trivial cases, such as M; = M; € SO(3),
where the number of solutions is infinite). In the case of the
twinned-to-detwinned interface, for which M, is a first order lam-
inate given by Eq. (3) and Mg = Uj is one of the variants involved in
the laminate My, the first solution of Eq. (2) is trivial: the laminate
M, can obviously border to the single variant Mg over a twinning
plane between the variants U; and U;. The second solution depends
on the volume fraction A and must be found numerically. For the
volume fraction determined from the experiments (1= 0.319),
the corresponding calculated orientation of the twinned-to-
detwinned interface is [0.02; 0.77; 0.64] in austenite (the reference
configuration). Due to the macroscopic width of the transition
layer and due to the fact that this width changes along the inter-
face according to the changing fineness of the twins (see Fig. 2
and the discussion around it), it was not possible to determine
the experimental orientation of this interface with accuracy higher
than approximately 2°. If only those parts of the interface were ta-
ken into account where the width of the transition layer was
approximately constant (sufficiently far away form the crossing
line of the Z-interface as discussed above), the resulting orientation
of this interface was about 0.5° declined from the numerically ob-
tained value, which is an acceptable agreement. Let us mention
here that the twinned-to-detwinned interface was considered as
stress-free at the macroscale. This is not exactly correct, since the
J-interface itself cannot be compatible without elastic strains.
However, it was checked by a direct FEM calculation (Glatz,
2010), that the macroscopic elastic loads acting particularly on
the studied twinned-to-detwinned interface are negligible (espe-
cially compared with the elastic micro-stresses resulting from
the morphology of the transition layer calculated in this paper).

The analysis of the microscale compatibility inside the transi-
tion layer is significantly more complicated. The fact that the nee-
dles are tapering and bending indicates that there must be non-
negligible elastic strains accommodated inside the layer. In this
paragraph, we will make a brief theoretical prediction of what
the morphology of the layer could be (see the more detailed dis-
cussions on this topic by James et al. (1995), Schryvers et al.
(2001), Boullay et al. (2001) for a comparison); the exact way
how the elastic strains are treated in the model will be described
in the next subsection.

Let us consider a twinned-to-detwinned interface between a
single variant Ug and the laminate M, given by (3) with [ =3
and J=6. By putting (2) and (3) together and by denoting
Q; =Q;Q,R; and Q4 =Q}Q,Rs, the compatibility condition
becomes
[2Q5Us + (1 — 1)QgUs] —Us =b o m. (5)
It can be clearly seen that the variant No. 6 appearing in the lami-
nate is rotated with respect to the single variant by the matrix
Q. For the Bain tensors of the variants Nos. 3 and 6 taken from
(Sedlak et al., 2005), it was calculated that the matrix Q4 represents
a rotation by 4.6° around the direction [-0.98; 0.14; —0.14] (i.e.
approximately [7 1 1])in the reference configuration. This direc-
tion is very close to the direction along the tips of the needles (i.e.
the direction of the line at which the curved surfaces forming the
individual needles intersect; the difference is approximately 2.5°
only), so the matrix Q4 corresponds approximately to a rotation
in the plane normal both to the twinning planes in the laminate
and to the macroscopic twinned-to-detwinned interface. Let us,
thus, consider a cut of the transition layer by this plane (Fig. 5):
As the volume fraction / continuously decreases from 1= 0.319
to zero across the layer, the rotation of the variant No. 6 continu-
ously changes from Qg to I. The rotation Q and the orientation of
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Fig. 5. The cut of the transition layer by the plane (7 1 1) in the reference
configuration. The rotation of the variant Ug is continuously changing from zero (in
the single variant) to Q4 (inside the laminate). In any point inside the transition
layer, this variant is rotated by some matrix Q' which lies between I and Q. See the
text for more details.

the twinning planes n tend to follow this continual change to en-
sure the compatibility of the microstructure, which cannot be, how-
ever, fully achieved without elastic strains.! As the orientation of the
faces of the needle tends to be as close to the twinning plane as pos-
sible (to minimize the elastic strains), the whole needle is continu-
ously bended. The bending angle in a given point inside the layer
should be approximately equal to the angle of the rotation of variant
No. 6 in this point (cf. (Boullay et al., 2001; James et al., 1995)). The
exact shapes of the needles (the evolution of the volume fraction, the
bending angles) cannot be, however, theoretically predicted without
the elastic strains taken into account.

3.3. Finite element model

Our aim is now to construct a mathematical model able to treat
elastically strained martensitic microstructures. On this purpose,
we can understand the martensitic phase transition as two inde-
pendent processes. The first is the inelastic deformation which rep-
resents the transition of the individual parts of the microstructure
into different variants of martensite, and the second is the elastic
deformation which ensures the continuity of the resulting dis-
placement field.

Consider a simply connected volume Q2 representing a periodi-
cally repeating segment of the twinned-to-detwinned interface in
the reference configuration (i.e. in austenite). As outlined in
Fig. 6, this volume consists of parts G; and G, representing the nee-
dle and the surrounding material, respectively. The transition of
this volume into two different variants of martensite can be repre-
sented by affine transformations y,,(X) = F,Xx + b, (m = 1,2), each
acting on the respective part G,. The deformation gradients
F» = RnUym) are the Bain tensors of the respective variants (see
Section 3.2, N(1) = 3,N(2) = 6) rotated such that the compatibility
condition (1) is satisfied inside the laminate. Without a loss of gen-
erality, we can take b, = 0. The choice of the vector b; will be dis-
cussed later.

! To prove this, it sufficient to notice that the needles must have the needle-like
shapes even in the reference configuration, where the rotations do not apply. In other
words, the interfaces between the homogeneously transformed regions (variant No. 3
inside the needle and variant No. 6 outside the needle) must be curved in this
configuration, which contradicts the assumptions of the stress-free compatibility. For
a more detailed explanation why the interfaces between homogeneously transformed
regions cannot be curved we refer the reader to Bhattacharya (2003).
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Fig. 6. Geometry of the modeled region in the reference configuration. The view is perpendicular to the ny, direction (see the text).

Inside the transition layer (i.e. outside the homogeneous lami-
nate), the inelastic displacement field given by the transformations
y.(X) defined above is, in principle, discontinuous: we obtain two
separated parts V,, = ¥,,(Gn) and we try to find an elastic strain
field which puts these parts back together. More precisely, we
are looking for the displacement fields u,,(x) defined on V,, such
that the composition y defined by

y‘gm =V¥m+ u, o0 Ym (6)

represents a continuous deformation on the whole region Q. These
elastic strains can be determined by conventional finite elements
(FEM) model with appropriately chosen geometry and boundary
conditions.

Fig. 6 shows the detailed geometry of the used model in the ref-
erence configuration. The region Q was a parallelepiped with lat-
eral face normals n (perpendicular to the twinning planes in the
homogeneous laminate) and m (perpendicular to the macroscopic
twinned-to-detwinned interface). The base face normal was cho-
sen as

(7)

Mpase = H

This choice ensured that after the given affine transformations the
lateral faces of the needle were perpendicular to the base faces,
which is necessary for further proper formulation of periodic
boundary conditions on the base faces. To enable a simple parame-
trization of the shape of the needle, the boundary of the region G;
was defined by two straight segments and two quadratic Bézier
curves (each having three control points). For the distance between
the left edge of the region Q and the tip of the needle fixed, the con-
trol points p;, p,, P, D4, and p5 were allowed to move as indicated by
the arrows - the actual positions of these points were, then, the
parameters controlling the exact micromorphology of the transition
layer, i.e. the profile of the volume fraction and the curvatures of the
individual faces of the needle. The width of the needle at the inter-
face between the modeled region and the laminate was fixed to the
value given by the volume fraction / taken from the experimental
observations. The in-plane dimensions of the modeled region (also
given in Fig. 6) were taken in a rough agreement with the experi-
mental observations as well. However, the change of the exact
width of the transition layer (i.e. the layer where the faces of the
needles are not straight) was enabled by moving the control points
p; and ps along the respective twinning planes. The out-of-plane
dimension of the modeled region (i.e. the dimension along the
direction my,se) Was chosen to be equal to 3 pm. Let us point out
here that although the shape of the needle is fully described by
2D curves lying in one plane in the reference configuration, and
although the final elastic fields must satisfy the conditions of plane
strain (under the assumption that the twinned-to-detwinned inter-
face is unbounded as discussed later), the whole problem must be
solved in 3D. The reason is that both the deformation gradients
F, and the additional elastic displacements u,, are fully three-
dimensional. Consequently, the plane in which the plane-strain
condition is hold for the elasticity problem does not correspond to

any plane in the reference configuration, where the geometry is
defined.

Let us now discuss the boundary conditions (Fig. 7). These con-
ditions apply for the elasticity problem, so they must be formu-
lated for the geometry after the affine transformations y,,(x)
were applied. Consider the volumes G; and G, in the reference con-
figuration, and denote their common boundary as 9G;; = G, N Gs.
Let x be a point of 8G1,. Then, this point transforms into two differ-
ent points X; =y, (X) and X, = y,(x) after the application of the af-
fine transformations. The requirement on the sought displacement
field is that these two points become identical after the elastic
deformation,

X1 + U (X1) = Xy + uy(Xy). (8)
The relation between the points X; and X, is clear:
X = (¥ 0¥7")(X1) = RF (X1 —bi) +b,. (9)
On substituting this relation into (8) we get
X1 + 0 (X;) = KF (X; —by) + b,

+ 1 (BF, ' (%1 —by) + b, ). (10)

This relation holds for an arbitrary point X; € 9V;,. Thus, we obtain
a boundary condition for the field u; on the boundary
OV12 = y1(0G12). This condition can be written in the following form

i (X) = FF; (X —by) + by + 11, (FZF]’1 (X—by)+ bz) _X,
VX € OViy, (11)

which obviously couples the field u, to the displacement field in the
major variant (u,). In other words, the elastic displacement fields in
the transformed regions V; and V, are coupled through the require-
ment of the continuity of the resulting (inelastic + elastic) displace-
ment field over the interface between the needle and the major
variant. At the points where the boundary dV;, reaches the inter-
face between the modeled region and the laminate, the elastic
strains are expected to be zero (the all elastic stored energy is local-
ized solely inside the transition layer). Then, the condition (11) can
be used for the determination of the vector b;.

Further boundary conditions follow from the symmetries of the
system. The twinned-to-detwinned interface at the macroscale is
assumed to be an unbounded plane separating two homogeneous
half-spaces. Thus, at the microscale, the interface is supposed to
consists of an infinite number of needles of infinite height. The ef-
fect of the infinite height is simply modeled by periodic boundary
conditions imposing equal displacement fields on the upper and
lower base faces. At the lateral faces, the conditions are the follow-
ing: at the face separating the modeled region from the twinned
martensite, the displacements simulating an elastically unstrained
laminate are prescribed; the opposite lateral face is considered to
be far enough from the tip of the needle, and the material at this
face is assumed to be stress-free. The second set of the periodic
boundary conditions imitates the infinite number of adjacent
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Fig. 7. Initial configuration for the FEM computation and the boundary conditions.

needles, and is put on the long lateral faces (whereto, however, the
constant shift a resulting from the macroscopic shear of the lami-
nate must be taken into account, see Fig. 6 for an outline).

The finite element model used for the solution of the final elas-
ticity problem with boundary conditions described above was
implemented in ComsoL MuLTIPHYSICS computational environment,
the initial geometry for this model was computed in mMATLAB. Since
the involved deformations were beyond the limits of linear elastic-
ity, the finite strain framework had to be used. Both domains V;
and vV, were meshed independently by one layer of prismatic La-
grange cubic elements, with the mesh near the tip of the needle re-
fined. The total number of elements was approximately 580
(approx. 52,000 DOFs). As material parameters, full orthorhombic
elasticity tensors of 2H-martensite were taken from Landa et al.
(2009) and rotated according to the actual orientation of the indi-
vidual variants.

4. Results and discussion

The above described model was used to calculate the elastic
field inside the transition layer. It was assumed that the energy
of the microstructure consists of two parts (E = Eejast. + Es), where
the first is the energy of the elastic strains induced by the compat-
ibility conditions and the second is the surface energy of the inter-
faces between the individual variants. The elastic energy tends to
elongate the needles (i.e. to make the individual interfaces closer
to the stress-free twinning planes), the surface energy tends to
minimize the surface of the needles, so the resulting width of the
transition layer can be assumed to be a result of a balance between
Eelase. and Es. Under this assumption, two different optimizing pro-
cedures were solved:

1. The elastic energy Eej,s. Was minimized by optimizing the posi-
tions of the control points p, = ps (i.e. optimizing the shape of
the needle). Only such positions of these points were allowed
that the entire width of the transition region (i.e. the distance
between the control point p; and the edge of the homogeneous
laminate) remained unchanged. This width was taken from the
experimental observations.

. The misfit between the experimentally obtained morphology
(taken from the optical micrographs and the white-light inter-
ferometric profiles) and the morphology resulting from the
FEM calculations was minimized by optimizing the positions
of the control points p, + ps at the input of the FEM model.?
The shape of the first of the four non-branching needles in
Fig. 4b was taken as the 'optimal’ shape (i.e. the shape fitted by
the model); this shape is, nevertheless, in a satisfying visual

2 Let us mention here that the plane perpendicular to ny,. in the model is
completely different from the plane of the free surface on which the micrographs
were taken and the profiles measured. Thus, the geometric misfit was, more precisely,
minimized between the experimental observations and the cuts of the morphology
resulting from the FEM calculation by proper planes.
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agreement with the shapes of all the needles in Fig. 4a (except
of the branched ones), and the results (the distribution of the
elastic stresses inside the modeled region) are both qualitatively
and quantitatively very similar when any other of these needles
is used. For the resulting morphology, the elastic energy Eeas.
was calculated and compared to the minimal value obtained by
the first procedure.

In addition, it was checked that without the surface energy taken
into account, the minimum of the energy of the transition layer
(which is equal to E.p.. in this case) corresponds to a more then
five times wider transition layer (more than five times longer nee-
dles) than what was observed. If we assume that the Es term is lin-
early proportional to the area of the faces of the needles per unit
volume, it can be written that Es ~ yL, where L is the width of
the transition region and ) is a constant. The parameter 7 can be
tuned such that the minimum of the entire energy E corresponds
to the experimentally observed width, which gives a rough esti-
mate of the surface energy of the Type-II twins. The value of the
surface energy obtained by this approach was 530 m] m~2 which
is considerably higher than the values found in the literature for
similar materials (Shilo et al., 2007; Waitz et al., 2005). The reason
for this discrepancy will be discussed later.

Finally, the fact that the surface energy term (Es) is dominantly
responsible for the width of the transition layer, not for the exact
shapes of the needles, was proved by the following simulation:
The changes of E.j.s; and Es induced by small variation of the posi-
tions of the control points p, + p, (i.e. by small changes of the
shape of the needle without altering the width of the transition
layer) were calculated. The result was that the changes of Es (under
the above made assumption that Es ~ yL) were by more than two
orders of magnitude lower than the corresponding changes of
Eelast.-

The results of the two optimizing procedures described above
are seen in Fig. 8, which shows both the resulting morphology in
the reference configuration and the deformed morphology with a
map of the Von Mises stress (a square root of the second invariant
of the stress tensor). Obviously, there is a significant difference be-
tween the morphology obtained by energy minimization and the
morphology taken from the experiments.

The minimal elastic energy (Fig. 8a) corresponds a to a perfectly
symmetric needle in the reference configuration (the control
points p,,p,,ps and ps are arranged mirror-symmetrically around
the midrib plane, the control point ps lies in this plane). In the de-
formed configuration, the needle is bended and the bending angle
of the axis of the needle is fully given by the angle of rotation rep-
resented by the matrix Qg (as it follows from the symmetry of the
needle in the reference configuration); the same bending angle can
be observed at the lateral faces of the modeled region. According to
the plot of the Von Mises stress, the most of the stored elastic en-
ergy is concentrated in a banana-shaped region surrounding the tip
of the needle. In Fig. 9, the dependence of the elastic energy density
stored in the transition layer on the position along the needle can
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Fig. 8. Results of the FEM calculations in the form of the geometries in the reference configuration and the plots of the Von Mises stress in the deformed configuration: (a) the
morphology corresponding to the minimal elastic energy; (b) the morphology corresponding to the experimental observations (the arrow marks the stress concentration
along the curved interface.) Notice the slightly different orientation of the needle tip in the deformed configurations in (a) and in (b).
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Fig. 9. Distribution of the elastic energy density along the longest dimension of the
modeled region (i.e. along the needle). Each point corresponds to a mean value of
this density at a planar cut of the deformed geometry at a given distance form the
left edge of the modeled region. The dimensionless parameter on the horizontal axis
is equal to the ratio between this distance and the length of the needle.

be seen: Along the curved part of the needle, this density smoothly
increases up to some maximal value located close to the tip of the
needle. The entire stored elastic energy in the modeled region is
97.10~8 mJ, which corresponds to the macroscopic energy per unit
area of the twinned-to-detwinned interface equal to 29 ] m2.

A completely different situation appears for the experimentally
obtained shape of the needle (Fig. 8b). First of all, let us mention
the reference configuration. In this case, the symmetry is com-
pletely lost. Quite on the contrary, one of the faces of the needle
is completely flat, and the control point p; lies at one of the
twinning planes. Consequently, the bending angle of the axis of

the needle is slightly different from the bending angle of the lateral
faces of the modeled region (let us mention here that a slight sys-
tematic declination of the bended tips of the needles from the
direction predicted by the theory was observed also by Boullay
et al. (2001), Schryvers et al. (2002), Finel et al. (2010). The asym-
metric shape of the needle enables us to imagine clearly of the
growth mechanism of the twinned-to-detwinned interface. The
individual needles grow each along one twinning plane and are
thickening inside the layer until the volume fraction of the homo-
geneous laminate is reached. Let us mention that we assume that
the shapes of the needles are the same inside the material and
on a cut of the material by the free surface of the examined spec-
imen (i.e. we take the morphology observed at the free surface and
use it for the model of the whole interface). Strictly speaking, this
might not be exactly true. Inside the material, the plane-strain con-
ditions apply, whereas the free surface imposes the plane-stress
conditions. However, the fact that one of the faces of the needle
is exactly equal to the twinning plane seems to be rather a funda-
mental finding related e.g. to the growth mechanism than just a re-
sult of the plane-stress conditions on the surface.

The distribution of the Von Mises stress around the needle with
the shape taken from the experiments is also considerably differ-
ent from the previous case. As indicated in Fig. 8b by the arrow,
there is a significant stress concentration along that interface
which is curved in the reference configuration, but no concentra-
tion at the second interface (at which the compatibility conditions
for the elastically unstrained material are satisfied). According to
the plot of the stored elastic energy density distribution along
the direction of the needle seen in Fig. 9, the stress concentrated
along the curved interface increases with the narrowing of the nee-
dle and reaches its maximum close to the tip of the needle. The en-
tire stored elastic energy in the modeled region is 132.108 mJ (the
corresponding energy per unit area of the twinned-to-detwinned
interface is 40 mJ m~2), which is about 1.4 times higher than for
the optimal shape.
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The maximal values of the Von Mises stress calculated for the
optimal shape and for the experimental shape of the needle are
similar and both are slightly higher than 600 MPa. In the points
where these maxima are reached, the strain fields can be well
approximated by pure shear strains of magnitudes nearly 0.5%;
the corresponding maximal shear stresses are approximately
equal to 350 MPa. The question is whether such high shear stres-
ses do not exceed the stability limits of the 2H-martensite. As de-
scribed e.g. by Otsuka et al. (1979), the 2H-martensite tends to
undergo further stress-induced martensite-to-martensite transi-
tions (to the g} or g7 and o4 phases) at much lower stresses than
this maximal value. At the room temperature, Otsuka et al., 1979
observed the 2H — p] transition at approximately 320 GPa of uni-
directional tensile load (i.e. at 160 GPa of maximal shear stress)
and the ] — oy transition at 500 GPa of tensile load (250 MPa
shear stress). On the other hand, Novak et al. (1999) proved that
these stress-induced transitions cannot be observed in compres-
sion or in tension along directions not close to [001] in the refer-
ence configuration. However, as mentioned also in Novak et al.
(1999), a plastic deformation of the 2H-martensite can be ob-
served under unidirectional compressive loads higher than
600 MPa (300 MPa of shear stress). In other words, the material
in the points corresponding to the maximal value of the Von
Mises stress is subjected to shear loadings which are significantly
higher than the limit for the stress-induced 2H — B] transition
and comparable to the critical stresses for the plastic deforma-
tion. Together with the fact that these maxima of the Von Mises
stress are (in the both cases) concentrated along the interfaces,
this finding may indicate that a part of the elastic energy stored
in the microstructure could be relaxed by a presence of additional
inelastic strains at these interfaces. These inelastic strains could
be provided either by small regions of the stress-induced phases
of martensite, or, more probably, by defects such as kinks or
twinning dislocations on the twinning plane. (A discussion of
the twinning dislocation as a possible source of bending of the
twinning plane can be found in Basinski and Christian (1954b)
for the compound twinning in the In-Tl system. This discussion
is, nevertheless, carried out rather at the atomistic level and with-
in a crystallographic framework, so the question how do these
defects affect the compatibility at the continuum level remains
open.) However, since the Type-II twinning planes tend to have
a rather complicated internal structure (Ostapovets, 2010), the
determination of the nature of these defects would require a
more detailed analysis of the behavior of the Cu-Al-Ni alloy at
the atomistic scale.

Let us now return to the surface energy of the Type-II twins
determined from the width of the transition layer at the beginning
of this section. If we accept the assumption that the elastic energy
of the system is non-negligibly lowered by the defects at the
curved interface, the corresponding surface energy responsible
for the finite width of the transition layer should be proportionally
lower as well. However, since the energies of the defects appearing
at the curved interface are not known, no quantitative estimates of
the real surface energy can be done.

5. Conclusions

In this paper, detailed experimental observations of the
twinned-to-detwinned interface in the microstructure of 2H-mar-
tensite of the Cu-Al-Ni shape memory alloy were used for a con-
struction of a FEM model of the transition layer. By this model,
the distribution of elastic stress within the observed microstruc-
ture was calculated, and the results were compared to the predic-
tions of the theory based on the minimization of the elastic and
surface energy.
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The most important conclusion to be drawn from this analysis
is that the elastic stresses obtained by the FEM calculation seem
to be comparable to the stability limits of the 2H-martensite. This
finding is, in some sense, in an agreement with the results reported
elsewhere in the literature. By using a similar FEM model, Baland-
raud and Zanzotto (2007) predicted a plastic deformation to appear
at the tip of the wedge-microstructure in the Cu-Zn-Al alloy. Osta-
povets et al. (2009a,b) analyzed the compatibility at the faceted
austenite-to-martensite interface in a thin film of the Cu-AlI-Ni al-
loy (TEM observations) and concluded that the existence of such
interface could be enabled by an inelastic slip. Stupkiewicz et al.
(2007) do not provide any details on the maxima of the shear stres-
ses calculated for the austenite-to-martensite interface under
study, but the elastic energy densities given in this reference (at
least 3 M] m~3, which is about 10 times higher than the average
density on cuts of our transition layer close to the tips of the nee-
dles; see Fig. 9) indicate that the stability limits for the 2H-mar-
tensite can be exceeded as well. From this point of view, it seems
that there are indeed some additional inelastic shearing mecha-
nisms taking place in the copper-based alloys and lowering the en-
ergy of the close-to-compatible microstructures.

In addition, the analysis presented in this paper indicates that
the models based on the minimization of the sum of the elastic
and the surface energy can lead to incorrect predictions. Not only
that the exact morphology of the transition layer predicted by such
a model is slightly different from the experimental observations,
but, more importantly, such model does not give even rough esti-
mates of entire energy of the microstructure (if only the elastic
strains are taken into account, the energy of the real microstruc-
ture is 1.4 times higher than what corresponds to the minimum;
if some additional inelastic mechanism is considered, the energy
is lowered by relaxation in an unknown way.)
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2.3 Publikace Neklasickda rozhrani austenit-martenzit pozorovand

v monokrystalech slitiny Cu-Al-Ni.

Bibliograficka citace:

Struéna anotace:

Prispévek habilitanta:

Seiner, H., Landa, M. Non-classical austenite-martensite interfaces ob-
served in single crystals of Cu-Al-Ni (2009) Phase Transitions, 82 (11),
pp. 793-807.

Tato publikace se zabyvad komplexnimi rozhraovymi mikrostruk-
turami vznikajicimi pii zpétné transformaci, pokud mechanicky
stabilizovanym martenzitem neni monovarianta (jako v pfipadech
predchozich dvou publikaci) ale laminat dvoj¢at typu Com-
pound. V takovém piipadé vznikaji takzvand neklasickd rozhrani,
tvofena kompatibilni hranici mezi austenitem a dvéma navzijem se
kifiZicimi systémy martenzitickych dvojéat. V publikaci je kromé
popisu experimentdlni pfipravy takovychto rozhrani a jejich po-
zorovani optickou mikroskopii provedena také analyza kompatibil-
ity pozorovanych rozhrani a diskutovdna moZnost vzniku obecné

tvarovanych (zakfivenych) ploch habitu mezi heterogenni mikrostruk-

turou a austenitem.

Veskeré experimentalni vysledky prezentované v publikaci a veskerd
teoretickd analyza (kromé algebraickych podminek kompatibility
v piiloze Clanku, které byly prevzaty ze spoluprice s J. M. Ballem)
jsou praci habilitanta. Metodologie pfipravy lamindtu typu Compound

byla vyvinuta ve spolupréci habilitanta a M. Landy.
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Interfaces between austenite and a crossing-twins microstructure consisting
of four variants of 2H-martensite are optically observed in a single crystal of
Cu-AI-Ni shape memory alloy. It is shown that these non-classical interfaces
form during thermally induced transitions from compound twinned 2H-
martensite into austenite, which is in agreement with theoretical predictions.
Individual twinning systems and martensitic variants involved in the observed
microstructure are identified. The corresponding volume fractions are estimated
based on the compatibility conditions at the habit plane and the macroscopic
geometry of the interface. Miscellaneous topics related to the observed
microstructures (formation mechanism and planeness of the interface) are briefly
discussed.

Keywords: shape memory alloys; martensitic microstructure; non-classical inter-
faces; crossing twins

1. Introduction

The shape memory alloys (SMAs) exhibit several unique thermomechanical properties
resulting from the ability of these materials to undergo reversible martensitic transitions
between the high-temperature phase called austenite and the low-temperature phase called
martensite. The martensitic phase may appear in a given number of different crystallo-
graphic orientations to the parent austenitic lattice (the so-called variants of martensite),
which enables the martensites to form fine, geometrically ordered mixtures called
martensitic microstructures. In single crystals of most of the known SMAs, such fine
microstructure must form at the transition front during every phase transition (in both
directions) to enable the compatibility conditions to be fulfilled at the habit plane [1].
In other words, as the single variants of martensite of these SMAs cannot form any
compatible (i.e., geometrically admissible) macroscopic interface with austenite, the
transitions occur solely between austenite and those martensitic microstructures which are
able to form compatible interfaces with austenite.

A well-known example of an SMA unable to form any austenite-to-single variant
interfaces is Cu—Al-Ni (namely the austenite-to-2H martensite transition in this alloy,
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see, e.g., [1-3] and the references therein). In this material, three different twinning systems
are possible. These are the Compound system, where the two variants involved are mirror
symmetric, and the Type-I and Type-1I systems, where the relations between the involved
variants are more general. The mathematical theory of martensitic microstructures
(see the pioneering works by Ball and James [4] or the comprehensive book by
Bhattacharya [1] for more details) predicts that the compatibility at the transition front for
this material can be achieved by fine lamination via either Type-I or Type-II twinning
systems with specific volume fractions. On the contrary, for the lattice parameters of the
austenite and the 2H martensite of this alloy, lamination via the compound system
does not fulfill the compatibility conditions with austenite for any volume fraction.
Planar interfaces between austenite and a simple laminate (mostly the Type-II system) of
martensite in Cu—Al-Ni have been experimentally observed several times (see the list
of experimental literature in [2]), whereto habit plane orientations and volume fractions
within the laminates determined from the experiments always agreed excellently with the
theoretical predictions (a comparison is given in [1]). However, the theory also admits
more general microstructures to form compatible interfaces with austenite. In the late
1990s, Ball and Carstensen [5] have published a theoretical analysis of the so-called
non-classical interfaces (i.e., interfaces between austenite and any other microstructure
than the first-order laminate) for a cubic-to-tetragonal transition. Although Ball and
Carstensen have shown that such interfaces are possible for a wide range of lattice
parameters, their results did not meet an adequate attention in the SMA community, since
not supported by any experimental evidence of the existence of such microstructures.
In 2005, Waitz [6] observed unique self-accommodated crossing-twins microstructure
in bulk nanocrystalline Ni—Ti alloy, and has shown by a theoretical analysis that these
nanoscopic checkerboard-like patterns of four variants of martensite could be able to form
compatible planar interfaces with austenite. More recently, Seiner et al. [7] reported the
microstructural mechanisms of the shape recovery process observed optically in Cu—Al-Ni
single crystals. In a later, more detailed paper [§], the same authors have brought an
analysis of the interfacial microstructures (X and A interfaces) formed during this process.
In one of the examined specimens, planar interfaces were observed between austenite and
a Type-II laminate crossed by less than 5% volume fraction of thin needles of compound
twins (microstructure termed weakly non-classical interface in [8]).

This article presents a continuation of the experimental research of the shape recovery
processes in Cu—Al-Ni single crystals summarized in [8]. The experimental procedure
has been modified in order to increase the volume fraction of the compound twins within
the interfacial microstructure, i.e., to prepare macroscopic, fully non-classical interfaces
instead of weakly non-classical only. The theoretical analysis of such interfaces was
presented by Ball et al. in [9], where the first optical micrographs of the non-classical
interfaces in Cu—Al-Ni were also shown. This article does not report any further
development in the theoretical description of the non-classical interfaces, but employs the
findings of [9] for the interpretation of observations.

2. Formation of non-classical interfaces

Before the description of the own experimental procedure and the obtained results,
we will briefly summarize the terminology used throughout this article and make some
preliminary theoretical discussion of what microstructures can be expected to appear.
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2.1. Notes on terminology

Throughout this article, we will use the same terminology as in [8,9]. Namely, the following
terms will be essential.

We will use the term mechanically stabilized martensite for any martensitic
microstructure which cannot directly form a compatible interface with austenite. It can
be either a single variant, or, for example, a laminate of compound twins, or Type-I or
Type-1I laminates with other volume fraction than those enabling compatible connection
to austenite. The reason why such microstructures are called mechanically stabilized
is clearly explained in [10,11] and discussed in [8]. The inability of such microstructure
to transform directly into martensite shifts the 4, temperature (austenite start, i.e., the
temperature at which the material starts transforming back to austenite) significantly
upwards.

We will use the term shape recovery process for thermally induced return of the
mechanically stabilized martensite into austenite. As this term indicates, this return is
always accompanied by the change of the macroscopic shape of the specimen. Indeed,
according to this definition, the thermally induced return from a self-accommodated
microstructure (the only martensite-to-austenite transition not accompanied by any shape
change) cannot be called the shape recovery process, as the self-accommodated
microstructure is composed of twinned regions able to form compatible interfaces with
austenite, and thus, is not mechanically stabilized.

We will use the term interfacial microstructure for any microstructure formed between
austenite and mechanically stabilized martensite during the shape recovery process.
The interfacial microstructure borders compatibly to austenite on one side and to the
stabilized martensite on the other. The propagation of this interfacial microstructure
enables the growth of austenitic region and simultaneous disappearance of the stabilized
martensite. More about this process can be found again in [7,8].

We will use the term X-interface for a special kind of interfacial microstructure,
characterized by two intersecting habit planes (interfaces between this microstructure
and austenite) and two intersecting planar interfaces between this microstructure and the
mechanically stabilized martensite. In the X-interface, the habit planes and the interfaces
with the mechanically stabilized martensite intersect in the same line, so the whole
interfacial microstructure looks like capital X. This interfacial microstructure was
theoretically analyzed by Ruddock [12], who has shown that the X-interface cannot be
fully compatible for the Indium-Thallium alloy. Similar analysis was done for the
Cu-Al-Ni alloy in [13], showing again that the X-interface in this alloy requires elastic
strains to achieve compatibility. In [8,14] (the first paper documenting this kind of
microstructures), it is distinguished between the X-interface and A-interface, depending
on how the twins inside the microstructure are oriented. As the difference between these
two interfacial microstructures does not play any role in this article, we will simply use the
term X-interface for both the X and the A interfacial microstrucutres.

2.2. Theoretical predictions for the shape recovery process from compound
twinned structures

In this section, we will use the findings from Seiner et al. [§] to predict how the
interfacial microstructures should look if the shape is not recovered from a single variant
of martensite, but from a laminate of compound twins. Let us consider a specimen
of a SMA. In the beginning, the specimen is in austenite. Let consider that it is
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Figure 1. Scheme of the proposed experimental procedure.

subjected to the following sequence of mechanical and thermal loadings (see Figure 1 for
an outline):

(1)

(if)

(iif)

(iv)

Stress-induced transition: The specimen is, by applying uniaxial compression,
transformed from austenite into a single variant of martensite (let us denote this
variant as variant 4 and the axis along which the compression is applied as x).
Mechanical stabilization: Once the specimen is fully transformed into martensite,
the loading is removed. However, the specimen does not return back to austenite,
as the obtained single variant is mechanically stabilized, i.e., the 4 temperature
is shifted upwards.

Reorientation: The specimen is uniaxially compressed again, but in another
direction (perpendicular to the previous one, let it be denoted by y). Under
loading in this direction, the specimen starts reorienting via the compound
twinning system into another variant of martensite (denoted as 4’). A fine laminar
structure of compound twins appears in the specimen, whereto the volume
fraction of 4" in A4 increases continuously until the transition is completed.
In every point of the transition, the loading can be interrupted and removed,
which means we can obtain finely compound-twinned specimens with arbitrary
volume fractions of variant A’ in variant 4. Let it be pointed out that such
compound laminates are mechanically stabilized as well.

Shape recovery via interfacial microstructures: After the loading is removed, the
specimen is heated up. This induces the shape recovery process. As mentioned
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above, such transition is always provided by the formation and propagation
of interfacial microstructures. The last column of Figure 1 shows the three
possibilities how this transition could look like:

e A-to-austenite (the first row in Figure 1): If the specimen is in single
variant 4 (i.e., no compression along the y axis was applied), a classical X-
interface forms and propagates, so the specimen exhibits exactly the same
behavior as those examined in [8]. Within this preliminary discussion, we
will focus on one of the two twinned regions in the X-interface only. One of
the variants included in this twinned region must be A (as this twinned
region borders to this variant by a twinning plane). The second variant is
some variant B able to form Type-I/II twins with variant 4.

e A’-to-austenite (the third row in Figure 1): If the specimen is in single
variant 4" (the reorientation by the compression along the y axis was
completed), the behavior is very similar to the previous case, with the only
difference being that the observed twinned region of the X-interface is
composed of variant 4" and variant B" (where B’ is able to form Type-I/II
twins with variant A4"). As the variants 4 and A’ are mirror symmetric
(the mirror plane is their compound twinning plane), the X-interfaces
formed during the A-to-austenite transition and the A’-to-austenite
transition possess this mirror symmetry as well, which means that the
variants B and B’ are also able to form compound twins with the same
twinning plane as 4 and A4'.

e AA’-to-austenite (the second row in Figure 1): The most interesting
situation occurs when the shape recovery process is starting from the
compound-twinned structure 44’ (i.e. the reorientation by the compression
along the y axis was interrupted somewhere in the middle). The X-interface
(or some similar interfacial microstructure) forms again via Type-I/I1
twinning, since the already present compound twins cannot form any
compatible interface with austenite. However, this Type-1/1I twinning does
not cause any disappearance of the compound twins. Instead, the Type-I/I1
twins penetrate the compound system and form a checkerboard-like
microstructure with it. In the observed twinned region of the X-interface,
the included variants are now 4, A’, B and B’, where the compound systems
AA’ and BB’ cross compatibly the Type-1/II systems 4B and A’B’. The fact
that in the Cu—Al-Ni alloy the compound and Type-I/II twins can cross
compatibly was first mentioned in [3], and further discussed in [8,9]. Here,
let us mention only that the variants 4, A4’, B, B’ can form the crossing-
twins microstructure (a checkerboard-like pattern given by compound
twinning planes 44" and BB and Type-I/II twinning planes AB and A'B’)
only if the compound twinning planes 44’ and BB’ are the same. Then, the
resulting pattern indeed looks like the sketch in Figure 1: the compound
twinning planes are straight and induce kinks on the Type-I/II twinning
planes which change their orientation depending on whether they run
between variants 4 and B or between variants 4" and B'.

2.3. Experimental procedure and observed microstructures

The formation of non-classical interfaces, namely interfaces between austenite and two
mutually crossing systems of martensitic twins, was observed in a single crystal of the
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Cu-AI-Ni alloy. The examined specimen was a 3.9 x 3.8 x 42mm° rectangular prism
of the austenitic phase of Cu—AIl-Ni, cut from a larger single crystal such that the normals
to the specimen’s faces had approximately the principal crystallographic directions (100).
The original single crystal was grown by a Bridgman method at the Institute of Physics,
ASCR in Prague, the exact orientations were determined by Laue method as ([0.988;
—0.122; 0.087], [0.140; 0.980; 0.070], [—0.105; —0.052; 0.993]), which differs from the
principal orientations by less than 10°. (Further in the text we will denote individual faces
of this specimen by their approximate outer normals in austenite, e.g. [100],4 or [100],.)
The transition temperatures of the specimen were determined by DSC as follows: the
martensite start temperature was Mg=—5°C, the martensite finish temperature was
Mp=-22°C, austenite start temperature was Ag=26°C, and the austenite finish
temperature was Ap=>52°C.

By uniaxial compression in a bench wise, this specimen was transformed into a single
variant of martensite. As the austenitic specimen was cut along principal (e.g., (100),)
faces, the faces of resultant martensitic parallelepiped obtained after compression were
approximately equal to (010)y, (101)n, and (101)y, planes in martensite (in the
crystallographic system for variant No.l using the notation summarized in the
Appendix). According to [11], we can predict which twinning systems will be activated
by uniaxial compression in directions perpendicular to these planes. As far as the [010]y
direction is concerned (i.e. the direction in which was the specimen compressed during the
stress-induced transition from austenite), further compression in this direction does not
induce any reorientation, the specimen becomes only elastically deformed. Compression
in two perpendicular directions induces reorientation into another variant of martensite.
The compressions in directions close to [101]y; and [101]y; can initiate twinning both
in Type-II and compound systems, depending on the exact orientations. The specimen
used enabled the compound reorientation under compression in the [101]y; direction
and the reorientation via the Type-II system under compression in the [101],; direction.
For this reason, this specimen was suitable for the proposed experiments.

Prior to the own experiments, the specimen was mechanically polished and cleaned by
ethyl alcohol. The formed microstructures were observed by an OLYMPUS SZ60
stereomicroscope, and recorded by an uEye UI-2250-C camera (chip size 1/1.800”) with
full 1600 x 1200 pts resolution. The obtained micrographs were converted into a 16-bit
grayscale with proper intensity rescaling such that the microstructures were clearly
visible. Let it be pointed out here that, due to compressions of the specimen in two
different direction (one inducing the stress induced transition, the second the formation
of compound twins), most of the optical micrographs presented in this article were
taken from the faces on which the loading was previously applied. For this reasons,
the observed surfaces are significantly rough and damaged and the resulting micrographs
are significantly less distinct than those in [8] (or in most of the literature on SMA single
crystals, e.g., [3]). This effect was even amplified by several repetitions of the experiments.

In Figure 2(a), an optical micrograph of the specimen after the steps (i), (ii), and (iii) of
the above-proposed experimental procedure is shown, i.e., after the stress-induced
transition, the mechanical stabilization and the partial reorientation via the compound
twinning from variant A into variant A’. As clearly seen from this micrograph, the real
microstructure obtained by this sequence of mechanical loads slightly differed from what
predicted in the previous section: The compound laminate obtained was heterogeneous
and, in the upper right corner, it was also intersected by few needles of another twinning
system. However, after short localized heating (from the lower right corner), the material
indeed formed a fully non-classical interface between austenite and the two crossing
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T Facewith outer normal [TOO] Ay — Facewith outer normal [TOO]A

Figure 2. Compound-twinned structure (initial compound laminate, on the left) gets crossed by a
Type-II twinning system during the shape recovery process (on the right). Optical microscopy.

systems of martensitic twins (optical micrograph on the right of Figure 2). On the
other hand, the whole interfacial microstructure formed in the specimen was significantly
more complicated than the X-interface sketched in Figure 1. At the boundary between
the two crossing twinning systems and the initial compound laminate, a rather
unordered mixture of various variants appeared. This effect was observed during most
of the repetitions of the experimental procedure; simple X-interfaces were observed
only in the cases when the compound volume fraction (4 in A’ or vice-versa) was
close to zero, i.e., when the weakly non-classical interfaces formed, similar to those
obtained in [8].

A typical example of the observed microstructures is given in Figure 3. It shows
an X-interaface separating the austenite from the initial compound-twinned martensite.
The global shape of this interface can be seen in Figure 3(a). At faces with outer normals
[100]4, [010]4, and [100],, this interfacial microstructure forms a non-classical interface
with austenite, as clearly seen in the zoomed areas in Figure 3(c—e). The zoomed
area in Figure 3(f) reveals that only the Type-I/II twins can be observed at the face
with outer normal [001],, i.e., the compound twinning planes are approximately parallel
to this face. )

At the face of the outer normal [001] ,, the martensitic microstructure at the interface
with austenite can be again expected to be a pattern of two crossing twinning systems.
However, in the particular run of the experiment for which the optical micrograph in
Figure 3 were taken, the microstructure in this region was extremely fine and its reliable
observation was, thus, impossible due to the roughness of the surface (see the comment on
the quality of the surfaces above in this section). Similar effects were observed repeatedly:
one part of the X-interface always formed a clearly visible non-classical interface with
austenite, whereas the second part was extremely finely twinned. For the same reasons,
it was impossible to observe the actual microstructure near the crossing line of the
X-interface. The microstructure there (not only inside the crossing-twins regions but also
in the initial compound laminate) was extremely fine and rather chaotic. Figure 4 shows
two optical micrographs taken in the same run of the experiment as those in Figure 3.
The difference between the fineness of the twins in the two regions of the X-interface

55



10: 24 30 Novenber 2009

[ Sei ner, Hanus] At:

Downl oaded By:

800 H. Seiner and M. Landa

AUSTENITE
®[001],

®[100],

® Outer normals
[ Austenite
[ Crossing twins

[ Compound laminate

":;""f-"? ",
Yy Jte
L4 2 Iy 2

f
i "' - -
2 :‘ﬁ-'_"-.‘la’-’ i
Facewith outer normal [100],

Figure 3. The interfacial microstructure formed during the shape recovery process from a
compound twinned structure: (a) global view composed of optical micrographs of individual faces
of the specimens, the dashed line follows the habit planes; (b) scheme showing the placement of
zoomed areas (c—f).

is clearly seen in Figure 4(a), showing the crossing point of the X-interface at the face
with outer normal [100],4. The chaotic character and fineness of the microstructure in the
region spanning over faces with outer normals [100] 4, [001] ,, and [100] , is illustrated by
Figure 4(b). These observations reveal that the real interfacial microstructures formed
during the shape recovery process from the compound laminate are significantly more
complicated that those predicted by the preliminary theoretical analysis (Figure 1).
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Figure 4. Optical micrographs illustrating the difference between the two regions of the observed
interfacial micorstructure. (a) The X-interface at the face with outer normal [100]; (b) complicated,
finely twinned interfacial region at the face with outer normal [001] ,.

3. Discussion and miscellaneous comments
3.1. Identification of variants, twinning systems and volume fractions

Within the theoretical discussion of the observed interfaces, it is necessary to identify
which variants of martensite and which twinning systems are involved. This will be done
in this section for the microstructure shown in Figure 3 (namely for the region where
the existence of non-classical interfaces between austenite and martensite is indubitable,
i.e., the region spanning over faces with outer normals [100], [010], [001], and [100] ),
using consistently the notation of variants from [15], which can be also found in the
Appendix.

As clearly seen in Figure 3, the twinning plane of the initial compound twinning system
is perpendicular to the [001], direction. This compound twinning plane appears also in the
crossing-twins microstructure at the non-classical interfaces and must be, consequently,
equal to the compound twinning planes of both systems 44" and BB’, as mentioned in
Section 2.2. The pairs of variants enabling such compound-twinning planes are No.1-No.2
and No.3-No.4 only. We can directly conclude that these four variants are involved in the
observed crossing-twins microstructure. Similarly, the identification of the Type-I/II
twinning systems is also simple. At the face with an outer normal [001], (i.e. the face
parallel to the compound twinning planes), the Type-I/II twinning planes are clearly visible
(Figure 3(f)). The intersection of these planes with the face contains approximately a 45°
angle with the edges of the specimen. There are four possible combinations of variants and
twinning system:

(i) Type-I twins of variants No.l and No.4 (n4 = (v/2/2; v/2/2; 0)).

(i) Type-I twins of variants No.2 and No.3 (ny3 = (v/2/2; v/2/2; 0)).
(iii) Type-1I twins of variants No.1 and No.3 (rn;3=(0.688; 0.688; 0.228)).
(iv) Type-II twins of variants No.2 and No.4 (n,4 =(0.688; 0.688; —0.228)).

In other words, the variants involved in the observed microstructure can either be
A~No.l, A ~No.2, B~No.4, and B ~No.3 with Type-I twinning, or 4~ No.l,
A'~No.2, B~No.3, and B~ No.4 with Type-II twinning. However, as seen on the faces
with outer normals [100] 4, [100], and [010], respectively (Figure 3(c—e)), the compound
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twinning planes induce clearly visible kinks at the Type-I/II twinning planes, which is not
possible for Type-I twins since n,3 =ny4 for this twinning system. Thus, the twinning
system crossing the compound twins in the analyzed microstructure must be Type-1I and
the individual variants are 4 ~No.l, A’~No.2, B~No.3, and B ~No.4.

Unfortunately, the volume fractions of the variants involved cannot be determined
using any similar manner. The fineness and heterogeneity makes the direct estimation of
averaged volume fractions impossible. However, some rough estimates can be done based
on the condition of the geometric compatibility at the observed non-classical interface.
In [9], it was shown that a crossing-twins microstructure of variants A, A’, B, and B
including 44" and BB’ compound twins and 4B and A’B Type-II twins can form a
compatible planar interface with austenite if (and only if)

ap + ar(A* — A)

R - ,
ar + az(A* — A)

()

where A is the volume fraction of variant B in the AB Type-II laminate (and
simultaneously of variant B in the A’B’ laminate), A is the volume fraction of variant
A’ in the AA’ compound laminate (and simultaneously of variant B’ in the BB’ laminate),
and ay, a;, a», and a5 are the coefficients given by the lattice parameters of the examined
material. Explicit formulas for these coefficients can be found in the Appendix. The
relation (1) provides for each A between 0 and 1 such volume fraction A (more precisely
two volume fractions A;<1/2 and A,=1—A;>1/2) that the resulting crossing-twins
microstructure is rank-one connectible to austenite. Furthermore, numerical simulations
presented in [9] show that for A varying between 0 and 1, the orientation of the habit
plane varies significantly as well. This enables us now to determine the volume fraction A
inversely, i.e., to tune it such that the orientation of the habit plane evaluated for it using
the numerical procedures described in [9] is in optimal agreement with the optical
micrographs in Figure 3. Using such approach, it was shown that the averaged habit plane
orientation seen in this figure is well approximated for A ~ 1/3 and for the smaller of the
two possible solutions of (1) (The calculation was done for the normals of the observed
faces taken as exactly equal to [100], and [010],. However, as the initial compound
laminate is significantly heterogeneous and as the observed habit interfaces are not exactly
planar (Section 3.2.3), the obtained estimate of the volume fraction A is quite rough,
and thus, also acceptable for the exact orientations of the individual faces as obtained by
the Laue method.) The geometry of the crossing-twins microstructure constructed for
these volume fractions and of the corresponding non-classical interface is sketched
in Figure 5, where the shown areas (including the edges of the specimen, etc.) mimic the
zoomed areas (¢) and (e) of Figure 3. In Figure 5, the parameters used for the optimization
of A are also shown. These were the angles between the habit plane and the edge of the
specimen visible on the face with outer normal [100] 4 (approximately 46°) and a similar
angle visible on the face with outer normal [010] , (approximately 100°). Both these angles
were approximated by A = 1/3 with accuracy better than 1°. Also the averaged orientation
of the Type-II twinning planes sketched in Figure 5 is in good visual agreement with what
is seen in the corresponding optical micrograph. As the Type-II volume fraction
determined for A~ 1/3 via Equation (1) is as well A~ 1/3, we can summarize that the
crossing-twins microstructure forming a non-classical interface shown in Figure 3 consists
of approximately 1/9 of variant No.4, 2/9 of variant No.3, 2/9 of variant No.2, and 4/9 of
variant No.1.
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Figure 5. The geometry of the non-classical interfaces evaluated for volume fractions A ~A=~1/3.
The shown areas mimic the optical micrographs in Figure 3(c and e).

Note here that the above analysis is valid only for one particular run of the experiment
captured by the optical micrographs in Figure 3. The observed microstructures obtained
by other repetitions of the experimental procedure differed by the initial volume fraction
of the compound twins, and thus, also by the average orientations of the habit plane.
However, in most of the runs of the experiment, two main features were observed: First,
the Type-I/I1 twinning planes observed at the face with outer normal [001] 4 contained the
angle approximately 45° with the edges of the specimen; second, the kinks induced at these
planes by the compound twinning planes on faces with outer normals [100], and [010]4
were clearly visible. This means that the involved variants were always No.1, No.2, No.3,
and No.4 and that the two mutually crossing twinning systems were always compound
and Type-II.

3.2. Miscellaneous comments on the experiments

The following short comments address diverse topics related either to the experimental
procedure or to the observed microstructure.

3.2.1. Optical microscopy in polarized light

It is relatively common to use polarized light for optical observations of martensitic
microstructures. The advantage is that the use of a polarizing filter enables a selective
display of individual martensitic variants or of austenite due to the differences in the slopes
of the surface relief. This is optimal for the observation of the first-order laminates; the
selective display of one of the variants enables the binarization of the obtained images and
consequent automatized determination of volume fractions, twinning plane orientations,
etc. [16]. However, this advantage becomes questionable for complex microstructures such
as the crossing-twins microstructure reported in this article, where four different
martensitic variants are observed. On the other hand, the selective display of one or two
variants enables a more detailed analysis of the microstructure close to the interface with
austenite. The optical micrographs of this region taken in polarized light (Figure 6) prove
that the observed interfaces are really non-classical, i.e., none of the four variants
(and none of the two twinning systems) disappear in the vicinity of the interface to
austenite. These micrographs (namely the micrograph on the left of Figure 6) also clearly
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Austenite

" 0dmm Facewith outer normal [100],

Figure 6. The same area of the non-classical interface (face with outer normal [100],) observed
through a polarizing filter at two different rotation angles. On the left, variant No.1 and austenite are
selectively displayed, on the right, martensitic variants Nos. 3 and 4 are selectively displayed.

Figure 7. (a) Nucleation of austenite into the initial compound-twinned structure (optical
microscopy, inverted grayscale). The zoomed area (with the illustrative scheme) shows the region
where the non-classical interface forms. (b) Clearly visible curvature of the phase interface at the
face with outer normal [010], (optical microscopy, inverted grayscale; the micrograph was taken
during the same run of the experiment as those in Figure 3).

illustrate the morphology of the crossing-twins microstructure, especially the kinks
induced on the compound twinning planes by the intersection of Type-II twins.

3.2.2. Nucleation of austenite

The shape recovery process described in this article starts from the nucleation of austenite
in the compound-twinned (i.e., mechanically stabilized) martensite. This nucleation is an
extremely complicated microstructural process, as the martensite around the nucleus must
locally rearrange to ensure the compatibility (i.e., the interfacial microstructure nucleates
together with austenite). The question is whether the microstructure surrounding the
nucleus already contains some non-classical interfaces, or whether these form later during
the shape recovery process. In Figure 7(a), a nucleus of austenite in a corner of the
examined specimen is shown. Similarly, as for the nucleation of austenite from a single
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variant of martensite mentioned in [8], the nucleus is surrounded by a complicated twinned
structure ensuring the compatibility. However, it is clearly seen that in the area where the
compound twinning planes touch the nucleus, thin needles of Type-II twins appear and
form locally a non-classical interface (see the zoomed area in Figure 7(a) and the
corresponding scheme).

3.2.3. Curved interfaces

As clearly seen in the optical micrographs in Figures 2 and 3, the real interfaces between
austenite and the crossing twins is approximately planar. On the other hand, especially the
micrographs in Figure 3(c and e) reveal some slight deviations of the habit planes (habit
interfaces) from exact planeness (in Figure 7(b), the approximate shape of this slightly
curved interface is sketched in the optical micrograph of the face with outer normal [010] 4
taken during the same run of the experiment as Figure 3). This is natural due to the fact
that the initial compound-twinned laminate is never exactly homogeneous and,
consequently, the resulting crossing-twins microstructure cannot be compatibly connected
to austenite over one planar habit plane. This fact requires a deeper discussion: although
the results of [9] show that the orientation of the habit plane varies with the volume
fraction A, it is not clear whether these variations enable a compatible connection to
austenite, or whether the curved interface can be obtained with the presence of elastic
strains only. The problem is actually being solved by Ball et al. [9] (according to [17]).

4. Summary

In this article, the optical observations of interfaces between austenite and a crossing-twins
microstructure of 2H martensite of the Cu—Al-Ni SMA were presented. In agreement with
the theoretical predictions and with the results of [8], such non-classical interfaces formed
during the shape recovery process from a compound-twinned single crystal of this alloy.
The optical micrographs were used for the identification of twinning systems and variants
of martensite involved in the microstructure, as well as for the estimation of volume
fractions, for which the theoretical results of [9] were used.
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Appendix: Lattice correspondence, Bain tensors, and compatibility parameters

In this Appendix, the notation of the variants used throughout this article is summarized and the
explicit formulas for the parameters appearing on the right-hand side of Equation (1) are given.
The individual variants of martensite are represented here as follows. For each variant, the
lattice correspondence matrix P is given, which is the matrix relating the crystallographic planes
in parent single crystal of austenite (k; /; m)j to the corresponding planes in martensite (k; /; m)}l,

(k; I m)},, =P(k; [, m)z. (A1)

These matrices unambiguously relate the individual variants to the parent lattice of austenite.
Moreover, these matrices enable us to evaluate the Bain tensors (symmetric parts of polar
decomposition of the deformation gradients, see [1] for more details) from the lattice parameters.
For each variant, the resulting Bain tensor is also given.

For the variants Nos 1-6, the lattice correspondence matrices and the Bain tensors are:

0 -1 1 e 0 0
Pror=1 0 0, Unor=]0 e —e |, (A2)

0 % % 0 —es eq

0L 1 e 0 0
Pro2a=|1 0 0 |, Uno2=]0 e e |, (A3)

0 % —% 0 e ey
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% 0 - % eq 0 —€
Pnoz=]0 1 0 |, Unos=] 0 ¢ 0 |, (A4)
10 % —e; 0 ey
04 eq 0 e
Pnoa=] 0 1 O}, Unosa=]0 e 0], (AS)
— % 0 1 es 0 ey
-+ 10 eq —es 0
Pnos=)] 0 0 1], Unos=]|-—-e e 0], (A6)
11 0 0 e
% % 0 eq e 0
Pros=(10 0 11, Unos =] e e 0[], (A7)
T 0 0 e

where the transformation strains are e, =0.9154, ¢,=0.0200, and e,=1.043. This notation is the
same as used in [8] and defined in [15].

In Section 3.1, Equation (1) was used for approximate estimation of the volume fractions in the
crossing-twins microstructure consisting of variants 4, A’, B, and B'. The parameters ay,. .., a; are
related to the Bain tensors U,, the shearing vectors b;; and the twinning plane normals n;; (where
I,J=A, A, B, B, see [8] for exact definition of these vectors), according to the relations derived by
Ball and Koumatos in [9]. Here, only the results are listed:

ap = det (U — 1), (A8)
ar = —2b4p - Uc0f(U% — Dnyp, (A9)
ay = —2by 4 - Uycof (U — Dnyy, (A10)
1 1
a; = 4cof | Ag +§A2 : A1+§A3 + 4ay, (A11)
where the matrices Ao, ..., Az are
Ag=U% -1, (A12)
A =Uybip®@np+n430U ' byp, (A13)
Ay =Uybyy @ny+ns0 UG byy, (Al4)
and
2byq - b 2by4 - b
Ay =—(U'nap baw + %)”AA’ @U,'byp— %UAbAB Qnyy. (A15)
AB AB

The algebraic operations used in these formulas are the dot-product of two vectors a-b=>"; a;b;, the
dyadic product of two vectors (a ® b);=a;b;, and the double-dot product of two matrices A:B=)";
> ; A; By The symbol cof(A) denotes the cofactor matrix to the matrix A.
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2.4 Publikace Nukleace austenitu v mechanicky stabilizovaném

martenzitu lokalizovanym ohrevem.

Bibliograficka citace:

Struéna anotace:

Prispévek habilitanta:

Ball, J.M., Koumatos, K., Seiner, H. Nucleation of austenite in me-
chanically stabilized martensite by localized heating (2013) Journal of
Alloys and Compounds, 577 (SUPPL. 1), pp. S37-S42.

V této publikaci je popsana, experimentalné zdokumentovana a po-
moci metod variaéniho poctu teoreticky analyzovana nukleace auste-
nitu v mechanicky stabilizovaném martenzitu doprovdzena vznikem
rozhranové mikrostruktury. Je pozorovéno, Ze k nukleaci vzdy dochdzi
v rozich vzorku, bez ohledu na to, kde je aplikovan lokalizovany
ohiev. Pomoci zjednoduseného, nelinedrné-elastického modelu je pak
ukazéano, Ze k efektivnimu sniZeni energie muze dojit pravé jenom ve

volném rohu vzorku.

Veskera prezentovand experimentdlni pozorovani jsou praci habili-
tanta. Déle se pak habilitant podilel na formulaci teoretického modelu

a diskuzi jeho predikci ve vztahu k experimentu.
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The nucleation of bcc austenite in a single crystal of a mechanically stabilized 2H-martensite of Cu-Al-Ni
shape-memory alloy is studied. The nucleation process is induced by localized heating and observed by
optical microscopy. It is observed that nucleation occurs after a time delay and that the nucleation points
are always located at one of the corners of the sample (a rectangular bar in the austenite), regardless of
where the localized heating is applied.

Using a simplified nonlinear elasticity model, we propose an explanation for the location of the
nucleation points, by showing that the martensite is a local minimizer of the energy with respect to
localized variations in the interior, on faces and edges of the sample, but not at corners, where a localized
microstructure can lower the energy.

© 2011 Elsevier B.V. All rights reserved.

1. Introduction

The shape-recovery process, i.e. the thermally driven tran-
sition from the low temperature phase (martensite) into the
high-temperature phase (austenite), is a fundamental part of the
shape-memory effect. For many shape-memory alloys, the crit-
ical temperature for initiation of the shape-recovery process is
strongly dependent on the microstructure of martensite entering
the transition. When the heating is applied on a thermally induced
martensitic microstructure obtained by the stress-free cooling of
the austenitic phase, the transition starts at a certain temperature,
usually denoted as As (austenite start). However, if the material in
the martensitic phase is, prior to the heating, deformed (i.e. if the
microstructure is reoriented by application of external mechan-
ical loads), this critical temperature can be shifted significantly
upwards. This effect is called the mechanical stabilization of mar-
tensite and has been documented for both single crystals and
polycrystalline shape-memory alloys (SMAs) [1,2].

The difference between the shape-recovery process from the
mechanically stabilized martensite and from the thermally induced
martensitic microstructure was clearly illustrated by acoustic emis-
sion (AE) measurements by Landa et al. [3]. The AE method is based
on detecting and counting the number of acoustic signals emit-
ted by the material during the course of the transition (see Refs.
[4,5] for an example of the use of AE for characterization of the

* Corresponding author. Tel.: +44 1865 615110; fax: +44 1865 615101.
E-mail addresses: ball@maths.ox.ac.uk (J.M. Ball), koumatos@maths.ox.ac.uk (K.
Koumatos), hseiner@it.cas.cz (H. Seiner).

0925-8388/$ - see front matter © 2011 Elsevier B.V. All rights reserved.
doi:10.1016/j.jallcom.2011.11.070

65

martensitic transitions in SMAs). Fig. 1 (taken from Ref. [3] with
courtesy of M. Landa) gives an illustrative example of the com-
parison of AE records obtained for the same single crystal of the
Cu-Al-Ni alloy undergoing the transition in these two different
regimes. For the thermally induced microstructure, more than 90%
of AE events occur in a temperature range between the austenite
start temperature As and the austenite finish temperature Ag, which
is in agreement with DSC measurements for the same material.’
The transition in this temperature interval is preceded by a small
number of events (less than 10%) appearing below As. These events
can be ascribed to the formation of nuclei of austenite in the ther-
mally induced martensitic microstructure. Above As, these nuclei
grow successively through the material and provide the transi-
tion. For the stabilized martensite, more than 90% of the events are
recorded within a very narrow temperature interval. As observed
by Seiner et al. [6], the transition from the mechanically stabilized
martensite is provided by the formation and propagation of special
interfacial microstructures, which interpolate between austenite
and mechanically stabilized martensite ensuring the kinematically
compatible connection between them. These microstructures are
able to exist and propagate in a wide range of temperatures and
thermal gradients [7]. Thus, the AE record for the stabilized mar-
tensite can be interpreted as follows: the small number of AE events
detected below the narrow interval corresponds to the nuclea-
tion of austenite. As soon as the nucleation barrier is overcome,
the interfacial microstructure propagates abruptly through the

T These temperatures, however, differ from the transition temperatures of the
material used in Section 2 of this paper, since the heat treatment of the material
used by Landa et al. 3] was slightly different.
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Fig. 1. Illustrative comparison of AE records for the transitions of Cu-Al-Ni single
crystal from the thermally induced and mechanically stabilized states. (a) grad-
ual increase of the number of events between As and Ar for the thermally induced
microstructure; (b) abrupt transition of the stabilized martensite within a narrow
temperature interval. The 100% corresponds to ~107 events.

specimen and no further increase of the temperature is necessary.
This shows how essential the nucleation process is for the effect of
mechanical stabilization and the shape-recovery process in general.

This mechanical stabilization effect resulted in a rather surpris-
ing nucleation mechanism of austenite in a Cu-Al-Ni single crystal.
In a simplified setting, we provide a mathematical explanation for
this mechanism, based on ideas of the modern calculus of varia-
tions.

2. Experimental observations

The observations that follow were made on a single crystal of Cu-Al-Ni, pre-
pared by the Bridgman method at the Institute of Physics, ASCR. The specimen was
a prismatic bar of dimensions 12mmx3 mmx3 mm in the austenite with edges
approximately along the principal directions of the austenitic phase (see Ref. [6] for
a detailed description). The martensite-to-austenite transition temperatures deter-
mined by DSC were As=—6°C and Ag=22°C. The critical temperature T¢ for the
transition from the stabilized martensite induced by homogeneous heating for this
specimen was ~60°C. This was estimated from optical observations of the transi-
tion in this specimen with one of its faces laid on and thermally contacted with a
gradually heated Peltier cell, using a heat conducting gel.

The specimen was subjected to the following experimental procedure:

a) by unidirectional compression along its longest edge, the specimen was trans-
formed into a single variant of mechanically stabilized 2H martensite. Due to
the mechanical stabilization effect the reverse transition did not occur during
unloading.

b) the specimen was then freely laid on a slightly pre-stressed, free-standing
polyethylene (PE) foil (thickness 10 wm, temperature resistance up to 140°C).
This ensured that there were minimal mechanical constraints to the specimen
during the observations.

c) the specimen was locally heated by touching its surface with an ohmically heated
tip of the Solomon SL-30 (Digital) soldering iron with temperature electroni-
cally controlled to be 200°C (control accuracy ~+5°C), i.e. significantly above
the As and T¢ temperatures. The nucleation of austenite was optically observed

[100],
l [001],
[010],
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and recorded by a conventional CCD camera (7 x optical zoom, 25 frames/s, PAL
resolution with mpeg compression).

The localized heating was applied in three different ways: (i) with the tip touch-
ing one of the corners surrounding the upper face; (ii) with the tip touching one
of the edges, approximately in the middle between two corners; (iii) with the tip
touching approximately at the centre of the upper face. These experiments were
repeated for various orientations of the specimens, i.e. with various faces chosen to
be the upper (observed) ones.

When heating was applied at a corner, the nucleation was always induced
exactly at that corner and occurred nearly immediately after touching the speci-
men with the tip. When heating either an edge or the centre of the upper face, the
nucleation occurred at one of the corners as well, i.e. the localized heating did not
result in formation of the nucleus under the tip. Moreover, the nucleus was only
observable after 30-60 s, which was enough time for the corner to reach the Tc tem-
perature. In different tests the nuclei were observed at different corners (including
those lying on the PE foil) and the exact choice was probably governed by imperfec-
tions of the stabilized martensite. After the nucleation, the transition front formed
and propagated through the specimen. The velocity of the transition front probably
depended on the actual overheating of the specimen. For some runs of the experi-
ment, it propagated at a few millimetres per second (comparable to the transition
front propagating in a thermal gradient [7]); for other runs, the whole specimen
transformed fully within less than 1s. This also supports the conjecture that the
nucleation is affected by the local microstructure in the corners: if the nucleation
barrier in one of the corners is lowered e.g. by imperfections in the stabilized mar-
tensite, the nucleation occurs earlier (i.e. at a lower temperature) and the transition
front, which lowers the temperature of the material by the latent heat [ 7], propagates
more slowly.

In Fig. 2, snapshots from the observations are seen (video). The transition
fronts have morphologies of the interfacial microstructures described in [6] (X- and
A-interfaces), in which the mechanically stabilized martensite is separated from
austenite by a twinned region ensuring kinematical compatibility.

3. Nonlinear elasticity model: general and simplified
3.1. General model

The general nonlinear elasticity model [8,9], which neglects
interfacial energy, leads to the prediction of infinitely fine
microstructures which are identified with limits of infimizing
sequences y¥, k=1, 2, ..., for a total free energy

Eg(y) = / o(Vy(x), 0)dx.
Q

Here, Q2 represents the reference configuration of undistorted
austenite at the critical temperature 6. and y(x) denotes the
deformed position of the particle x € 2. The free-energy function
©(F, 0) depends on the deformation gradient Fe M>*3 and the tem-
perature # where M3*3 denotes the space of 3 x3 matrices. By frame
indifference, ¢(RF, ) = ¢(F, 8) for all F, 6 and for all rotations R; that
is for all matrices in SO(3) = {R :RTR=1,detR = l}. Let

Kg=1{F:¢(G,0) = ¢ (F,6) for all matrices G}

HABIT PLANE
7

A

/
TWINNED-TO-DETWINNED
INTERFACE

% oo B

Fig. 2. Snapshots of the recorded video taken during the optical observations of the nucleation process. (a) The initial state with the length and crystallographic orientation
of the specimen given in the coordinate system of the austenitic lattice (indicated by the subscript A); (b) formation of the nucleus at a corner (the first frame of the recorded
video in which the nucleus was clearly visible); (c) the fully formed transition front propagating through the specimen. The morphology of the interfacial microstructure is
outlined by the arrows indicating the austenite-to-twinned martensite interface (the habit plane) and the twinned-to-detwinned interface between the laminate and the

stabilized martensite.
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Fig. 3. Sequence of gradients Vz* generating the x-independent Young measure
Vy = )LSF + (1 - )\,)55

denote the set of energy-minimizing deformation gradients. Then
we assume that

@ (0) SO(3) — austenite 0> 6
Ko ={ SO(3)ulJL,S0(3)U; (6) 0 =6
UY,s0(3)u; (0) — martensite 0 < 6,

where the positive definite, symmetric matrices U; (9) correspond
to the N distinct variants of martensite and «(0) is the thermal
expansion coefficient of the austenite with «(6:)=1.

However, information about the gradients of minimizing
sequences y¥ for E is lost in the limit k— oo and a more convenient
way to describe microstructure is via the use of gradient Young
measures, which are families of probability measures v = (vx),.q
generated by sequences of gradients Vz¥. Then we seek to minimize

IO(V):/(VX,(P>dX=// @ (A) dvy (A)
Q Q JM3x3

over the space of gradient Young measures. In this case, the under-
lying (macroscopic) deformation gradient Vz (x) corresponds to the
centre of mass of v, Vz(x) = Vx = (v, id) = fM3X3 Advy (A) (see Ref.
[9D.

As an example of the use of Young measures, consider the
x-independent measure vy = ASf + (1 — 1) ¢, for some A € (0, 1),
supported on two rank-one connected matrices Fand G=F+a®n
where a, n are vectors and §. denotes a Dirac mass. This Young
measure is generated by gradients Vz¥ consisting of simple lami-
nates formed from alternating layers with normal n of width Ak~1
and (1 — A)k~! in which VZ* takes the respective values F and G
(see Fig. 3). At each x, vy gives the limiting probabilities A, 1 — A as
k— oo of finding the matrices F and G, respectively, in an infinites-
imal neighbourhood of x. In this case, the macroscopic gradient is
Vz(x) =Ty =AF +(1 - 1)G.

3.2. Simplified model

For our simplified model, we assume that 6>6. and drop
the explicit dependence on the temperature. Let 2 denote the
Cu-AI-Ni bar in the austenite at =0 and ¢ : M>*3 — R U {+00}?
be the free-energy function for the material. Since 6> 6., we may
assume that ¢ is bounded below by some —§ <0 and that

. 8 FeSO@3) 1
wiFh)= 0 FelJ,50(3)U; M

2 Mf‘_X3 denotes the space of 3 by 3 matrices with positive determinant.
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where the matrices U; correspond to the six martensitic variants
for the cubic-to-orthorhombic transition of Cu-Al-Ni given by

g 0 0 B 0 0
0 a+y a-y 0 a+y y—-o
U]= 2 % U2= 2 %
2 2 2 2
o+y 0 oq—-y od+y 0 y—a
2 2 2 2
us=| 0 g 0 us=| 0 B 0
oa—-y 0 od+y y—a 0 a+y
2 2 2 2
a+y oa-y 0 a+y y—-o 0
2y of 20 of
Us=| 2%y afy | ve=|rZa afy
2 2 2
0 0 B 0 0 B

In order to make the problem more tractable we work with an
energy functional that captures the essential behaviour of ¢ but
becomes infinite off the energy wells

K:= SO(3)UU:SO(3)U,~.

In particular, we employ I'-convergence to rigorously derive this
functional (see Ref. [10] for details). For k=1, 2, ..., let ¢*=kyr+¢
where ¥ : M3*3 — Ris amap such that ¢ > 0 and v/ (A) = 0 if and
only if A€ K. For a Young measure v = (Vx),. and eackk=1,2, ...,
define the energies I (v) = fQ (vx, @K dx.

The idea behind I'-convergence is to precisely introduce a suit-
able notion of ‘variational convergence’ for which whenever I
I'-converges to I then minI=lim_, . infI¥ and if V¥ is a converg-
ing sequence such that lim;[* (VK) = limy inf I¥, then its limit is a
minimum point for I; here, infima and minima are taken over the
space of Young measures. In our case, one expects that as k— oo
the increasing term ki will force the limiting energy to blow up
everywhere outside K. Indeed, one can show that I¥ I"-converges to

I(V):/ <vx,W>dx:/ W (A) dvy (A) dx, (2)
Q Q JM3x3

where W (A) = ¢ (A) for all Ae K and W (A) = +o00 otherwise. Note
that this energy forces minimizers to be supported entirely within
the set K.

4. Why nucleation can only occur at a corner.

Let Us be the stabilized variant of martensite so that dy; is the
Young measure corresponding to a pure phase of that variant. In
our minimization problem, we consider variations of §y, which are
localized in the interior, on faces, edges and at corners. More pre-
cisely, letting B;, By, Be, Bc be as in Fig. 4, we say that a measure
V = (VUx)xeq is admissible for the interior (resp. for a face, an edge, a
corner) if vy = dy, outside B; (resp. By, Be, Bc) and vy = Vy (x) almost
everywhere in 2 for some y with y (x) = Usx on the boundary 0B;
of B; (resp. B;N 2, 9B, N €2, 3B, N2).2 For faces, edges and corners
0B;N 0L, 0B, N 32 and 9B N 0 L act as free boundaries.

We also assume that det Us < 1 and that

/ det Vy (x) dx < vol (y (R2)) (3)
Q

3 Technically, v is required to be a W' gradient Young measure meaning that it
is generated by a sequence of gradients Vz* such that for some M, |Vz¥ (x)| < M < oo
for all k and a.e. x; then the corresponding ‘weak limit’ z of z¥ also satisfies |Vz (x)| <
M.
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Fig.4. Subsets of 2 used for testing whether nucleation of austenite can occur in the interior, on a face, an edge and at a corner; these are given respectively by the intersection

of  with a small ball centred at a point in the interior, on a face, an edge or a corner.

for any map y underlying an admissible measure v, i.e. Vy (x) = Vx.
Condition (3) was introduced by Ciarlet and Necas [11] as a way
to describe non-interpenetration of matter. We denote the sets of
admissible measures v = (vx),.q for the interior, faces, edges and
corners by A;, Ar, Ae and A, respectively.

Fors=1,...,6and S2 = {e € R3 : |e| = 1}, the unit sphere, let

M;s = {e € 5% : |Use| = max{|U;e|, 1}} and
1

M1 = {e e S? : |cof Use| = max({|cof Uel, 1}},
1

where, for Fe M3*3, cof F stands for the matrix of all 2x2 subde-
terminants of F and |F| = vTrFTF denotes the Euclidean norm in
M3X3.

Theorem 1. [10] Let 2 be a parallelepiped (not necessarily rectan-
gular) with edges in the direction of vectors in M; U Uy ' M 1. Assume
that there exists a Young measure v € A; U Ar U Ae U Ac such that

1(v) <1 (8y,). Then, v e Ac.

Proof. (sketch) Let 2 be as in the statement and let v = (vx),.o
be an element of A; U A U Ae U Ac such that I (v) < I (8y, ). We first
show that v ¢ A;. Note that since I (8y,) = 0 we may assume that
supp vx C Kasotherwise I (v) = +oo and the result s trivial. By aver-
aging the measure v (see Ref. [10]) we may also assume that v is
an x-independent Young measure and v = Us without altering the
energy I (v). The minors relation for the determinant (see e.g. Ref.
[9],[12]) says that detV = (v, det) and hence,

detUs=/ detA dv(A)+/ detA dv(A)
S0(3) Ui50(3)u,»

:/ 1dv(A)+/ detUs dv(A) (4)
50(3) Ui50(3)u,-

since detU;=detU;s for all . Also, v is a probability measure, i.e.
Jic dv(A) =1, so that

det Us :/ det Us dv(A)+/ detUs dv(A)
50(3) Ui50(3)u,-
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and subtracting from (4),

/ (1 —detUs) dv(A)=0.
50(3)

Hence,v(SO(3)) = f50(3) dv(A) = 0ordet Us =1.The former case
leads to a contradiction as then

I(v):// W (A)dv(A)dx =0=1(y,) .
Q U;SO(3)Ui

So, let det Us =By = 1. By the AM-GM inequality

Us? o+ B% + y? 202, 2\1/3
[ gy
and thus |Us|? >3 =]|1|2. Note that the inequality is strict as other-
wise a=B=y=1and U;=1 for all i=1, ..., 6. The map F |F|2 is
convex and so [V|2 < (v, | -|2). Then

|Us|? 5/ Al? dV(A)+/ A1 dv(A)
50(3) UiSO(3)U,-

:/ 3 dv(A)+/ Us|? dv(A) (5)
S0(3) (Usoy;

since the norm does not change on martensitic variants. As v is a
probability measure,

|Us|2=/ |Us|? dv(A)+/ UsP? dv(A)
50(3) Ui50(3)u,-

and subtracting from (5),

/ (\Us|2—3) dv(A) < 0.
50(3)

However, |Us|2 >3 and hence, v (S0 (3)) = 0 completing the case of
the interior. Note that the proof does not utilize (3) or the condition
that det Us < 1; these are only relevant for faces and edges. Also, the
result for the interior does not dependent on the orientation of 2.

As for faces or edges, we wish to deduce that v cannot be an
element of 4; or 4. The proofs, though similar, are more involved
and we refer the reader to Ref. [10] for details. The proofs essen-
tially rely on showing that whenever a line segment joins points on
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vy = 0y,

v,x/léu\ +(1 =D dou,

Fig. 5. Depiction of a measure v € Ac such that I(v) <[ (SUS). In the light shaded

region vy =4 for some R e SO(3) so that austenite has nucleated at a corner; in
the dark shaded region vy = Ady, + (1 — A)dqu, for some Q € SO(3) and le{1, ...,
6} such that the matrices R and AUs + (1 — 1) QU, are rank-one connected, i.e. vx
corresponds to a simple laminate between U; and QU, there forming a compatible
interface with R. Note that the normals to the interfaces between austenite and the
simple laminate (habit plane) and between the simple laminate and the pure phase
of Us (twinned-to-detwinned interface) are different.

Vy = O0r

the prescribed part of the boundary 90BN €2 or 9B, N 2 of By or Be,
respectively, and lies in the direction of a vector in M;s U Uy ' M,
then it must necessarily deform like Usx under any map y underly-
ing an admissible measure v € Ag or Ae.

If the normal to a face is perpendicular to, or an edge is in the
direction of, a vector in Ms U U; ' Mg, the sets By or B, can then
be covered by such line segments so that y (x) = Usx in . But this
means that Vxy = Us and in a manner very similar to the proof for the
interior, we can show that this implies I (v) = 0, i.e. for all v € As or
Ae, I(v)>1 (6US) and no admissible measure for a face or edge can
lower the energy.C]

On the other hand, a specific construction shows that for any
given corner there always exists a measure v € A such thatI(v) <
1 (5u5 ) .Inthis construction (see Fig. 5) the measure v takes the value
Og in a small region at a corner, for some R € SO (3). The rotation
R can itself form a compatible interface with a simple laminate as
in Fig. 3 with F=U; and G=QU, for some variant chosen to form
the interface with R. This laminate can trivially also form a com-
patible interface with a pure phase of the variant Us and serves
as the interfacial microstructure interpolating between R (austen-
ite) and Us making the entire microstructure compatible. Note that
since the measure v is supported on SO (3) it must indeed lower the
energy. Then, Theorem 1 combined with the existence of an admis-
sible measure in A, that lowers the energy imply that nucleation
must, and does, occur at a corner.

5. Remarks and conclusions

For a general energy functional of the form

/ W (Vy (%)) dx,
Q

known necessary conditions for a map y to be a local minimizer are
that Wis quasiconvex at Vy (xq) for all xg in the interior — quasicon-
vexity in the interior (Meyers [13]) - and at the boundary (faces)
of Q - quasiconvexity at the boundary (Ball and Marsden [14]).
Recently, Grabovsky and Mengesha [15] showed that, along with
the satisfaction of the Euler-Lagrange equations and the positivity
of the second variation, strengthened versions of the quasiconvex-
ity conditions are in fact sufficient for y to be a local minimizer;
however, they showed this under smoothness assumptions on W
and also on the domain €2 which do not allow for edges or corners.
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In our work, the condition that
I(v) =1 (8y,) forallv e 4;(resp. Ar, Acand Ac)

is the appropriate expression of quasiconvexity at Us in the inte-
rior (resp. on faces, edges and corners). Then a way of interpreting
Theorem 1 is that W is quasiconvex at Us in the interior, at the
boundary (faces) and edges but not at corners, so that Us is a local
minimizer in the interior, on faces and edges with respect to the
localized variations defined before. We note that, to the best of
the authors’ knowledge, quasiconvexity conditions at edges and
corners have not been considered before (see Ref. [10]).

The sets M; and M; ! depend on the specific change of sym-
metry of the crystal lattice and, hence, on the lattice parameters of
the material. For a range of parameters (see Ref. [10] for details),
including those of the specimen studied here, the above sets have
explicit representations making our result applicable to a variety
of parallelepipeds; for s=1, 2 these are given by

Ms =f{eeS?: (1) leze3 = 0, |e1| < min{leyl, les}},

M;1=(eeS?: (1) lezes <0, ler| = max{lez], es]}}

whereas for s=3, 4 and s=5, 6 we simply interchange e; with e,
and e respectively. In particular, our result applies to the Cu-Al-Ni
specimen of this paper foranys=1, .. ., 6. However, for these lattice
parameters, M;s U U; ! M; ! does not exhaust the unit sphere. Hence
our result leaves open the possibility that for different specimens
nucleation could occur at a face or an edge.

It is worth noting that the same nucleation mechanism was
observed for a Cu-Al-Ni specimen stabilized as a compound twin.
This microstructure is also not able to form directly compatible
interfaces with austenite and our methods may be applicable to
this case as well.

Lastly, similar situations in which the incompatibility of gradi-
ents results in hysterisis have been documented before in different
contexts, e.g. Ref. [16]. There, though in a different way, the math-
ematical analysis argues that despite the existence of a state with
lower energy than a certain martensitic variant, it is necessarily
geometrically incompatible with it, giving rise to an energy bar-
rier, which keeps the specific martensitic state stable. In general,
in the context of microstructure formation, the incompatibility of
gradients gives rise to very rich and interesting phenomena, such
as the first genuinely non-classical austenite-martensite interfaces
observed by Seiner and Landa [17], where austenite was able to
form stress-free interfaces with a double laminate of martensite.
In Ref. [18], the reader can find further details as well as a relevant
mathematical analysis.
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2.5 Shrnuti ziskanych poznatku

Pohyblivé rozhratiové mokrostruktury ve slitiné Cu-Al-Ni vznikaji jako objekty umoZiujici kom-
patibilni pfechod z mechanicky stabilizovaného martenzitu (monovarianta nebo laminat typu
Compound) do vysokoteplotni asutenitické faze. Byly pozorovany za riznych termomechan-
ickych podminek a pro rizné orientace a geometrie vzorku; nicméné ve vSech pifipadech vykazuji
charakteristické morfologie typu X a \.

Jak bylo ukdzdno v podkapitoldch 2.1 a 2.2, nelze tyto morfologie predikovat pomoci
matematickych modeld zaloZenych na minimalizaci energie, nebot neodpovidaji ani lokdlnim
minimim energie, a to jak na makro-$kale (podkapitola 2.1), tak na mikro-Skéle (podkapitola
2.2). Zda se, naopak, Ze vznik téchto morfologii je fizen disipacnimi procesy na makroskéle,
piipadné anelastickymi procesy (vznik a zanik defektil) na mikroskale.

Ze jsou takové efekty dominantni Ize dobfe dobie vidét na piipadech analyzovanych v pod-
kapitoldch 2.3 a 2.4. V prvnim piipad€ se ukazuje, Ze morfologie typu X nebo A ma tendenci
vznikat i v pfipadech, kdy vychozim mechanicky stabilizovanym martenzitem neni monovari-
anta ale jemny lamindt, a formovani rozhratiové mikrostruktury tak vyZzaduje vznik komplexnich
struktur (neklasickd rozhrani). V druhém piipad€ je pak experimentalné pozorovano a teoreticky
vysvétleno, Ze specifické rozhratfiové struktury vznikaji i v pfipadé€, kdy je na vzorek aplikovan
lokalizovany ohfev v jiném misté, neZ je z geometrickych diivodi umoZziiena nukleace. Rozhrani
tak vznika v inverznim teplotnim gradientu a pohybuje se smérem od chladn€jsiho nuklea¢niho
bodu k bodu lokalizovaného ohfevu. z toho vyplyv4, Ze charakteristickda morfologie typu X a A
nemuze byt ani disledkem teplotniho gradientu.

Vysledky prezentované v této kapitole jsou shrnuty ve vyzvaném piehledovém clanku [58],
ktery vyjde v ivodnim Cisle Casopisu Shape Memory and Superelasticity, vyddvaného od kvétna

roku 2015 vydavatelstvim Springer Verlag.
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Makrodvojcéatova pohybliva rozhrani ve slitiné
Ni-Mn-Ga

Slitina Ni-Mn-Ga patii mezi takzvané feromagnetické slitiny s tvarovou paméti (FSMA), ve
kterych je feroelastické chovani izce spjato s magnetismem. V jednotlivych variantich martenz-
itu urcuje spontanni deformace (tj. orientace transformacniho strainu) také orientaci osy snadné
magnetizace. Diky velmi silné magnetokrystalické anizotropii t€chto materialt lze potom ap-
likaci vnéjstho magnetického pole indukovat reorientaci martenzitu: martenzit se reorientuje
tak, aby osy snadné magnetizace leZely ve sméru vné€jSiho pole. To je takzvany jev magnetické

tvarové paméti neboli magneticky indukované reorientace [10,11].

vvvvvv

ve slitiné¢ Cu-Al-Ni. Podle presného stechiometrického sloZeni slitiny mize vysokoteplotni faze
(austenit) pfechdzet pii ochlazovani do ¢tyf riznych nizkoteplotnich strukturnich fazi: kubického
premartenzitu, dvou rizné modulovanych monoklinickych martenzitickych fazi (10 M a 14 M)
nebo tetragonalniho nemodulovaného martenzitu.

Z technologického hlediska je nejvyznamnéjsi z téchto strukturnich fazi 10 M modulo-
vany martenzit (modulace na monoklinickych rovindch s periodou deseti meziatomdrnich
vzdalenosti), protoZe v této fazi mohou vznikat takzvand vysoce pohyblivd rozhrani, tedy
rozhrani, kterd jsou schopna pohybu krystalem pod reorientanim napétim 1 MPa a menS$im

nebo v odpovidajicim zptisobem slabych magnetickych polich.

Velikost reorientaéniho napéti u vysoce pohyblivych rozhrani zilezi na konkrétnim typu
dvojcaténi [59, 60]. Rozsahlou experimentalni studii [61] na velkém mnoZstvi vzorkd slitin
s mirné rozdilnymi stechiometriemi a tim paddem i mirné rozdilnymi transformacnimi teplotami
bylo prokazano, Ze dvojcata Typu 1 vykazuji vyrazné vyssi reorientani napéti nez dvojcata Typu
2 (Obr.3.1(a)), pricemz pomér mezi reorientacnim napétim pro Typ 1 a pro Typ 2 je silné zavisly
na teploté (Obr.3.1(a)).

Nasledujici komentované publikace jsou zaméfeny praveé analyzu rozdilu mezi rozhranimi
Typu 1 a Typu 2. V podkapitole 3.1 je zkoumadna struktura téchto rozhrani experimentéalné i po-

moci matematické teorie martenzitickych mikrostruktur; v této analyze je pokracovano i v pod-
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Obr. 3.1: Reorientacni napéti pro dvojcatova rozhrani Typu 1 a 2: (a) reorientacni kfivky

pro rozsdhlého soubor slitin s mirné rozdilnymi transformacénimi teplotami (b) zavislost reori-

entaniho napéti jednotlivych typt dvojcaténi na vzdalenosti od transformacni teploty. Pfejato

Z[59].

kapitole 3.2, kde jsou teoreticky navrzeny a experimentalnim pozorovanim zdokumentovany

rizné piipustné (kinematicky kompatibilni) morfologie. V podkapitole 3.3 je pak navrzen model

pohybu téchto rozhrani s ohledem na jejich mikromorfologii na riznych prostorovych skalach.

Otazka pohyblivosti dvojcatovych a makrodvojcatovych rozhrani je jednou z aktudlné

nejieSenéjSich otdzek mechaniky termoelastickych martenzitd. Se 44 citacemi od roku 2011

(podle databdze Scopus) patii publikace uvedend v podkapitole 3.3 mezi deset necitované&jSich

¢lankad s tématikou Ni-Mn-Ga publikovanych za poslednich 5 let (celkem asi 450 publikaci po-

ey s

dle téZe databaze). Zarover tento ¢lanek patii mezi 5 % nejcitovanéjsich ¢lanki daného roéniku

Acta Materialia.
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3.1 Publikace Vysoce mobilni dvojcatova rozhrani v 10 M modulo-
vaném Ni-Mn-Ga martenzitu: analyza za hranici tetragondlni

aproximace mrizky.

Bibliograficka citace: Straka, L., Heczko, O., Seiner, H., Lanska, N., Drahokoupil, J.,
Soroka, A., Fahler, S., Hinninen, H., Sozinov, A. Highly mobile
twinned interface in 10 M modulated Ni-Mn-Ga martensite: Analysis
beyond the tetragonal approximation of lattice (2011) Acta Materialia,
59 (20), pp. 7450-7463.

Stru¢na anotace: V této publikaci bylo poprvé experimentalné i teoreticky prokdzano,
Ze vysoce pohyblivd rozhrani v monokrystalech Ni-Mn-Ga jsou ve
skuteC¢nosti makrodvojcata Typu 1 a Typu 2, priemz tyto dva typy
se navzajem lisi orientaci a reorientacnim napétim. Pro tuto analyzu
bylo vyuZito kombinace optické mikroskopie, rentgenové difrakce
a matematické teorie martenzitickych mikrostruktur. Tato publikace
jako prvni rovnéZ pfinesla plnou klasifikaci dvojcatovych a makro-
dvojcatovych systémid v 10 M martenzitu Ni-Mn-Ga, zavedla termin
modulacnich dvojcat a diskutovala kompatibilni vzajemné kiizeni jed-

notlivych dvojcatovych systémd.

Prispévek habilitanta: Clanek vznikl v Siroké mezindrodni spolupréici, podil habilitanta
vSak byl relativné vyznamny: veSkeré vypocty zaloZené na matema-
tické teorii martenzitickych mikrostruktur (shrnuté v pfiloze A tohoto
Clanku), a interpretace pozorovanych morfologii na zakladé téchto

vypoctu.
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Abstract

The huge strains that Ni-Mn—Ga magnetic shape memory alloys can achieve are usually described in a tetragonal unit cell approx-
imation of a five-layered modulated (10 M) crystal structure. Here we analyze the impact of a slight orthorhombic and monoclinic dis-
tortion of the 10 M structure in Nisg,Mnsg3Gas 5.0, single crystal. Combining dedicated experiments to probe the microstructure,
structure and mechanical properties with calculation using elastic continuum theory, we prove the existence of fine a/h-laminates within
modulation macrotwins of the order of 100 micrometers in size. This complex twin microstructure containing a Type II macrotwin inter-
face is associated with an extraordinarily low twinning stress of between 0.05 and 0.3 MPa, while Type I twins exhibit twinning stress of
about 1 MPa. The findings provide important guidelines for designing the martensitic microstructure for more efficient actuators.
© 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

Keywords: Microstructure; Twinning; X-ray diffraction; Heusler phases; Magnetic shape memory

1. Introduction

Magnetic shape memory (MSM) alloys have the out-
standing property that they can exhibit giant (up to 10%
[1]) and simultaneously fast (=<1 kHz [2]) straining in a
moderate magnetic field (<1 T). This magnetic-field-
induced strain (MFIS), accompanied by a reasonable force
output (~1 MPa [3,4]), exceeds the strain reachable with
the best magnetostrictive materials by about two orders
of magnitude. The strain of the best ferroelectric materials
is exceeded by up to about one order of magnitude [5]. The
extraordinary properties of MSM alloys, and the new

* Corresponding author. Tel.: +358 9 470 25713; fax: +358 9 470 23518.
E-mail address: ladislav.straka@tkk.fi (L. Straka).

application possibilities they offer, have motivated intense
research, which has resulted in active material in the form
of single crystals [6,7], polycrystals [8], fibers [9], foam [10]
and thin films [11,12]. Since the Ni-Mn—-Ga alloys are not
only the prototype MSM alloy but still the best MSM
material available, here we focus on this system.

The existence of ferromagnetic twinned martensite micro-
structure is a precondition for the existence of the MFIS as
the effect occurs by the rearrangement of the twinned micro-
structure in a magnetic field [13]. More specifically, Ullakko
et al. [14] identified the movement of twin boundaries as the
underlying mechanism of MFIS. When applying a magnetic
field, the twin variants that have their easy magnetization
axis along the field direction are energetically favored. These
variants grow under the field by the motion of twin

1359-6454/$36.00 © 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

doi:10.1016/j.actamat.2011.09.020
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boundaries at the expense of unfavorably oriented variants,
which results in the giant strain or MFIS. This effect has also
been termed “magnetically induced reorientation” (MIR) as
variants differ in crystallographic orientation, and thus a sig-
nificant volume of the material changes its crystallographic
orientation during this process. A high twin boundary
mobility is essential, i.e. the forces opposing the twin bound-
ary motion must be low.

The forces opposing the twin boundary motion are often
determined using quasistatic mechanical tests. This deter-
mines so-called twinning stress, which is the stress under
which the twin boundary moves [6,15,7]. The magnitude of
the twinning stress is one of the major factors that determines
the existence and efficiency of the MIR in quasistatic condi-
tions or at low actuating frequencies (~1-100 Hz) [15,4].
MIR is suppressed completely for twinning stresses higher
than about 3 MPa [16,4,6] (breaching this limit is discussed
in Ref. [17]). Conversely, the closer the twinning stress
approaches zero, the higher the efficiency of the effect.

Twinning stress in single crystals is known to depend on
defects already present in the austenitic crystal [18-20], the
arrangement of twin boundaries in the martensitic state
[21,22], the twin hierarchy [23], and training [21,24]. It
has been found that Type I, Type II and compound twins
can exist in Ni-Mn-Ga five-layered modulated (10 M)
martensite after phase transformation [25-27]. Li et al.
[26] have discussed how the reorientation of martensitic
variants during MIR can occur either through Type I or
through Type II twin boundary motion in 10 M martensite.
However, despite having the same twinning shear, Type |
and Type II twin boundaries exhibit considerably different
twinning stresses in 10 M martensite [28]. This can result in
variation of twinning stress in samples with complex twin
microstructure and consequent unstable actuating perfor-
mance. For example, the extraordinarily low twinning
stress of about 0.05 MPa in 10 M martensite [7,6,29] signif-
icantly increased when a fine twin structure was created
instead of a single twin boundary, which might be attrib-
uted to the change of twinning system.

The slight monoclinic and orthorhombic distortion of
the lattice [30-32] and the experimental observation that
two types of twin boundaries can participate in reorienta-
tion of martensitic variants [26,28] clearly indicate that
the description of the twinned microstructure based on
the tetragonal unit cell approximation is incomplete and
that complex interfaces with various mobilities can occur
in the material under applied stress or/and field. Conse-
quently, the detailed identification of all the monoclinic
twin variants and a method to prepare a specific micro-
structure are crucial for further development of MSM
alloys.

This work reports a systematic investigation of the twin
relation between martensite variants in MSM alloy with a
very low twinning stress of about 0.2 MPa [7]. We experi-
mentally demonstrate that complex twinned interfaces, in
contrast with a plane twin boundary, can be highly mobile
under application of stress or a magnetic field. As this micro-
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structure cannot be described using a tetragonal approxima-
tion of the Ilattice, we first analyze the martensitic
microstructure and local structure with dedicated high-reso-
lution structural methods. Using these methods/calculation,
the consequences of the slight orthorhombic and monoclinic
distortions become clear. These distortions result in modula-
tion twin boundaries and a/b-laminates. Comparing the
experimental observations with a theoretical calculation
for all possible twin variant configurations we were able to
identify fully the observed twin variants and to explain the
observed morphological features of the highly mobile
twinned interface. At the end of this paper, we show how
the specific martensitic microstructure can dramatically
reduce the twinning stress by a factor of about five.

2. Experimental methods

The experimental methods employed to understand and
describe the twin variants and microstructure associated
with the complex twinned interfaces studied here include:
mechanical testing, optical observations with polarized
light and with reflective differential interference (Nomarski)
contrast (DIC) [33], atomic and magnetic force microscopy
(AFM and MFM), scanning electron microscopy (SEM)
with electron backscatter diffraction (EBSD), SEM with
Lorenz contrast [34,35], X-ray diffraction (XRD) and,
finally, XRD with a microdiffraction probe (XRuD).

Systematic investigation of twin boundary mobility and
microstructure was performed on more than 20 alloys with
nominal composition NisoMnysi.Gars_, (at.%), where x
was between 3 and 4. All alloys in this composition range
exhibited approximately similar microstructural features
and twinned-interface mobility. The observations presented
in this paper were performed on Nisg,Mnsg 3Gas; s (£0.2
at.%) alloy (composition determined by X-ray fluorescence
spectroscopy).

The Nisg,Mnsyg3Gay; 5 single-crystal samples were cut
approximately along the {100}p planes of parent cubic
austenite, which exhibited a lattice parameter
ap=5.832 A near the martensitic transformation, which
occurred at M= 323 K. The crystal structure at room
temperature as determined by XRD was five-layered mod-
ulated, i.e. 10 M martensite structure. The cell parameters
of the martensitic phases in Ni-Mn—Ga are often described
in cubic coordinates, on the basis of the original L2 lattice
of austenite [32] (see also Fig. 2), and we use this descrip-
tion of the lattice also here. Using the tetragonal approxi-
mation, the lattice parameters determined by XRD were
ar = 5.958 A and cr = 5.584 A using the cubic coordinates
of austenite. For the monoclinic approximation the param-
eters were a=5.972 A, b=15.944 A, ¢c=5584 A and
7 =90.37° again using cubic coordinates. All experiments
were performed at room temperature, well below the mar-
tensite finish temperature of 321 K and the Curie tempera-
ture of 370 K.

The optical observations of twinned interfaces were per-
formed using a Meiji MX8100 microscope with crossed
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polarizers and a Zeiss microscope with reflective DIC. The
XRD measurements were performed using an X’Pert
MRD four-circle diffractometer with a Co anode. The
XRuD was performed using an X’Pert PRO PANalytical
powder diffractometer with a Co anode (4= 1.78901 A)
using point focus. The irradiated area was defined by using
a monocapillary with inner radius 0.1 mm and the beam
radius at the sample surface was approximately 0.12—
0.14 mm. The sample was mounted on an ATC-3 texture
cradle enabling rotation, inclination (y) and linear move-
ment of the sample. The simultanecous movement of the
tube and detector allowed precise change of the incident
angle (w). The diffracted beam was either limited by Soller
slits to limit the y-range of diffracting planes (up to ~1°) or
the slits were removed which enabled simultaneous detec-
tion of two diffraction peaks, the positions of which could
differ by up to ~3°. An X’Celerator multiple strip detector
was used to detect the diffracted beam, which considerably
shortened the acquisition times.

Full identification of twin variants and their orientation
was achieved by XRuD mapping using 26, w and y scans.
The mapping was performed along the twinned interface
(details are given further in the text and in Fig. 3). In the
w scan the angles 20 and y were fixed. In the ¥ scan the
angles 260 and w were fixed. The intervals of angular accep-
tance of the detector were ~3° for y and 2.17° for 20. The
scans enable precise mapping of the crystal orientation.
Using the 20 scan for a single crystal, the single orientation
of planes can be detected for given yy and w. We used
mostly primary {400} planes. Due to the chemical order
of Heusler alloys {200} and {600} could also be detected
as weak superstructure peaks [36]. Using all three peaks
improved the precision of the lattice parameter
determination.

First, several w and ¢ scans were performed until the
maximum intensities of the (400), (040) and (004) peaks
were found. The 20 scan along the x-axis was then used
to identify different martensitic variants. However, due to
the closeness of a and b lattice constants the (400) and
(040) peaks could not be resolved. Instead we chose to
analyze the (600) and (060) peaks, which have the same
diffraction vector orientation as the (400) or (040) peaks.
These peaks are well separated and individual integral
intensities of the peaks can be easily determined. The
(006) peak was out of range.

3. Microstructural analysis: failure of the tetragonal
approximation

A typical optical micrograph of the complex, highly
mobile twinned interface often observed in all the studied
alloys is shown in Fig. la. This type of interface advanced
under a compressive stress of ~0.2 MPa in the alloy pre-
sented here, and thus the twinning stress was taken to be
~0.2 MPa (the mobility is described in more detail below).
The interface was easily recognized as the two regions
forming the interface reflected different amounts of light
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(b)

Fig. 1. Typical microstructure of highly mobile twinned interface.
Regions inside the red dashed frames are optical micrographs, regions
outside are schematic drawings. Approximate directions of tetragonal
lattice axes are marked. (a) Highly mobile twinned interface (TI) in the
studied material often consists of straight segments with size of the order
of 100 um, tilted relative to each other by an angle of 2a~ 12°. (b)
Differential interference (Nomarski) contrast reveals that each segment is
associated with a slight surface inclination about c-axis on one side of the
interface. This is manifested as stripe contrast with light (yellow) and dark
(blue) bands oriented perpendicularly to the interface.

due to the 3.6° tilt on the observed surface, caused by twin-
ning [7].

Based on the tetragonal approximation of the lattice, the
region on the left of the interface was identified using XRD
as a twin variant with the short cr-axis aligned horizontally
and the ar-axis oriented perpendicularly to the plane of
observation (further referred as a-oriented variant). This
variant was energetically favored when compressive stress
was applied (oriented horizontally in the figure) as it had
the short cr-axis along the stress. Thus, it grew during
the compression, and consequently the twinned interface
(TI) moved to the right. The region on the right of the
interface, Fig. la, was identified as the twin variant with
the ar-axis aligned along and the cr-axis oriented perpen-
dicularly to the plane of observation (c-oriented variant).
This twin variant was consumed during the compression.

Close inspection of the interface, however, indicated
that the twin microstructure associated with the interface
was more complex than was suggested based on XRD
and the tetragonal approximation of the lattice. The inter-
face was not straight but consisted of segments of the order
of 100 pm in size, which formed a low-angle zig-zag pat-
tern with the relative angle between the individual segments
being about 12° (Fig. 1a). Employing DIC, an additional
contrast was revealed in the g-oriented variant in the form
of stripes along the cr-axis (Fig. 1b). This stripe contrast
was directly connected with the segment or zig-zag charac-
ter of the twinned interface. The DIC contrast indicated a
different surface inclination [33] of individual stripes, and
AFM (not shown) revealed that the surfaces were inclined
by approximately +0.4° about the cr-axis. As about the
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same stripe pattern was observed also at the “back” face of
the sample, it was concluded that the stripes extended
through the volume of the sample with the boundaries
between stripes being approximately along the (010) plane.
Hence, these boundaries cannot be twin boundaries of a
tetragonal martensite, which are (101) oriented.

Both XRD performed on individual stripes and comple-
mentary SEM investigation using EBSD (not shown) also
showed that the stripe contrast (surface inclination) is not
caused by tetragonal variants with differing orientation of
the cr-axis. The orientation of the ct-axis between the indi-
vidual stripes causing the DIC contrast differed less than
the resolution of the experimental methods (=1°).

We excluded the possibility that the stripe contrast was
caused by residual surface relief as the stripes always disap-
peared suddenly when the reverse martensitic transforma-
tion occurred during heating of the sample. The
experimental observation of the magnetic domain structure
by MFM and SEM using Lorenz contrast [34,35] (not
shown) excluded the possibility that the stripe contrast or
surface inclination was caused by the magnetic domain
structure as observed in Ref. [37]. Thus, this microstructure
cannot be explained using a simple tetragonal crystal lattice
structure model. Hence, a more accurate description of the
10 M crystal structure is required.

3.1. Orthorhombic and monoclinic distortions of the unit cell

The tetragonal crystal lattice structure model of five-lay-
ered martensite (10 M) with ar = bt > ¢t expressed in
terms of the lattice corresponding to the original austenite
(Fig. 2a) serves well to describe the MIR, particularly for
magnetic experiments and phenomenological modeling.
From more precise structural analyses it is known that
10 M martensite can exhibit a slight monoclinic distortion
(y #90°) and a slight orthorhombic distortion, which
makes it necessary to distinguish between a- and b-axes
[31,38,32]. This lattice is sketched in Fig. 2b. The orienta-
tion and length of the short c-axis remains the same as in
the tetragonal approximation, i.e. ¢ = cr.

The lattice modulation can be expressed by periodic
shifting along the (110)[110]p system [31,38,32,39]. The
lattice parameters in “diagonal coordinates” (space group
12/m, see Fig. 2b) determined for different 10 M Ni-Mn—
Ga alloys [25,30,31] are always in relation agp/m > cro/m/5
and the modulation acts by shifting the basic atomic posi-
tions exclusively along the apy/-axis and the modulation
points along the cjp/m-axis [32]. It immediately follows that
the modulation direction also has an exact orientation in
relation to the a- and b-axes of the lattice considered here.
More specifically, the modulation direction always points
in the direction which is close to parallel to the shortest
diagonal of the unit cell face formed by the a- and b-axes,
i.e. it is intersecting the obtuse angle y between the a- and b-
axes (Fig. 2b) (see also Fig. A.1 in Appendix A). In the con-
cept of adaptive martensite [40], the lattice distortions can
be directly calculated by elementary geometry (see
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Fig. 2. Mutual orientation of crystallographic axes and modulation
direction. (a) Tetragonal approximation. Modulation direction can point
in two possible equivalent directions. (b) Monoclinic approximation.
Modulation direction is close to parallel to the shortest diagonal of the
parallelogram formed by the a and b crystallographic axes. Left and right
latices are in mirror orientation to each other. Orientations of crystallo-
graphic axes apm and cpym used in Refs. [25-27,32] are shown for
comparison (dpp/m and cpo/m are so called “diagonal coordinates”, space
group 12/m).

supplementary information of Ref. [41] for 10 M martens-
ite) and the modulation direction is determined as the nor-
mal to the nanotwin boundaries.

3.2. Studied twinned interface

In order to understand the crystallographic origin of the
observed microstructure, we used XRuD. The sample and
region probed are shown in detail in Fig. 3. First, the
{400} set of reflections was used which allows the crystal ori-
entation to be probed in the tetragonal approximation (not
shown). We confirmed that the upper part has the cr-axis
perpendicular to the plane of observation, i.e. it is the c-ori-
ented variant. The lower part has ar-axis oriented perpendic-
ularly to the plane of observation (the difference between the
a- and b-axis cannot be distinguished when using the {400}
reflections). The angle between the cr-axis in the upper and
the ar-axis in the lower variants determined by XRD was
close to 3.6°, in agreement with the calculation for the mac-
roscopic variants using given lattice constants. However, the
vertical stripe pattern in the lower variant cannot be identi-
fied within the tetragonal approximation of the lattice. Thus,
we performed detailed XR uD investigation to determine the
origin of the observed stripe pattern.

Several XRuD mappings were performed along the twin
boundary in such a way as to obtain diffractions from both
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Fig. 3. Detail of the highly mobile twinned interface (oriented horizon-
tally) and associated microstructure visible as the stripe contrast (oriented
vertically) using Nomarski (DIC) contrast. The XRuD scans were
performed along the interface in the region marked. The approximate
size of the X-ray beam spot is marked on the left, x-axis used in mapping is
marked along the interface. Approximate direction of c-axis is marked by
an arrow and crossed circle (®).

the upper and lower regions surrounding the interface
simultaneously. The scanned region is marked in Fig. 3.

3.3. Mosaic structure of the crystal

A mosaic structure (cell misorientation) often appears in
during crystal growth due to the formation of low-angle
boundaries. Thus, we analyzed the local orientation of
the monocrystal to ensure that the stripe contrast was
not caused by the mosaic structure. The XRuD mapping
by @ scans was performed along the segmented twin
boundary (Fig. 3). Mosaic structure results in rapid
changes of the w angle. The magnitude of changes in the
o angle shows that the sample consisted of areas misa-
ligned up to 0.5° (Fig. 4). Although the variation of the
w angle is comparable to the tilt associated with the stripe
pattern (2 x 0.4°) there is no local correlation with the DIC
contrast. Thus, we conclude that the observed stripe pat-
tern does not originate from the mosaic structure of the
crystal.

04 } (400) peak (a- or b-orientation) —&—

(004) peak (c-orientation) —B8—

o (%)

03 1
02 r z
0 2w
-01 } B'EW %?@QJ
1.5 2
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0 0.5 1

Fig. 4. Mosaic structure of the studied part of the crystal expressed as the
relative change of the w angle of the (400) and (004) peaks as a function
of position x. The investigated stripe contrast (inset placed at correspond-
ing position x) is given for comparison.

3.4. Orientation of the a- and b-axes

An alternative possibility is that the stripes are caused
by alternating twin variants with a- and b-orientation.
Due to the slight orthorhombic distortion, this should
result in a—b twin boundaries, which are not considered
in the tetragonal approximation. We used XRuD to probe
the lattice spacings approximately normal to the sample.
Thus, within the lower part of the sample (Fig. 3), we probe
an alternating arrangement of variants with their a- and b-
axes perpendicular to the plane of observation.

The lattice parameters a and b, however, are very close,
and thus cannot be resolved from the (400) and (040)
peaks (Fig. 5a). Thus, for proper resolution we performed
diffraction at higher angles. As shown in Fig. 5b, the dif-
fraction peaks (600) and (060) are well separated on 20
despite their substantially lower intensity.

As a measure of the fraction of a- (or b-) oriented vari-
ants, we take the ratio between the (600) (or (060)) peak
area and the area of both (600) and (060) peaks. The
determined relative integral intensity of the (600) and
(060) peaks as a function of position along the interface
is shown in Fig. 5c. Variation of between 20% and 80%
was observed but no local correlation with the stripe con-
trast existed. This shows that both a- and b-orientations
are present in the diffraction volume
(~0.12 x 0.14 x 0.01 mm?) simultaneously and implies
the presence of a/b-laminates at a length scale that is below
the local resolution of the XRuD used. These laminates are
discussed in more detail later.

Although the relative intensities exhibited some local
variation, no correlation between the relative integral
intensities and the stripe contrast is found. Although the
presence of a/b-laminates is evident within each stripe,
the orthorhombic approximation is obviously not sufficient
to explain the stripe contrast.

3.5. Modulation domains

We considered also that the stripe contrast could be con-
nected with different directions of modulation in neighbor-
ing stripes constituting the stripe contrast. The modulation
direction is typically determined using reciprocal space
mapping. In reciprocal space, the extra reflections associ-
ated with 10 M lattice modulation divide the distance
between the basic diffraction peaks along [110]" (or
[110]*, depending on modulation direction) into five parts
[30,32]. As an example, a part of the reciprocal space map
of 10 M martensite containing (400), (620) and (620)
basic peaks is shown schematically in Fig. 6a. Two possible
modulation directions are marked by different colors'
([110T, blue, [1 107", red). However, performing a complete
scan of the reciprocal space for each location was not

! For interpretation of color in Figs. 1-9, the reader is referred to the
web version of this article.
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Fig. 5. Two theta scan for the {400} and {600} peaks to determine the
orientation of the twin variants. (a) Resolution between (400) and (040) is
not enough to distinguish between a- and b-orientation. (b) (600) and
(060) peaks have enough resolution, in spite of their lower intensity. (c)
Relative integral intensity of the (600) and (060) peaks as a function of
position x along the interface as a direct measure of the fraction of a- and
b-orientation. The investigated stripe contrast (inset placed at correspond-
ing positions x) is given for comparison.

possible with XRuD due to the geometrical constraints of
the instrument we used. Instead, we developed a different
approach which also reduced measurement time consider-
ably without loss of information.

To determine the modulation direction it is sufficient to
search for the first satellite reflections denoting the modula-
tion. In our definition of the monoclinic unit cell in cubic
coordinates this means searching for the diffraction peaks
with non-integral indexes (4.440.40) or (3.6+0.40). This
is illustrated in Fig. 6a, which shows the correspondence
between the positions of the (4.40.40) and (4.40.40) peaks
in reciprocal space and in a pole figure. The presence or
intensity of these peaks in the pole figure then reveals the
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Fig. 6. Determination of the modulation orientation. (a) In reciprocal
space, the peaks associated with modulation of the lattice (satellite peaks)
are found either in direction [110]" from (400) (modulation [110]", blue
dots) or in direction [110]" (modulation [110]", red dots). These peaks
with non-integral indexes can be found in the pole figure as demonstrated
for the (4.40.40) peak. (b) The relative integral intensity of the satellite
peaks nearest to (400) as a function of position x along the interface as a
direct measure of modulation direction (the (3.60.40) and (3.60.40)
dependences are only informative as the relevant peak intensities were very
weak, =~ 10 counts/s). The investigated stripe contrast (inset placed at
corresponding positions x) is given for comparison.

direction of the modulation at each studied position. For
example, the presence of the (4.40.40) peak at iy =5.7°
and the absence of the (4.40.40) peak at y = — 5.7° indi-
cates that the modulation direction is [110]" or + y (blue
dots in reciprocal space figure shown in Fig. 6a); a similar
consideration applies also for the (3.60.40) and (3.60.40)
peaks.

For each measured position along the scanned interface
we performed several yy and w scans to find the maximum
for each satellite peak, and the integral intensity of these
peaks was then calculated. The relative intensities of both
modulation directions as a function of their position along
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the twin interface are shown in Fig. 6. For all satellite peaks
probed, we observe an almost perfect correlation with the
stripe contrast. Differences are found at the sample edges
(x=0mm and x=2.4mm) and can be attributed to
rounding of the sample surface causing DIC contrast near
the edges. The largest misfit is located around x =2 mm,
where an abrupt change of crystal misorientation (mosaic)
occurs (see Fig. 4). This might result in a change modula-
tion on a scale not discernible by DIC.

From the good correlation between the position map
and the stripe contrast we can conclude that the stripe con-
trast originates from the different directions of modulation
in neighboring stripes. Hence, the neighboring stripes may
be considered as twins with twinning plane (010) (see
Fig. 2b). However, more sophisticated theoretical analysis
is required to understand the observed microstructure. In
the following section we will show that with just the input
of the monoclinic lattice constants one can directly obtain
all the features of the stripe pattern: their (010) orienta-
tion, the angle of 12° observed at the surface between
two segments of the interface, and the surface relief of
+0.4°.

4. Theoretical part—identification of variants and twinning
systems and compatibility analysis

In the continuum theory of martensitic microstructures,
the observed morphology of the interface (Fig. 3) is similar
to the morphology known as the crossing-twins micro-
structure [42], or the parallelogram microstructure [43] or
as a part of the herring-bone microstructure [44]. This
microstructure consists of two mutually intersecting twin-
ning systems, as sketched in Fig. 7. Although only three
contrast parts are apparent when using optical microscopy,
there are four variants involved in the crossing-twins
microstructure, denoted by uppercase letters A, B, C and
D. The twins between the variants A and B and between
the variants C and D (denoted A:B and C:D, respectively)
belong to the first twinning system, and the A:D and B:C
twins to the second twinning system, which intersects the
first one.

Such a microstructure can exist in a stress-free state if
these two systems cross compatibly, i.e. the conditions of
kinematic compatibility [45,46,42] are satisfied not only at
the individual twinning planes, but also at their intersec-
tion. These conditions can be written in the form of a set
of algebraic equations for the Bain tensors describing the
individual variants involved in the microstructure. Here
we briefly summarize the results in order to identify the
twinning systems in the experimentally observed micro-
structure. The solution of this set of equations for the
10 M martensite is given in Appendix A. For the details
on the mathematical background, see Refs. [42-44].

The structural and morphological features experimen-
tally observed for the studied interface are schematically
redrawn in Fig. 7 and summarized here:
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Fig. 7. Schematic sketch of the investigated microstructure (Figs. 1, 3).
Surface relief (inclination of the surface + 0.4° about c-axis) resulting in
stripe contrast is found on surface S1; no relief is observed on S1’ nor on
S2 (Fig. 1). Relief at S3 cannot be confidently determined in our
experimental arrangement. Surfaces SI and S1’ are tilted 3.6° relative to
each other. Reference coordinate system and detail of tilting of the
twinned interface by angle 2o are marked at the bottom.

1. The observed surface (a cut approximately along the
(100) plane) is flat across the C and D variants, i.e.
across the C:D twinning plane, but there is an observa-
ble surface relief between the A and B variants, i.e.
across the A:B twinning plane (~0.8°). There is a much
larger inclination between the B and C or A and D vari-
ants, i.e. across the B:C and A:D twinning planes (3.6°).

. The orientation of the c-axis does not change over the
A:B and C:D twinning planes, but changes over the
A:D and B:C twinning planes from the direction parallel
to the observed surface (S1) in variants A and B («- and/
or b-oriented variants) into the direction perpendicular
to the observed surface (S1’) in the variants C and D
(c-oriented variants).

3. The A:B and C:D twinning planes are parallel to the
(010) plane, and the A:D and B:C twinning planes are
slightly declined from the (101) plane. As a result the
traces of the B:C and A:D twinning planes on the sur-
face (approximately (100) plane) are inclined with angle
20, which is approximately equal to 12°.

To identify the individual variants and the twinning sys-
tems we searched for those combinations of the variants
that can form the crossing-twins microstructure and, more
importantly, are in agreement with all experimentally
observed features. All possible variants and twinning sys-
tems of 10 M martensite are listed in Table A.1 of Appen-
dix A for the cubic-to-monoclinic II transition.

Among all these variants and twinning systems there are
two combinations of the variants listed in Table 1 that can
form the crossing-twins microstructure. These two combi-
nations are very similar. In both cases the mutually cross-
ing systems are the modulation twins, i.e. the modulation
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direction changes at twinning planes (in agreement with
Fig. 6) and Type II twins, where the orientation of the c-
axis changes from in-plane to perpendicular to the surface.
Further, the angle « is approximately equal to 6° for both
combinations in agreement with the experiment. This sim-
ilarity results in the morphologies of these crossing-twins
microstructures being almost indistinguishable from each
other, and the optical observation is not sufficient to deter-
mine which of these combinations is observed in the
experiments.

On the other hand, these two combinations can be easily
distinguished from each other using a structure probe. In
the first combination, variants A and B are a-oriented,
and in the second combination, A and B are b-oriented
variants. However, as shown in Fig. 5, XRuD showed that
the orientation is neither only a- nor b-variant, but that
there is always a mixture. The fraction of a/b-variants var-
ies more or less smoothly along the mobile interface with-
out any abrupt changes at modulation twinning, i.c. at the
A:B twinning planes. This suggests that the real micro-
structure is more complicated compared with Fig. 7.

In particular, the experiment suggests that the individual
components of the crossing-twins microstructure are not
single variants, but can have a structure comprising a fine
laminate of variants. The laminate must be very fine, below
the resolution of XRuD. The variants in the laminate have
different orientations of a- or b-axis but have the same
modulation direction, which changes only on the modula-
tion twin plane. The experiment showed that the modula-
tion direction changes at the A:B interface from 0%/
100% to 100%/0%. Thus, the fine microstructure in each
of the macroscopically homogeneous regions A, B, C and
D can consist of only two variants with the same modula-
tion. This microstructure is usually called a/b-laminate.
Within the approach of elastic continuum these microstruc-
tures are first-order laminates, i.e. the simplest possible
laminates of two variants (e.g. [47]). The consequence of
the existence of this fine a/b-laminate is that the individual
segments of the studied interface cannot be the simple

Table 1

Possible compatible combinations of twin variants and twin systems for
the crossing-twins microstructure. For the notation of the individual
variants and the terminology of the twinning systems, see Appendix A.
The angle o is calculated based on the assumption that the free surface is
exactly the (001) plane for the variants C and D.

Combination 1 Combination 2

Variant A No. 11 No. 9
Variant B No. 12 No. 10
Variant C No. 2 No. 4
Variant D No. 1 No. 3

A:B system Modulation Modulation
B:C system Type 11 Type 11
C:D system Modulation Modulation
D:A system Type 11 Type 11

o 5.87° 6.28°
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twinning planes, but the segments are macrotwin bound-
aries between a/b-laminates.

As described in Appendix A, the 10 M martensite can
form macrotwin boundaries between fine first-order lami-
nates of in-plane twins. By constructing all such laminates
and all the possible macrotwin boundaries between them, it
can be proved that the experimentally observed microstruc-
ture is the microstructure shown in Fig. 8. This microstruc-
ture consists of four compound twin laminates, i.e. a/b-
laminates denoted by 4, up, uc and up, with different ori-
entations of modulation, two modulation macrotwin
boundaries and two Type II macrotwin boundaries.

It can be further demonstrated that the fine, homoge-
neous compound laminates (in Fig. 8) can also fulfill the
conditions for the stress-free existence of the crossing-twins
microstructure as for the simple case without laminates.
This stress-free state can occur if the volume fraction 4 of
a-oriented variant in Eq. (A.3) of Appendix A is a constant
in the vicinity of the macrotwin boundaries. The experi-
ment showed that this condition is probably fulfilled, since
the a/b ratio in Fig. 5 does not exhibit any correlation with
the individual boundaries. Since the resulting morphology
is a mixture of the morphology for the two possible combi-
nations of variants listed in Table 1, the angle o varies
between 6.28° and 5.87° depending on the exact volume
fraction /.

MA:
VI:V11
compound
twins

W
7 =

MB:
V10:V12
compound
twins

Mc:
V2:V4
compound
twins

T
Hc:HDp

modulation
macro-twin

MD:
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compound
twins

X1

X2

MB:HC
X3 Type Il
macro-twin
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modulation
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Fig. 8. Schematic of the theoretically suggested complete description of
the investigated microstructure (Figs. 1 and 3). The twin microstructure
consists of compound laminates pua—up. The orientations of the twin
boundaries internal to the laminates are marked by fine lines. The
laminates are formed by variants identified on the left, and meet at
macrotwin boundaries identified at the bottom of the figure. The labels
V1,...,V12 denote the individual variants with the notation summarized
in Appendix A.
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The direct calculation also showed that the real micro-
structure stays very close to the stress-free state even if
the volume fraction 1 varies. The reason for this is that
the compound twins forming the laminates, e.g. the
V1:V3 system, can also cross nearly compatibly the Type
IT twinning planes, e.g. the planes of the V1:V11 system,
and thus nearly fulfill the conditions for the stress-free exis-
tence of the crossing-twins microstructure. This would
ensure full or nearly full microstructure compatibility
regardless how the thickness of individual layer in the lam-
inate changes along the interface. Based on this calculation
we can conclude that the experimentally observed highly
mobile twinned interface is kinematically compatible, or
very close to compatible without the presence of any elastic
strains, i.e. that the material can form such interfaces with-
out significant energetic penalty.

The existence of Type I and Type II twins instead of
compound twinning (101) [101] (or equivalent crystallo-
graphic twinning system) in a tetragonal lattice is a direct
consequence of the monoclinic lattice distortion. The twin
boundaries with exact twin plane orientation of (101) (or
equivalent crystallographic planes) are twin boundaries of
Type I. The twin boundaries deviating approximately 4°
(see Table A.1 in Appendix A) from plane (101) by rota-
tion about axis [101] (or equivalent crystallographic planes
and directions) are Type II twin boundaries and they have
approximately (10110) or equivalent orientation
(Table A.1; see also Ref. [28]). The existence of Type II
(and Type I) twins due to monoclinic distortion in Ni-
Mn-Ga has been demonstrated and partly discussed before
[27,26]; however, no relation with boundary mobility has
been drawn and in the next section we try to fill this gap.

5. Relation between twinning system and mobility of twin
boundaries

In order to understand the impact of monoclinic distor-
tion on twin boundary mobility we examined the correla-
tion of stress-strain curves and the martensitic
microstructure before and during the deformation. This is
facilitated in the studied material since it tends to form only
single or few twinned interfaces. During the mechanical
testing, only one twinned interface propagates through
the sample. Thus, the testing and the resulting twinning
stress cannot be influenced by the interaction (pinning) of
intersecting (101) twin boundaries [21,22]. The result of
mechanical testing performed several times on 18 samples
with only one active twinned interface advancing through
the sample during compression is shown in Fig. 9.
Although all these samples were cut from the same single
crystal, the detwinning plateaus clearly separate in two
classes with different stress levels of around 0.2 MPa and
around 1 MPa. Moreover, the plateaus at the two different
stress levels are quite frequently observed on the same sam-
ple in subsequent experiments after recreating the twin
interface. Similar behavior was observed on more than 20
studied alloys with slightly varying composition with lower
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Compressive stres

0 -0.2 -0.4 -0.6 -0.8
Normalized strain s/s,,, (a.u.)

Fig. 9. Relation between the mobility of twinned interface and observed
twin microstructure. (a) Result of the compressive testing performed on 18
samples. Each of the samples was compressed 1-4 times, maximum strain
Smax Was 4-6%. Two distinct plateaus are associated with different twin
microstructures. The plateau at ~1 MPa is associated with Type I twin
boundaries (example twin variants in inset are E=VI1, F=VI1I1). The
plateau at 0.2 MPa is associated with the twinned interface formed by
Type II (macro) twin boundaries. An example of a segmented Type II twin
boundary is given as an inset. The individual variants or laminates are of
the same type as identified in the text for Figs. 7, 8, or equivalent.

plateaus varying between 0.05 and 0.3 MPa and the higher
plateaus being near 1 MPa.

The simultaneous characterization of the martensitic
microstructure allows us to correlate these two classes of
twinning stress with two classes of microstructure, sketched
in Fig. 9. (i) A high stress plateau around 1 MPa is
observed when the twin boundary has an orientation of
exactly (101) (or equivalent), indicating a Type I twin
boundary [28]. (ii) The low stress plateau of about
0.2 MPa (varying between 0.05 and 0.3 MPa for all 20
alloys studied) is only observed when the twin boundary
deviates by several degrees from (101), indicating a Type
IT twin boundary [28], or it consists of large segments of
Type II twin boundaries and modulation twins as described
in Section 4. This directly indicates that a Type II twin
boundary is beneficial for a high mobility. With hindsight
it is also clear that the previous reports on highly mobile
twin boundaries and MIR in very small magnetic field
[7,6,29] were related to Type II twin boundaries. Con-
versely, the larger twinning stress in a specimen with fine
twins reported in Ref. [7] might be caused by the presence
of Type I twin boundaries.

At first glance it seems that the tetragonal approxima-
tion can be sufficient for a simple interface of Type I with
1 MPa twinning stress, and indeed this approximation
has been successfully used in the past. However, XRuD
measurements (not shown) indicate that even this twin
microstructure contains a/b-laminates, i.e. a- and b-ori-
ented variants coexist along the twin boundary.

We would like to add that our analysis is incomplete
with respect to the a/b-laminates. We observed the coexis-
tence of a- and b-oriented variants in all cases, but the
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methods available do not allow the postulated laminates to
be resolved locally. We can speculate that these laminates
form in order to reduce higher terms of the elastic energy
in a hierarchical “twin within twins” microstructure [48§]
but have to leave proof of this to future experiments.

6. Conclusions

The results show that a complete monoclinic description
is required to explain the observed highly mobile complex
twinned interface with a twinning stress of approximately
0.2MPa in the present alloy and between 0.05 and
0.3 MPa for a broader spectrum of investigated alloys.
The tetragonal approximation is clearly not sufficient to
describe the martensitic microstructure observed in 10 M
modulated Ni-Mn-Ga MSM alloys with very low twin-
ning stress.

The highly mobile interface consists of a/b-laminates
and mesoscopic Type II twin boundary segments and mod-
ulation twins. It is surprising that such a complex arrange-
ment exhibits very high mobility, while in the cases of more
simple twin microstructure with Type I twins, the twinning
stress increases to about 1 MPa. Our calculation shows
that the described twin microstructure of highly mobile
twinned interface is kinematically compatible and has
stress-free interfaces. Since only in the presence of Type
II macrotwin boundaries is a low twinning stress of the
order of 0.1 MPa observed, we conclude that the mono-
clinic distortion may be the decisive factor explaining the
very high twin boundary mobility.

The analysis also shows that very detailed control of
twin microstructure is essential for practical exploitation
of the MSM effect. Additionally, based on this analysis,
we suggest that evolving monoclinic twin variants may be
an additional mechanism contributing to the decrease of
twinning stress during the training of an alloy [24,21].
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Appendix A. Twinning systems in the 10 M martensite of the
Ni-Mn-Ga alloy

This appendix summarizes the notation of the mono-
clinic variants of the 10 M martensite and explains the
nomenclature used for the individual twinning systems in
the theoretical part of the article. The austenite-to-10 M
martensite transition in the Ni-Mn—Ga alloy belongs to
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the cubic-to-monoclinic II transition class (according to
the terminology used in Ref. [42]; Zanzotto and Pitteri
[49] use the term “cubic axes” structure for the resulting
martensitic variants). This means that there exist 12 differ-
ent variants of martensite that can form up to four different
types of twins (compound, Type I, Type II and non-con-
ventional [49]). The main properties of this transition class
are described in Ref. [42,49]. However, since the monocli-
nicity of the 10 M lattice is connected with modulation, it
may be useful to introduce a more detailed categorization
of the variants and the twinning systems, which would take
the possible changes of the modulation direction at the
individual twinning planes into account.

A.1. Notation of variants

In the framework of continuum mechanics, the individ-
ual variants of martensite are uniquely described by so-
called Bain tensors which are symmetric parts of the polar
decompositions of the respective deformation gradients F
(for more details, see Ref. [45,42]). The deformation gradi-
ent is defined by the geometry of transformation and lattice
constants of transforming phases. With the numbering
taken from Ref. [42], these Bain tensors for the cubic-to-
monoclinic II transition are:

e ew 0 e —ew O
U=|ew e 0], U=|—-ews €p 01,

0 0 e 0 0 e,

e, ey O e, —ep O
U= |ew e 0], U=|—-ews €y 01,

0 0 e 0 0 e,

e, 0 ey e, 0 —ew
U= 0 e 0|, Ug= 0 e O ,

e 0 e —ew 0 ¢

e, 0 ey €p 0 —ew
U=]10 e 0|, Ug= 0 e O ,

e 0 e —ey 0 e,

e. 0 O e, 0 0
U = 0 e ew |, Up= 0 €q —€ab |

0 ewn e 0 —ewn e

e 0 O e, 0 0
U;=|0 e ewp|,andUp,=]0 e —eu

0 ey e, 0 —ew e

(A.1)

Using the lattice parameters of the austenite and 10 M
martensite listed in Section 2, the individual components
of the above listed Bain tensors are e, = 1.0240,
e, =1.0192, e. = 0.9575 and e, = 0.0033.

The variants described by the Bain tensors U;—Uy, i.e.
variants No. 1-4, have the resulting c-axis aligned parallel
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to the [001]p direction. The subscript P denotes that this
direction is taken in the parent lattice of austenite, i.e. in
the reference configuration. In other words, these variants
can be mapped onto each other by rotations about the
[001]p axis and by mirror reflections about the planes per-
pendicular to the (001)p plane. However, these four vari-
ants differ from each other by the directions of the a- and
b-axis and by the modulation directions. The variants
Nos. 1 and 2 have the b-axis aligned with the [010]p direc-
tion, and variants Nos. 3 and 4 with the [100]p direction.
The variants Nos. 1 and 3 correspond to modulation along
[110]p, and variants Nos. 2 and 4 to modulation along
[110]p. Similarly, the variants Nos. 5-8 have the c-axis ori-
ented parallel to the [010]p direction, and the variants No.
9-12 to the [100]p direction with the corresponding
changes of a- and b-axis and modulation directions.

A.2. The twinning systems

According to the Hadamard condition [45,46,42], two
variants of martensite described by the Bain tensors U,
and U, can form a twin whenever there exist a matrix
R € SO(3), a non-zero vector b and a unit vector n, such
that

RU, - U, =b®n, (A2)

where b ® n is a dyadic product of vectors b and n. The vec-
tor n is perpendicular to the twinning plane in the reference
cubic configuration, the vector b is the so-called shearing
vector, and the matrix R corresponds to the rotation of
the variant U, with respect to the variant U, when the twin
is formed. The properties of the vectors n and b, or, more
precisely, of the transformation of this vector into the ref-
erence configuration, i.e. F~'b, where F is the correspond-
ing deformation gradient, are used for the identification of
the twinning systems. If both these vectors are parallel to
some lattice vectors in the reference configuration, the
resulting twin is of the compound type (we will distinguish
between two different types of the compound twins later in
this appendix); if only the vector n is a lattice vector, the
resulting twin is of Type I; if only the vector F'b is a lat-
tice vector, the resulting twin is of Type II; if none of the
vectors F~'b and n is a lattice vector, the resulting twin
can be classified as a non-conventional twin.

For any chosen pair of variants, all the possible solu-
tions of Eq. (A.2) can be found by using a theorem intro-
duced in Ref. [45,46]. This theorem states that this
equation has a solution if and only if the middle eigenvalue
(denoted usually as 1,) of a matrix C = U;lUiU,jl is equal
to 1. If this condition is fulfilled, then there are exactly two
solutions of Eq. (A.2) (we will denote them T} and T75), for
which the vectors n and b and the matrix R can be calcu-
lated by an algorithm also described in Ref. [45,46].

The list of all possible solutions found by applying this
theorem for the twins with variant No. 1 and variants
No. 2 + 12 is given in Table A.l. Since all the other vari-
ants can be obtained from the variant No. 1 by rotations
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and mirror reflections, Table A.1 gives a complete sum-
mary of all the possible twinning systems in the examined
material.

To be more specific we discuss in more detail the twins
between the variants Nos. 1-4. It is obvious that all the
twinning systems in which these four variants can form
must have the twinning planes perpendicular to the
(001)p plane and that the shearing vectors must lie in this
plane. For this reason, we will call these twinning systems
in-plane systems and distinguish between them as outlined
in Fig. A.1:

e The variants Nos. 1 and 2 have approximately the same
orientations of the a- and b-axis, but differ in the modu-
lation direction as discussed above, so the twins between
them are referred to as modulation twins. Obviously,
these twins can be also categorized as compound twins,
since both the vectors n and F~'b for them are the lattice
vectors. However, we will use the term modulation twins
instead, to emphasize that the twining planes of this sys-
tem are associated with the change of the modulation
direction, and to distinguish them clearly from the com-
pound twins defined next.

The variants Nos. 1 and 3 have the same modulation
direction but are mirror symmetric about the {110},
plane; such twins are fully analogous to the compound
twins in the cubic-to-tetragonal and cubic-to-ortho-
rhombic systems, so we will call them the compound
twins.

The variants Nos. 1 and 4 differ both in the orientations
of the a- and b-axis and in the modulation direction;
according to the terminology used in Ref. [49], we will
call them non-conventional twins. These non-conven-
tional twins are generic, i.e. they exist in any cubic-to-
monoclinic II system, regardless of the exact lattice
parameters.

As seen in Table A.1, none of the out-of-plane twinning
systems, i.e. the twins between the variants with different
orientations of the c-axis, can be classified as modulation
twins, compound twins or non-conventional twins. Instead,
all the possible out-of-plane systems belong to Type I or
Type 1I class, which means that either the vector F~'b or
the vector n is always a lattice vector, but never both of
them. Only these twinning systems can be reoriented by a
magnetic field as the easy magnetization axis or c-axis
has a different direction for each twin variant.

Importantly the variant No. 1 cannot form any twins
with the variants No. 7 + 10 as the middle eigenvalue is
not equal to 1. This means that no non-generic non-con-
ventional twins (for a definition see Ref. [49]) are allowed
in this material.

A.3. Macrotwins between in-plane laminates

Motivated by the experiment, which suggests the exis-
tence of laminate, we show in this section that 10 M mar-
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Table A.1
All possible twinning systems in the 10 M martensite resulting from the cubic-to-monoclinic II transition. See text for explanation of individual symbols.
Variants A2 n (F~'b)/[F~'b| Twinning type
1:2 1.0000 T, [0;1;0] [1;0;0] Modulation
T, [1;0;0] [0;1;0] Modulation
13 1.0000 T, 1/v/2[1;-1;0] 1/v/2[1;1;0] Compound
T, 1/v2[1;1;0] 1/v2[1;-1;0] Compound
1:4 1.0000 T, [—0.9509;0.3094,0] [0.3094;0.9509;0] Non-conventional®
T, [0.3094;0.9509;0] [0.9509; —0.3094;0] Non-conventional®
1:5 1.0000 T, 1/v/2[0;1; 1] [0.0682;0.7055;0.7055] Type I
T, [0.0779;0.7050;0.7050] 1/3/2[0; —1;1] Type I11°
1:6 1.0000 T, [0.0779;0.7050; —0.7050] 1/3/2[0;1;1] Type 1I°
T, 1/3/2[0;1;1] [—0.0682; —0.7055;0.7055] Type 1
1:7 1.0094
1:8 1.0094
1:9 0.9907
1:10 0.9907
1:11 1.0000 T, 1/v/2[1;0; 1] [0.7057;0.0637;0.7057] Type I
T, [0.7053;0.0721;0.7053] 1/v2[-1;0;1] Type II°
1:12 1.0000 T, [0.7053;0.0721; —0.7053] 1/V/2[1;0;1] Type II°
T, 1/v2[1;0;1] [—0.7057;—0.0637;0.7057] Type 1

# The twinning plane is inclined by 17.98° from the nearest principal plane of variant No. 1.
® The twinning plane is inclined by 4.31° from the nearest {011} plane of variant No. 1.
¢ The twinning plane is inclined by 4.01° from the nearest {101} plane of variant No. 1.

(a) Modulation twins

(b) Compound twins

(c) Non-conventional twins

Fig. A.1. Visualization of the three possible in-plane twinning systems between variants No. 1 + 4. The dash-dot lines outline the twinning planes. The
view is perpendicular to the [001]p direction, i.e. to the c-axis of all the variants. Modulation direction is marked by empty-head arrows.

tensite can easily form higher-order laminates, i.e. with
microstructures consisting of fine laminates forming the
macrotwins, and summarize the main features of such
microstructures.

If we consider a fine laminate of any of the in-plane
twinning systems formed by the variants Nos. 1-4, the
macroscopic deformation gradient describing such micro-
structure can be (neglecting some small rotation) written
as:

p=JRU, + (1 — U, (A.3)

where A is a volume fraction of variant U, in the laminate.
Because of the in-plane character of the twinning system,
the matrix R must represent a rotation about the [001]p
axis only. This means that Ry; =1, from which it directly
follows that H33 = €, and that H13 = Hp3 = U31 = U3p = 0.
Consequently, the Bain tensors representing the laminate
must be of the form:

my(A)  mg(L) 0
U, = | mu(t) my(L) 0 |, (A4)
0 0 e,
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Table A.2
Macrotwinning plane orientations for different volume fraction 4 of
laminate in the experimentally observed macrotwins.

Microstructures  Volume n Description
fraction
Haillp 4 €[0,1] [0;1;0] Modulation
macrotwin
Upilc A=0 [0.7053;—0.0721;0.7053] Type 11
A=0.25 [0.7052;—0.0734;0.7052] macrotwin
A=0.5 [0.7051;—0.0748;0.7051]
A=0.75 [0.7050;—0.0763;0.7050]
A=1.0 [0.7050;—0.0779;0.7050]
Heilp A€[0,1] [0;1;0] Modulation
macrotwin
WD g A=0 0.7053;0.0721;0.7053 Type 11
A=0.25 0.7052;0.0734;0.7052 macrotwin

A=0.75 0.7050;0.0763;0.7050

[ ]
[ ]
A=0.5 [0.7051;0.0748;0.7051]
[ ]
A=1.0 [0.7050;0.0779;0.7050]

where the components m,,, m;, and m,;, depend on the vol-
ume fraction 4. For reasons of symmetry there are 11 sim-
ilar laminates of the same twinning system. The
components of the corresponding Bain tensors are ar-
ranged the same way as the components e,, e, and e,
are arranged in the matrices U, + U, (Eq. (A.1)). This en-
ables us to analyze the ability of these laminates to form
macrotwins using exactly the same method as for the twin-
ning between the individual variants described in the previ-
ous section.

Since there are three in-plane twinning systems for each
orientation of the c-axis, and since the laminates of these
systems can form up to four different macrotwins, e.g.
the modulation laminates can form compound and non-
conventional in-plane macrotwins and Type I and Type
IT out-of-plane macrotwins, there are up to 12 different
macrotwinning systems predicted by the theory. However,
instead of calculating the orientations of all macrotwinning
planes for all combinations, here we list only those that are
observed experimentally. These are the macrotwins
between the compound a/b-laminates:

1, = /R Us + (1 — DUy, (A.5)
1ty = /Ryg12Upo + (1 — A)Up, (A.6)
fte = iRy Uy + (1 = 1)Uy, (A.7)
and pp = /R, 5Us + (1 — A)U,. (A.8)

The resulting twinning planes for the volume fraction 1
changing from 0 to | are summarized in Table A.2. The
modulation macrotwins between the a/b-laminates i
and pp (or, respectively, uc and pp) have exactly the same
orientation for all admissible volume fractions. The orien-
tation of the Type II macrotwinning plane changes slightly
between the two degenerate cases (A =0 and A = 1), which
are geometrically identical to the 1:5 and 1:11 Type II twins
in Table A.1. This means that in the deformed configura-
tion using variant No. 1 the declination of the macrotwin
boundary from the nearest {110} plane varies between
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4.01° and 4.31°, which in projection onto the (100) plane
gives a deviation of between 5.87° and 6.28° in agreement
with the experiment.
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3.2 Publikace Rozdilné mikrostruktury pohyblivych dvojcatovych

hranic v 10 M modulovaném martenzitu slitiny Ni-Mn-Ga.
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Struéna anotace:
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Heczko, O., Straka, L., Seiner, H. Different microstructures of mobile
twin boundaries in 10 M modulated Ni-Mn-Ga martensite (2013) Acta
Materialia, 61 (2), pp. 622-631.

Tato publikace v podstaté navazuje na publikaci uvedenou v pod-
kapitole 3.1, rozSifuje ji o diskuzi pfipustnych mikrostruktur, jejich
analyzu z hlediska kinematické kompatibility a jejich energetickou
narocnost, k ¢emuz je vyuZito konceptu takzvanych indikdtorii kom-
patibility [63]. RovnéZ je zde zapocata diskuze mechanismi pohybu
makrodvojcatovych rozhrani, ktera je dale podrobné rozvinuta v pod-

kapitole 3.3.

Pfisp€vkem habilitanta byly vSechny vypocty a teoretické diskuze

tykajici se elastické napjatosti a kinematické kompatibility.
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Abstract

The morphology and microstructure of a single, macroscopically straight twin interface with a twinning stress of about 1 MPa was
analysed in detail by differential interference contrast optical microscopy and X-ray diffraction. The interface was identified as a Type I
macrotwin boundary between two variants with a/b-laminates and constant modulation direction, in contrast with a highly mobile
twinned interface consisting of Type II macrotwin boundary segments with changing modulation direction and a/b-laminate reported
earlier. Theoretical analysis using elastic continuum theory shows that only pure Type I or Type II boundaries are fully compatible with
a/b-laminate. Other hypothetical twin microstructures combining these two mobile interfaces are shown to be incompatible to various
degrees. A weakly incompatible combination of Type I and II boundaries was experimentally observed. The large difference in mobility
between Type I and Type II macrotwin boundaries created at the same location of the same sample indicates that the mobility depends

on the internal structure of these boundaries. A possible origin of this different mobility is discussed.
© 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

Keywords: Martensitic twin microstructure; Twinning interfaces; Ni-Mn—Ga martensite; Mobility of twin boundary; Magnetic shape memory

1. Introduction

The magnetically induced reorientation (MIR) of mar-
tensite [1], one of the family of magnetic shape memory
(MSM) effects [2], depends critically on the high mobility
of twin boundaries as the driving force generated by mag-
netic fields is limited. In Ni-Mn-Ga the maximum mag-
netic force is equivalent to a mechanical stress of about
3 MPa [3-5]. The magnetic-field- or stress-driven propaga-
tion of twin boundaries reorients the non-cubic lattice by
about 90°, resulting in large macroscopic strain [1,3]. The
stress needed for the twin boundary motion is called twin-
ning stress and the twin boundaries with low twinning
stress can be called highly mobile or to possess high mobil-
ity. The lower the twinning stress, the higher the efficiency

* Corresponding author. Tel.: +420 266 052714; fax: +420 286 890 527.
E-mail address: heczko@fzu.cz (O. Heczko).

of MIR-based magnetic actuation and the lower the mag-
netic field needed for the effect to occur [4,5]. The very
low twinning stress of ~0.1 MPa reported recently for a
single twin boundary moving in Ni-Mn-Ga single crystal
[6,7] makes MIR possible under very low fields, down to
~200 Oe or ~1600 Am~' [7], which is easily generated
and controlled. Such low twinning stress suggests an actu-
ation efficiency of up to ~90% in magnetic saturation [8].

Modulated 10 M martensite is often approximated as a
tetragonal structure [9,10]. In this case the mobile twin
boundary can be considered as compound twinning with-
out any fine features. However, using a more precise
description including monoclinic and orthorhombic distor-
tion of 10 M martensite lattice, various new types of twin
interfaces can emerge [11-13]. These twin boundaries can
exhibit considerably different twinning stresses [14,15].
Using optical microscopy and X-ray diffraction analysis
we showed that very low twinning stress, ~0.1 MPa, occurs

1359-6454/$36.00 © 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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only when the twinned interface consists of Type II macro-
twin boundaries. This complex twinned interface connects
two variants with different orientations of the c-axis, which
themselves consist of modulation twins and twinned a/b
laminate. The calculation showed that this arrangement
of various twinning systems is fully elastically compatible.
In contrast to twin boundaries of Type II with very low
twinning stress, the one order higher twinning stress, about
1 MPa, was tentatively ascribed to Type I twin boundaries
[14,15]. However, the microstructure analysis of this less
mobile twin interface has not been done. Additionally,
due to multiple twinning systems, many different combina-
tions of macrotwin interfaces can arise and these interfaces
might differ in their mobility.

In this paper, we investigate both experimentally and
theoretically the microstructure of different types of twin
boundaries and examine in detail the twin boundary with
lower mobility, i.e. the boundary with 1 MPa twinning
stress. Combining the knowledge obtained from the exper-
iments and elastic continuum theory, we categorize and
discuss various possible twin microstructures and com-
bined interfaces consisting of Type I and Type II twin
boundary segments. Finally, we offer a qualitative interpre-
tation and look at what underlies the different mobilities
and twinning stresses of Type I and Type II twin
boundaries.

2. Experimental methods

Nisg,Mnog 3Gay; 5 at.% (determined from X-ray fluores-
cence spectroscopy) single-crystal samples produced by
AdaptaMat Ltd. were cut approximately along the {100}
planes of the parent cubic austenite. The electropolished
samples were 0.9 x 2.4 x 20 mm?® in size. The lattice
parameter of austenite was ap = 5.832 A near the martens-
itic transformation which occurs at M, = 323 K. The mate-
rial is ferromagnetic with a Curie temperature of 370 K.
For the description of the lattice of 10 M martensite we
used the cell derived from the cubic cell of the austenite
(cubic coordinates) [9,10]. All experiments were performed
at room temperature where the structure is 10 M martens-
ite with lattice parameters a=35.972A, b=35944 A,
¢=5.584 A and y=90.37°. The experimental methods
used were described in detail in Ref. [15] and here we pro-
vide only a brief summary.

The various types and numbers of twin boundaries were
created from a single variant sample using repeated tensile
and compression stress applied parallel to the long axis of
the sample [6]. The compressive mechanical testing of the
samples with a single twin boundary was performed using
the instrument described in Ref. [8]. Placing this instrument
in the optical microscope allowed the mobility of the twin
boundary to be determined during observation of its move-
ment, and enabled the twin boundary to be positioned in a
selected orientation. The type of boundary was identified
from additional optical micrographs using reflective differ-
ential interference contrast (DIC) or Nomarski contrast.
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This contrast visualizes differently tilted surface by different
colors or shades of gray [16].

For detailed microstructural analysis of twinned
interface and variants we used X-ray diffraction with a
microdiffraction probe (XRuD) using point focus and line
detector with an X'Pert PRO PANalytical powder diffrac-
tometer (Co anode, 4 =1.78901 A). The irradiated area
was defined by a monocapillary with inner radius
0.1 mm resulting in a beam radius at the sample surface
0.12-0.14 mm. Full identification of the twin variants
and their orientation was achieved by XRuD mapping
using 20-scan, w-scan and Y-scan along the studied
twinned interface. First, several w- and y-scans were per-
formed until the maximum intensities of the (400), (040)
and (004) peaks were found in order to obtain the precise
orientation of the crystal. The 20-scan along the boundary
was then used to identify the different martensitic variants.
Due to the chemical order of Heusler alloys, {200} and
{600} planes could also be detected as weak superstruc-
ture peaks [17,18]. The (600) and (060) lines were used
to resolve the ¢ and b lattice constants. A combination
of w-scan and y-scan for selected 26 was used to identify
the modulation direction. To determine the modulation
direction it is sufficient to search for the first satellite
reflections particular to the modulation. This means
searching for the diffraction peaks with non-integral
indexes ,i.e. h =44,k =+04,1=0 or (44+04 0)
or similarly (3.6 £ 0.4 0) in cubic coordinates using proper
o and y [15,19]

3. Results and discussion
3.1. Microstructural analysis

Two different twin interfaces with different mobilities
located next to each other in the sample are shown in
Fig. 1. Both boundaries are macroscopically straight and
differ only in terms of the angle. The twin boundaries, or
more precisely traces of twin boundaries, in the observa-
tion plane are visible in the micrographs due to the surface
tilt associated with the twinning. According to Ref. [14],
the interface with higher mobility or lower twinning stress
~0.1 MPa is a Type II twin boundary, while the less mobile
twin interface with twinning stress ~1 MPa is assumed to
be a Type I twin boundary. The Type I twin boundaries
are parallel to the (101) plane and the Type II boundaries
are approximately along the (101 10) (or equivalent) plane
using cubic coordinates. The angle between the traces of
the boundaries is about 6°, in agreement with the calcula-
tion. The Type 11 twin boundary shown here is macroscop-
ically straight, in contrast with the segmented zigzag
character of the highly mobile Type II twinned interface
studied previously [15] (see also Figs. 4 and 6a). The
boundary consists of only one segment with no modulation
twins, i.e. the modulation is the same along the interface. In
contrast, the assumed Type I twin boundary coincides with
the (101) plane and is straight.
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Fig. 1. Optical micrograph showing the traces of the hard (left) and easy
(right) moving twin boundaries in the plane (001) having the same
orientation as the twin plane normal [011] (differential interference
contrast (DIC)). On the side of the sample, i.e. in the (100) plane, there is
no DIC contrast and the different variants on the sides were identified by
polarization contrast. Since the contrast is weak, both sides are drawn.
The orientation of the c-axis is shown in the figure. The width of the image
is approximately 2 mm.

However, the very finely segmented Type II twin bound-
ary, with segments below the resolution of optical micros-
copy, i.e. variants containing very fine modulation
domains, could also appear exactly aligned along the
(101) plane. The fine modulation domains in 10 M mar-
tensite have been observed in thin foil by TEM [20]. There-
fore the simple refinement of the modulation twinning can
produce a straight interface. This very fine modulation
twinning can hinder the movement of the twinned interface
and the sample could exhibit higher twinning stress. In this
case there would be only one type of boundary (Type II)
differing only by the scale of modulation twinning. To
exclude fine modulation twinning and to prove that a par-
ticular observed twin interface aligned along (101) is a
Type I boundary, we analyzed in detail the structure of
the single twin boundary with high twinning stress using
X-ray microdiffraction. To render the analysis unambigu-
ous, we recreated a single straight twin boundary in the
sample from the single variant state by mechanical loading.
The optical micrograph of this single boundary and various
X-ray scans along the boundary are shown in Fig. 2. The
optical contrast arises from the tilt between variants corre-
sponding to the twinned interface (90 — 2 x arctan (a/
¢) = 3.8°). There is no other observable relief apart from
surface irregularities due to electropolishing.

After proper orientation of the crystal using the {400}
reflections we determined the mozaicity or crystal misorien-
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Fig. 2. (a) Optical micrographs (DIC) of a macrotwin boundary. The
orientation of the c-axis is perpendicular in the upper variant and vertical
in plane in the lower variant. X-ray analysis along the twin interface: (b)
w-scan using the (400) reflection to probe the presence of low-angle
boundaries or the mozaicity of the crystal. (c) Relative volume of the
variants with a- or b-orientation perpendicular to the surface calculated
from the (600) and (060) reflections. (d) The relative integral intensity of
the satellite peaks nearest to the (400) reflection. This provides a direct
measure of the amount of variants with different modulation directions.

tation (perfectness) of the crystal using an w-scan. Along
the boundary there are a few low-angle boundaries with
crystal misorientations up to 0.4°, similar to a previous
report [15] and other crystals from AdaptaMat. The pres-
ence of both (600) and (060) reflections in the scan along
the twin boundary shows the presence of variants with
a- and b-axes perpendicular to the analysed surface. This
indicates twinned layers of a- and b-variants or fine a/b-
laminate (Fig. 3). This twinning was previously identified
as compound twinning [15]. The ratio of the variants is
not constant along the boundary, but slightly varies with
an average ratio of about 1:4 (Fig. 2¢). There should be
slight surface relief associated with a/b twinning about
0.3° (90 — 2  arctan (b/a)) but the individual variants with
a- and b-orientations could not be resolved by either
optical microscopy or atomic force microscopy.
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Fig. 3. Sketch of analyzed twinned interface (thick, red line) with marked
orientation of crystal axes. The interface is a Type I macrotwin boundary,
which connects two variants with differently oriented a/b-laminate (thin
lines). The thickness of the laminate bands is strongly exaggerated for the
sake of clarity. (For interpretation of the references to colour in this figure
legend, the reader is referred to the web version of this article.)

Finally we investigated the modulation direction in vari-
ants with their a- or b-axis perpendicular to surface. As
speculated above, the modulation direction could either
fluctuate on a very fine scale or can have the same direction
along the interface depending on the type of the mobile
interface. X-ray diffraction can be used to determine the
average amount of variants with different modulation ori-
entations, and therefore can identify any changes in the
modulation direction regardless of scale. The relative inten-
sities of the (4.4 4+ 0.4 0) peaks corresponding to the rela-
tive volume fractions of two variants with different
modulation directions are shown in Fig. 2d. The measure-
ment indicates that there is only one direction of the mod-
ulation in most of the scanned region, except on the edges
of the sample where some mixing of the two directions
occurs. This mixing on the edges can be caused by addi-
tional twinning originating from sample manipulation.
This twinning feature is also apparent on optical micro-
graphs. The observed single modulation direction along
most of the studied region indicates that the boundary does
not consist of fine Type II segments. The single modulation
direction and the simultaneous alignment along (101) con-
firms the Type I character of the boundary. The detailed
microstructure of Type I boundary is sketched in Fig. 3.
In agreement with this experiment the calculation, pre-
sented in the next section, indicated that in this geometry
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the modulation twinning is not compatible with the Type
I boundary.

From the experiment we can conclude that the optical
observation may be enough to distinguish the type of the
boundary according the tilt of the twinned interface trace
in the (100) or (010) plane. To show that different bound-
aries can be created at the same place, we annihilated the
analyzed Type I boundary and recreated a Type II seg-
mented interface by mechanical stress from the single-
variant sample and moved it to approximately the same
position. For comparison, the optical micrographs of both
interfaces are shown in Fig. 4. The segmented interface
exhibits a typical zigzag pattern and bands in the variant
with the in-plane c-axis, indicating the modulation twin-
ning similar to the boundary analyzed previously [15].
The tilt of the zigzag lines from the analyzed Type I bound-
ary is +6°. This experiment shows that modulation twins
not present before can be formed together with the Type
IT boundary since this macrotwin interface is compatible
with modulation twinning. In contrast with TEM studies
on foil [20], modulation twinning is macroscopically
straight with a [010] overall direction. In the same sample
we observed that modulation domains often appear, disap-
pear or rearrange during the subsequent annihilation and
new formation of the mobile interfaces by mechanical load-
ing. In addition to Type I boundary, both Type II macro-
scopic planar and segmented interfaces with large segments
can appear during subsequent loadings. Perhaps, then, it is
no great surprise that, apart of these analyzed relatively
simple cases, sometimes more complex microstructure of
twinned interfaces can be observed. An example is shown
in Fig. 5. The observed microstructure consists of alternat-
ing segments of Type I and Type II macrotwins with the
bands of modulation twinning. These are only occasionally
observed and these configurations have not yet been stud-
ied in detail [21]. The compatibility of the microstructure
involving both Type I and Type II boundary is discussed
in the end of next section.

Cc

Fig. 4. Type I (upper) and Type II (lower) twin boundaries successively
created and shown in nearly the same place on the sample. For better
visibility the Type II boundary is enhanced by a white zigzag line; weak
horizontal bands are modulation twinning.
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Fig. 5. Optical micrograph showing an example of the weakly incompat-
ible two parallel macrotwin interfaces identified as the combination of
Type I and Type II macrotwin boundaries. The line following the interface
demonstrates the different angles between segments of boundaries: about
6° between Type I and Type II boundaries, and about 12° between two
segments of Type II boundary. The weak contrast of nearly vertical bands
is due to modulation twinning in the variant with the c-axis in plane [15].
In the narrow middle band the c-axis is perpendicular to the plane.

3.2. Compatibility analysis

As shown by the X-ray results, the experimentally
observed Type I boundaries are planar interfaces between
two fine microstructures, each containing variable amounts
of a/b (compound) twins (Fig. 3). In this section, we will
analyze the kinematic compatibility, i.e. geometric admissi-
bility, of such interfaces within the framework of contin-
uum mechanics, and discuss some of the possible more
complex morphologies from this point of view. Through-
out this section, we will use the terminology introduced
in Ref. [15]. In particular, we will use the term “compound
twins” only for the (110)-compound twinning system
(twins between variants with the same modulation direc-
tion but different orientations of the a- and b-axes), and
the term “modulation twins” for the (100)-compound
twinning system formed by two variants with different
modulation directions and the same orientations of the a-
and b-axes. We will also use the term “modulation macro-
twin” for a compatible planar interface between two fine
compound laminates at which the modulation direction
changes (but the a/b ratio and the orientation of the c-axis
does not change). In a similar sense, we will use the terms
“Type I macrotwins” and “Type II macrotwins” for inter-
faces between the a/b laminates at which the orientation of
the c-axis changes. Further details on the ability of the
10 M martensite to form such macrotwins can be found
in Ref. [15].

In this reference it was shown that the highly mobile
interface has the complex morphology sketched in
Fig. 6a. This morphology consists of fine compound a/b
laminates marked uy, up, pc and up, from which the py
and pp laminates contain the martensitic variants with
the c-axis oriented parallel to the x; axis (approximately
perpendicular to the observed surface of the sample) and
the uc and up laminates contain the variants with the c-axis
parallel to the x;-axis (lying approximately on the observed
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Fig. 6. Possible morphologies of the interface: (a) the highly mobile
morphology; (b) the low-mobility morphology—hard boundary; (c) the
hard boundary intersected by a modulation macrotwin; (d) a combination
of the low and highly mobile interfaces; (e) a degenerate case of (d) for
which = 0. The unlabeled interfaces parallel to the x;x;-plane are the
modulation macrotwinning planes.

surface of the sample and parallel to the long edge). The
involved macrotwinning systems are the modulation
macrotwins u4:ug and uciup, and Type II macrotwins
waptc and ppup. If all laminates py p are homogeneous
and of first order, this morphology is fully compatible, i.e.
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it can exist without additional elastic strains [15]. Further
we demonstrated that the compound laminates can also
form Type I macrotwins, which is exactly the boundary
with high twinning stress (Fig. 6b), consisting of a single
Type I macrotwin boundary between two compound lam-
inates 4 and pc (or ug and up). If these laminates are both
homogeneous first-order laminates with the same volume
fraction of a/b variants, then the condition of the macro-
scopic compatibility is fulfilled and this interface can exist
without elastic strains. This particular structure was exper-
imentally analyzed in a previous section and is sketched in
Fig. 3, which shows a/b compound twins (laminate) and
Type I macrotwins.

The question is whether the highly mobile boundary
(Fig. 6a) and the rigid boundary (Fig. 6b) are the only
two admissible morphologies of the interface. A simple
extension of the analyzed case is the morphology outlined
in Fig. 6¢c. This morphology consists of four homogeneous
laminates w4 p separated by the Type I and modulation
macrotwins, which cross each other. As explained in detail
in Ref. [22], the crossing morphology can be fully kinemat-
ically compatible, i.e. can exist without additional elastic
strains, if the following three conditions are simultaneously
fulfilled:

1. The four homogeneous laminates involved in the mor-
phology can pairwise form compatible planar interfaces.
This means that there exist four unit vectors
Ny Mgy, Mapwe> and n,., , four shearlgg vectors

b and b and four rotation matri-

Haittgs THpiHpy THpiico Heifa
ces Ry s Rypps Ry, and Ry (R € SO(3)), such
that
RHA?#BUNB - U#A = bﬂAJHB @ Myypy s (1)
RllsiHDUHD - UHE = bHBWD ® LTS (2)
thoiuc UMC - UHD = bﬂoiﬂc & Ny (3)
RH(,‘WA U.“A - U#(,‘ = b#(,‘iﬂA ® LTI (4)

neous laminates. Then the vectors n have the meaning of
unit vectors perpendicular to the individual macrotwin-
ning planes in the reference configuration. We would like
to point out that these conditions ensure only the ability
of the involved homogeneous laminates to form the indi-
vidual interfaces. In addition, however, the solution of

Egs. (1)—(4) provides also the values of vectors m and

matrices R for each such possible interface, which are

further used in the second and the third conditions given
below.

2. The stress-free macrotwinning planes intersect on one
line, which means that all unit vectors n from the first
condition lie in one plane. The fulfilment of this condi-
tion can be parameterized by a scalar parameter ¢
defined as

n.“AiNB x n/icillA nlloillc X nllﬂiﬂo

¢ = arcsin

Y (5)

|nl€41#3 X n/‘(‘:ﬂA‘ ‘nﬂuillc x n#31#D|
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which is equal to zero if this condition is fulfilled and dif-

ferent from zero otherwise.

3. The mutual rotations between the laminates over the
macrotwinning planes compensate each other, i.e. the
matrices R from the first condition satisfy the relation

R, R, . R I (6)

(see Ref. [22] for a more detailed explanation). The fulfil-
ment of this condition can be parameterized by one scalar
parameter, the angle y defined as

(tr(RmfusRusruoRMD:ucRucw) - 1)
3 .

R

i pp S ugiip T pup e Nucipy =

Y = arccos (7)
The parameter is equal to zero if this third condition is ful-
filled and different from zero otherwise.

The scalar parameters ¢ and y were first introduced by
Stupkiewicz and Gorzynska-Lengiewicz [23], who called
them “incompatibility indicators”, which is a term we will
adopt here as well. If the first condition is fulfilled, the
values of ¢ and ¢ then indicate how much the resulting
morphology deviates from full compatibility. The incom-
patibility parameter with a very similar meaning to y was
also introduced by Balandraud et al. [24,25] for special
microstructures for which ¢ = 0.

Following the work of Koumatos [26], these three con-
ditions can be further simplified if n,,.,, =n,,,., ie. if
the crossing of the two twinning systems involved does
not change the twinning plane orientation of one of them.
Then the second condition (coplanarity of the vectors n) is
a direct consequence of the first and the third conditions.
Nevertheless, even in such a simplified case it is necessary
to use both the scalar indicators ¢ and ¥ to measure pos-
sible incompatibility. The reason is that if the third condi-
tion is satisfied only approximately (e.g. ¥ < 0.1°), the
implication from Ref. [26] does not tell us anything about
the value of the indicator ¢, so the discussed microstruc-
ture can be both very close to full compatibility or com-
pletely incompatible.

Additionally, as both the macrotwinning plane orienta-
tions n and the rotation matrices R can be dependent on
the a/b volume fraction of the laminates, the incompatibil-
ity indicators can also change with this fraction. For the
orientations n, an example of such dependence was calcu-
lated numerically in Ref. [15] with the following result: if
W4 1s a compound laminate with the c-axis oriented along
the x; direction of some Cartesian coordinate system and
with the modulation along the [0;v/2/2; —v/2/2] direction
in this system and this compound laminate forms a Type 11
macrotwin boundary with a laminate uc having the c-axis
oriented along the x;3 direction and with the modulation
along the [v2/2;—v/2/2;0] direction, the vector m,.,, is
equal to [0.7053; —0.0721; 0.70530] providing that all unit
cells in the laminates have the b-axis parallel to the macrot-
winning plane, i.e. contains only b-variant. If, on the con-
trary, all a-dimensions are parallel to the macrotwinning
plane, i.e. containing only a-variant, the vector is equal
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to [0.7050; —0.0779;0.7050]. For the volume fraction of a/b
variants between 0 and 1 the vector is between these two
limits. As far as the dependence of the rotation matrices
R is concerned, the effect of the a/b volume fraction is sche-
matically sketched in Fig. 7; the rotation compensates the
declinations of the diagonal planes forming the interface,
so it is obviously dependent on the a/b orientations of
the unit cells.

For the morphology shown in Fig. 6¢c, the first condition
is satisfied. The planar interfaces of the modulation
macrotwins (u4:up and pc:pup) and of the Type I macrotw-
ins (uyg:nc and pyiup) is fully compatible as explained
above and in Ref. [15]. Thus, the incompatibility or com-
patibility of the entire crossing morphology depends only
on the values of ¢ and . The value of the indicator ¢
can be calculated as follows. The orientation of the Type
I macrotwinning is independent of the modulation direc-
tion and of the a/b volume fraction in the neighboring lam-
inates, in definite terms:

1

1. (8)
0

nll('iﬂA = nﬂB:HD =

Similarly, the modulation macrotwinning plane has the
same orientation on the both sides of the macrotwin
boundary. For the choice (8), the morphology in Fig. 6¢
is obtained when:

(=)

©)

n/‘A:”B = nﬂl)WC =

—_—

For these orientations of the macrotwinning planes the
argument in (5) is equal to zero and consequently ¢ = 0.
The same conclusion was reached for all possible choices
of the macrotwin orientations using Eq. (8). The value of
the second indicator is slightly dependent on the volume
fraction of a/b variants in the laminates wu, . _p due to
the above-mentioned dependence of the rotation matrices
on this parameter. When only the a-axis is lying parallel
to the p4:uc interface, the value is y = 1.0134°; when only
the b-axis is lying parallel to the interface, the calculation
gives Y = 1.0108°; and for any other volume fraction of
afb variants  is somewhere in between.

The experimentally observed, weakly incompatible
microstructures reported in Ref. [23-25] have the value of
the incompatibility indicator typically 0.1° — 0.4°; there-
fore it is plausible that the value > 1° obtained for
Fig. 6¢ is large enough to prevent the formation of such
morphology. This conclusion is in good agreement with
the fact that crossing between the modulation macrotwins
and Type I macrotwins was never observed in our experi-
ments. The meaning of the indicator ¢ in this case can be
qualitatively understood from a simple consideration of
the surface relief. The twin variants or domains with an
in-plane c-axis and different modulation directions form
roofs and valleys on one side of macrotwin boundary,
while on other side the variants with the c-axis perpendic-
ular have no relief and their surfaces are flat. Since the mac-
rotwin Type I boundary is straight, this arrangement would
form a discontinuity on the macrotwin boundary. How-
ever, the segmented Type II macrotwin boundary is com-
patible on the surface as the relief due to modulation
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Fig. 7. Two-dimensional illustration of the dependence of the rotation matrix R on the a/b volume fraction.
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twinning is compensated by the zigzag pattern and bound-
ary tilt and no discontinuity occurs (Fig. 6a).

Another possible generalization of the macrotwin mor-
phology is outlined in Fig. 6d. In this case, the hypothetical
boundary would consist of alternating segments of Type I
and Type II macrotwins, with these segments separated
from each other by modulation macrotwins. Again the first
condition for such morphology is always fulfilled, i.e. the
involved laminates can pairwise form fully compatible pla-
nar macrotwinning interfaces. Considering all possible
combinations of laminates and calculating the Type I and
Type 11 macrotwin orientations for them, we have reached
the following conclusion. For any quadruplet of laminates
Wa.. psuch that the u :ppand pcipp pairs are able to form
modulation macrotwins, the Type I macrotwinning plane
up:up is always nearly perpendicular to the Type II macrot-
winning plane p4:pc, so this morphology can never be
nearly compatible, since the value of the first indicator is
typically ¢ ~ 90°.

The only exception is the degenerate case shown in
Fig. 6e, where pu, = up. In this special case, all three
involved macrotwinning planes intersect again in the
[110] (or [110]) direction and consequently ¢ = 0. For this
case, the indicator i can be calculated from the relation (7)
with R, .., = [. The result is again dependent on the vol-
ume fraction of a/b variants, ranging from y = 0.5067°
for all unit cells having the b-axis oriented along the
interface to y = 0.5405° for all unit cells having the a-axis
oriented along the interface. This means that the incompat-
ibility is about two times lower than for Fig. 6c, and
becomes comparable to the incompatibility of the experi-
mentally observed microstructures analyzed in Refs.
[23-25]. Unfortunately, the suggested arrangement of seg-
ments cannot be resolved in our X-ray diffraction set-up;
however, it can be resolved by optical observation and
careful measurement of the angles in the zigzag pattern
which should differ by about 6°, in contrast with Type 11
segments where the deviation is about 12°. An example
of this assumed morphology is presented in Fig. 5. A slight
incompatibility results in the small continuous bending on
the edge of the Type I boundary when connected to the
Type II boundary. The formation mechanism of such a
bent macrotwin interface is similar to that described for
curved non-classical interfaces in CuAINi in Ref. [27].
Since these interfaces are not fully compatible and were
observed only rarely, they could be only transitional.
During repeated movement of the interface under tensile
and compression stress, they might evolve and settle either
to Type I or Type II compatible interfaces.

3.3. Mobility of twinned interfaces

We showed that a macrotwin boundary with higher
twinning stress has a relatively simple structure. It coin-
cides with the (101) plane in the tetragonal approximation
of the lattice. Compared with the highly mobile interface
identified as a Type II macrotwin boundary, it also
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contains a/b laminate but cannot contain the modulation
twinning in the same geometry. Theoretical analysis shows
it is a Type I twin boundary. Additionally, we showed
experimentally that both interfaces could be created at
the same location in the same sample. While the theory
shows that Type I and Type II twin boundary (macrointer-
face) are both compatible, the boundaries differ radically in
the magnitude of twinning stress. This suggests that the
mobility of the boundary depends mainly on the internal
structure of the boundary itself and not on external param-
eters such as the quality of the crystal or inclusions.

Following the reasoning of Salje [28,29] one can tenta-
tively explain this high mobility or very low twinning stress
by considering the potential energy landscape on an atomic
scale. Compared with Type I boundary, the Type 11 bound-
ary is tilted from the (101) plane having irrational indices
but is relatively close to the (10110) plane. Therefore the
atoms in this plane are in positions that are not local min-
ima compared with the atoms of the Type I boundary that
occupy certain minima of the energy landscape. A very
simplified one-dimensional case is sketched in Fig. 8. It sug-
gests how the atoms in the Type II interface are distributed
over the energy landscape. If we integrate the energy
needed to overcome the barrier (Peierls energy), the total
energy to move the whole boundary is about zero. In the
first approximation no force is therefore needed for atomic
rearrangement, resulting in extremely low twinning stress.
As the energy to move the boundary is about zero, this also
implies no temperature dependence of twinning stress for
the Type II boundary in agreement with experimental find-
ings [7]. Although this picture is grossly simplified it offers
an explanation for the different twin boundary mobilities
and it might be relevant for ab initio calculations and ulti-
mately for the search of new alloys showing the MSM
effect.

One can extend this consideration further. Even for the
Type I macrotwin boundary there are not very well defined
positions in the modulated lattice compared with a simple
tetragonal one. Due to modulation the atoms of the Type 1
boundary do not sit in relevant minima, which might
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Fig. 8. Simplified energy landscape in one dimension for Type I and Type
II boundaries. Integration along the landscape for the Type II boundary
gives zero energy.
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increase the mobility in a similar manner. In comparison,
in non-modulated Ni-Mn-Ga martensite the observed
twinning stress is always higher than 10 MPa. Therefore
one can speculate that only a modulation structure can cre-
ate enough mobile boundaries and thus cause a MSM
effect.

Another model to explain the high mobility and low
twinning stress considers the movable twin boundaries as
a broad interface having high energy, which is not pinned
on defects [30]. As the Type Il is tilted from its precise crys-
tallographic plane position, it can be considered even
broader, resulting in even lower twinning stress. However,
since this model regards pinning as the cause of the twin-
ning stress, it can be expected that the temperature depen-
dence of the twinning stress should be similar for both
types of twin boundaries, in disagreement with experiment.

The different temperature dependence of twinning stress
of Type I and II macrotwin boundaries offers a further
insight into the mobility. In contrast with the strong
increase in twinning stress with decreasing temperature
for the Type I boundary [31], the dependence of the Type
II boundary is flat and nearly constant [7,32]. This indicates
that the mobility of the Type I boundary depends on the
evolution of the intrinsic material properties, e.g. lattice
parameters and elastic properties, with temperature. Close
to the martensitic transformation temperature the twinning
stresses of the Type I and Type II boundaries are about the
same. This probably originates from the fact that on the
atomic scale the distinction between Type I and II twin
boundaries gradually disappears as the monoclinic distor-
tion becomes smaller and @ and b approach the same value,
resulting in an approximately tetragonal lattice [33]. Both
twin interfaces become similar to compound twinning.
Interestingly, the twinning stress of this compound-like
interface is low. This lowering of twinning stress near trans-
formation may originate not only from the changing
microstructure of the interface but also from the lattice
softening at the transformation [34-36].

Considering the complex microstructure of these inter-
faces, the questions remain as to whether the modulation
twinning has any effect on the mobility and what the role
of the a/b-laminate is. A preliminary model based on the
theory of elastic continuum suggests that a/b-laminate hin-
ders twin boundary motion in Type I twin boundary but
not in Type II. Thus near the transformation the mobility
of the Type I boundary can be as high as @ ~ b and there is
virtually no laminate.

Apart from the elastically compatible pure Type I and
Type II boundaries analyzed here and in Ref. [15], theory
predicts that a particular mixture of Type I and Type 11
boundaries with low elastic incompatibility can also consti-
tute a mobile macrotwin interface (Fig. 6¢). This interface
was observed (Fig. 5). Since such a boundary contains both
the highly mobile Type II macrotwins and more rigid Type
I macrotwins, it can be expected that the mobility of this
microstructure should be somewhere between the mobili-
ties of the of Type II and Type I boundaries. This was
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confirmed by a preliminary mechanical testing experiment
[21]. Similarly, the temperature dependence of twinning
stress can be expected to be weaker than for Type I itself.
We can conclude that for an optimal performance, the twin
microstructure must not contain Type I twins and must be
based primarily on Type II twins. Any other combinations
will result in higher twinning stress and an unfavorable
temperature dependence of the MSM effect.
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3.3 Publikace Mikrostrukturni model pohybu makrodvojcatovych

rozhrani v 10 M martenzitu slitiny Ni-Mn-Ga.

Bibliograficka citace:

Struéna anotace:

Prispévek habilitanta:

Seiner, H., Straka, L., Heczko, O. A microstructural model of motion
of macro-twin interfaces in Ni-Mn-Ga 10 M martensite (2014) Journal
of the Mechanics and Physics of Solids, 64 (1), pp. 198-211.

V této publikaci je prezentovan obecny model pohybu makro-
dvojcatovych rozhrani v termoelastickych martenzitech, motivovany
rozdilnou pohyblivosti rozhrani Typu 1 a 2 v 10 M modulovaném Ni-
Mn-Ga. Model pIné vysvétluje snizenou pohyblivost Typu 1 (vici
Typu 2) mechanismem pinovani pohybujiciho se rozhrani na lokdlnich
energeticky vyhodnych stavech. Model je aplikovan postupné na tiech

prostorovych méfitkdch: meso-Skdle (modulaéni dvojcata), mikro-

Skéle (dvojcata typu Compound) a nano-skéle (modulace martenzitu).

Celéd koncepce modelu, jeho konstrukce a numerickd implementace
jsou praci habilitanta, diskuze vysledkli ve srovndni s experimenty

(sekce 5) probéhla ve spoluprici s obéma spoluautory.

100



Journal of the Mechanics and Physics of Solids 64 (2014) 198-211

ELSEVIER

Contents lists available at ScienceDirect

Journal of the Mechanics and Physics of Solids

journal homepage: www.elsevier.com/locate/jmps

A microstructural model of motion of macro-twin interfaces
in Ni-Mn-Ga 10 M martensite

@ CrossMark

Hanus Seiner **, Ladislav Straka”, Oleg Heczko €

2 Institute of Thermomechanics, Academy of Sciences of Czech Republic, DolejSkova 5, 18200 Prague, Czech Republic
b Aalto University School of Engineering, Laboratory of Engineering Materials, PL 14200, FIN-00076 Aalto, Finland
€ Institute of Physics, Academy of Sciences of the Czech Republic, Na Slovance 2, 182 21 Prague 8, Czech Republic

ARTICLE INFO

Article history:

Received 24 February 2013
Received in revised form

1 October 2013

Accepted 6 November 2013
Available online 18 November 2013

Keywords:

Twinning

Strain compatibility
Layered material
Numerical algorithms

ABSTRACT

We present a continuum-based model of microstructures forming at the macro-twin
interfaces in thermoelastic martensites and apply this model to highly mobile interfaces in
10 M modulated Ni-Mn-Ga martensite. The model is applied at three distinct spatial
scales observed in the experiment: meso-scale (modulation twinning), micro-scale
(compound a-b lamination), and nano-scale (nanotwining in the concept of adaptive
martensite). We show that two mobile interfaces (Type I and Type II macro-twins) have
different micromorphologies at all considered spatial scales, which can directly explain
their different twinning stress observed in experiments. The results of the model are
discussed with respect to various experimental observations at all three considered spatial
scales.

Shape memory alloys © 2013 Elsevier Ltd. All rights reserved.

1. Introduction

Ferromagnetic shape memory alloys (FSMAs) of the Ni-Mn-Ga system (Chernenko et al., 1995; O'Handley et al., 2000;
Heczko et al., 2000) are smart materials with potential for applications in actuation and micromanipulation. The decisive
factor for magnetic shape memory effect is the high mobility of the twin boundaries, which enables fast actuation with large
strain amplitudes. This high mobility was observed mainly in the five-layered (10 M) modulated martensite phase of Ni-
Mn-Ga alloy. In particular, as recently shown by Sozinov et al. (2011) and Straka et al. (2011), two different types of mobile
twin interfaces relevant for actuation can arise in the 10 M phase: Type I (twinning stress ~ 1 MPa at room temperature and
strongly temperature-dependent) and Type II (twinning stress less than 0.2 MPa and nearly temperature-independent). The
respective temperature dependences were analyzed by Straka et al. (2012) and measured by Straka et al. (2013) and Heczko
et al. (2013a). Understanding the difference between these two types requires a crystallographic analysis beyond the
tetragonal approximation of the 10 M unit cell, taking into account the weak monoclinicity of the modulated phase (Lanska
et al., 2004; Righi et al., 2007). In addition, as proved by X-ray microdiffraction in Straka et al. (2011) and Heczko et al.
(2013b), and discussed ibid theoretically, these mobile interfaces are not simple twinning planes, but they are macro-
twinning planes between fine 1st or 2nd order laminates. Furthermore, according to the so-called adaptive concept of
martensite (Kaufmann et al., 2010, 2011; Niemann et al., 2012), the 10 M modulated phase itself is built up from a stacking
sequence of tetragonal unit cells of the non-modulated (NM) martensite, which adds even one more level of lamination.
Thus, the observed mobile interfaces are in fact macro-twin boundaries between relatively complex twinned structures.

* Corresponding author. Tel.: +420 266 053712.
E-mail address: hseiner@it.cas.cz (H. Seiner).

0022-5096/$ - see front matter © 2013 Elsevier Ltd. All rights reserved.
http://dx.doi.org/10.1016/j.jmps.2013.11.004
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This opens the questions how such microstructures can be connected compatibly over a single interface, and how the
micromorphologies forming at these interfaces can affect their motion. Such analysis is the subject of this paper.

Recently, Faran and Shilo (2011, 2013) analyzed the kinetics of Type I and Type II interfaces under pulse-like magnetic
loadings and obtained extensive data on mobility of both the types for a wide range of amplitudes of the driving force. They
concluded that for small amplitudes of the applied magnetic pulses (small driving force, slow propagation), the kinetics of
both the Type I and Type II interfaces is driven mainly by nucleation and growth of steps along the interfaces. This
macroscopically appears as a smooth, continuous sideways motion of the mobile boundary. Under such condition, Faran and
Shilo (2011, 2013) showed that the energy of such steps is smaller for the Type II twins, for which also the Peierls barrier
seems to be smaller, and, consequently, the mobility to be higher. On the other hand, they did not take into account the
complex microstructure of the analyzed macro-twins known from the experiments. The presence of fine lamination
(possibly of higher orders) close to the interface does not contradict the concept of nucleation and growth of the steps. It is
plausible that, in addition to the Peierls landscape, the microstructure can create energetic barriers against the nucleation
and motion of such steps. Such conjecture is supported by the fact that Faran and Shilo (2013) have observed some variation
of the mobility with periodicity of about 10-50 um, which could be a characteristic length-scale of some particular
microstructure. Similar periodicity was also detected on quasi-static curves for the Type I interface measured by Faran and
Shilo (2012).

In this paper, we examine the influence of the complex microstructures on the quasi-static motion of the Type I and Type
Il boundaries. Within the frame of continuum mechanics, we present a theoretical model of such interfaces, employing the
description of thermoelastic martensites. We solve the compatibility problems in the interfacial region where the two
laminates meet, and discuss what effect the resulting microstructure can have on the motion of the macro-twin. Our
discussion is restricted to the 1st order of lamination only; which is, however, sufficient for application of the model for the
case of 10 M martensite of Ni-Mn-Ga. The reason is that the individual laminations in 10 M martensite appear at completely
different spatial scales, and their interactions in the interfacial region can be, thus, discussed separately. By using this model,
we obtain a multi-scale picture of the micromorphology at the studied macro-twin boundaries, and we are able to explain
the possible origins of the different twinning stress.

2. Martensitic microstructures in 10 M martensite of Ni-Mn-Ga

In this section we summarize the main properties of the martenstic transition in Ni-Mn-Ga alloys and resulting 10 M
microstructures known from previously published experimental observations or calculations. The austenite-to-10 M
transition in Ni-Mn-Ga belongs to the cubic-to-monoclinic class. The geometric parameters of this transition, including
the complete classification of twinning system and the construction of macro-twins, were in detail described in Straka et al.
(2011). Here only a brief summary is given.

2.1. Lattice parameters and twinning systems

We use a reference coordinate system x; taken identically with the principal directions of a cubic unit cell of the austenite
phase. In this reference coordinate system we express all the geometric parameters describing the discussed micro-
structures: the Bain matrices, the directions of the twinning and macro-twinning planes, the rotations, etc. For clarity, we
denote all quantities expressed in this coordinate system by the subscript P, meaning the parent phase.

As the lattice parameters are significantly dependent on composition (Lanska et al., 2004), for matter of uniqueness we
select the lattice constant for one particular alloy. We choose the same alloy as used in the previous works (Straka et al.,
2011; Heczko et al., 2013b). The unit cell of austenite has one lattice constant ap = 0.5832 nm. In the transformed state, i.e. in
10 M martensite, the equivalent (effective) unit cell has three different lattice constants, a=0.5972 nm, b=0.5944 nm and
c=0.5584 nm, and the angle contained between the edges of dimensions a and b is y = 90.37°. Twelve different variants can
be formed (Pitteri and Zanzotto, 1998; Bhattacharya, 2003). In the reference configuration, the Bain matrices representing
these twelve variants are

e, ey O eq —esp O
U=|€wn e 0|, U=|-ep e 0],
0 0 e b 0 0 e/ p

e €mp O e, —eqp O
Us=|¢€ewn € 0|, Us=| —ew eq o1,
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where e; =1.0240, e, =1.0192, e, =0.9575 and e, = 0.0033. For each variant, the so-called modulation direction is the
direction perpendicular to the c-axis (magnetization easy axis) and pointing along the shorter diagonal of the a-b
parallelogram.

There are up to five twinning systems that can appear between particular pairs of 10 M martensitic variants, and, with
one exception, all of them were observed in the experiments:

1. The twins between variants differing only in the direction of modulation (for example Nos. 1 and 2); according to the
classification by Bhattacharya (2003), these twins are of a compound type. For clarity, however, we will call them
modulation twins.

2. The twins between variants differing only in the orientation of the a- and b-dimensions of the unit cell (for example Nos.
1 and 3), which are also of the compound type; we will call them a-b twins.

3. The non-conventional twins between variants differing in both the a-b orientations and modulation direction (but with
the same orientation of the c-axis, for example Nos. 1 and 4). This type of twinning has not been observed yet.

4. Type I twins between variants with different orientations of the c-axis (for example Nos. 1 and 5); the twinning plane in
this case is the lattice plane of the 10 M lattice.

5. Type II twins between variants with different orientations of the c-axis (again, for example Nos. 1 and 5); the twinning
plane in this case is irrational in the 10 M lattice.

We will use this terminology throughout the whole paper and adopt it also for the macro-twins, i.e. for the compatible
interfaces between homogeneous twinned structures. In this sense, we will use the term modulation macro-twin for a
macro-twin between two laminates differing mainly in the modulation direction; in a similar sense we will use the terms
Type I and Type Il macro-twins for macro-twins between laminates with different orientations of the c-axis. In this case the
distinguishing between Types I and Il will be based on whether the macro-twinning plane is a lattice plane, or not.

Over all spatial scales we will also use the term mobile interface for the Type I and Type II twins or macro-twins, i.e. for
those interfaces at which the orientation of the c-axis of the 10 M unit cell changes. Such interfaces are the only ones that
can be set into motion by the magnetic field; we will call them mobile to distinguish them from all other interfaces, in
particular from the interfaces forming the individual laminates, which are considered as fully static in our model.

2.2. The length-scales observed in experiments

As mentioned in the Introduction, it is known from the experiments that the lamination (and, thus, macro-twinning) in
10 M martensite can appear at three different length-scales. The observed spatial hierarchy of the laminates at the mobile
interface is schematically outlined in Fig. 1 and summarized here:

® At the macro-scale, there is a single flat interface between two regions with different orientation of the c-axis. This interface is
the mobile interface with effective macroscopic twinning stress of <0.2 MPa (for the Type II case) or 1 MPa (for the Type I case).

® At the meso-scale,' a closer look reveals that these two regions in the vicinity of the single flat interface are often not
homogeneous. They can be composed of segments with altering orientation of the modulation direction. At this scale we
can treat each such segment as homogeneous and, thus, the mobile interface can be at this length-scale understood as a
macro-twin between two 1st order laminates of modulation twins. The presence of lamination at the meso-scale was
observed by optical microscopy and X-ray microdiffraction (Straka et al., 2011; Heczko et al., 2013b) and by electron
backscattered diffraction (EBSD) (Chulist et al., 2013; Heczko et al., 2013c).

1 In this paper, we use the prefix meso- to describe a spatial scale between the macro-scale (characteristic lengthscales in the order of millimeters) and
the micro-scale (characteristic lengthscales in the order of micrometers). Such use of the term meso-scale is common in some literature concerned with
multi-scale mathematical modelling of shape memory alloys (Turteltaub and Suiker, 2006; Kouznetsova and Geers, 2008), but slightly different from the
meaning used in solid state physics or materials science, for example in the works dealing with the adaptive concept of Ni-Mn-Ga martensites (Kaufmann
et al.,, 2011; Niemann et al., 2012), where this intermediate scale appears between the atomistic scale and the micro-scale.
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meso-scale micro-scale nano-scale

macro-scale

modulation (i.e. {100}) a-b (i.e. {110}) compound twins
compound macro-twins compound twins of NM martensite

Fig. 1. Possible hierarchy of laminations in the vicinity of the mobile interface. Note: the geometry of the sketch is quite general and illustrative, and its
relation to possible real morphologies is only very approximate.

® At the micro-scale, further lamination can appear. If the mobile macro-twin interface is planar at the meso-scale, or if the
alterations of the modulation directions are absent (i.e. no modulation twinning at the meso-scale appears), two regions,
each with homogeneous modulation direction, necessarily meet at the mobile interface. These two regions are thus
homogeneous at the meso-scale, but at the micro-scale they are 1st order laminates of a-b compound twins. The
presence of this a-b lamination in the vicinity of the mobile interfaces of both types was proved indirectly by X-ray
microdiffraction in Straka et al. (2011), Heczko et al. (2013b), and Sozinov et al. (2011) and directly by EBSD in Chulist
et al. (2013).

® At the nano-scale, considering the concept of adaptive martensite (Khachaturyan et al., 1991a,b; Kaufmann et al., 2010,
2011; Niemann et al., 2012), there can be another level of lamination. If the mobile interface is flat at the micro-scale, or if
the a-b twinning does not appear at the micro-scale, two regions with homogeneous orientation of a and b dimensions
and with homogeneous direction of the modulation meet at the mobile interface. In fact, these two regions are only two
single variants of the 10 M martensite. However, within the concept of the adaptive martensite, the mobile interface is
again a macro-twin at the laminates of tetragonal NM martensite at the atomistic scale, i.e. at the nano-scale.

It is apparent that this construction of the multi-scale hierarchy of the twinning systems shown in Fig. 1 is inductive: the
micro-scale can be discussed if and only if the interface appears flat at the meso-scale, the same is valid for the nano- and
micro-scales.

Hence, we can also follow the same approach when discussing the effect of the martensitic microstructure on the
twinning stress; we start the analysis at the macro-scale and follow the possible special morphologies down to the nano-
scale. At all these spatial scales we apply a simple model formulated in the next section.

3. Model formulation

In this section we construct a model of morphology and motion of macro-twins. For this purpose, we use (without giving
any detailed explanations) some common terms and approaches of the continuum mechanics of martensitic microstruc-
tures, which treat the individual variants of martensite as deformed states of the reference configuration (i.e. of the parent
phase). The fundamentals of this theory are sufficiently described in Bhattacharya (2003) and Ball and James (1987, 1992),
some brief summary with particular focus on the Ni-Mn-Ga alloy is also given in Straka et al. (2011, Appendix A).

3.1. Micromorphology at the macro-twin interface

Let us consider two homogeneous laminates of the first order, i.e. two martensitic microstructures each consisting of
parallel lamina of two altering variants of martensite (Bhattacharya et al., 1999). Let one of these laminates consists of
variants denoted as A and B (this laminate will be further referred to as the A:B-laminate), which are able to form a twin. The
twinning plane of this twin is characterized by the vector n,p, which is a unit vector perpendicular to this plane in the
reference configuration. The second laminate consist of variants C and D (i.e. it is a C:D-laminate) with the twinning plane
ncp. The existence of these two laminates is conditioned by the existence of rotations Ry; € SO(3) and shearing vectors
ajy e R? such that

Uy —RapUp=asp ® Ny, 2)

Uc—R¢pUp =acp ® nep, 3)

where U; are the Bain tensors of the individual variants and x ® y denotes the dyadic product of vectors x and y.
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Fig. 2. Possible morphologies of the macro-twin boundary: (a) the general morphology; (b) the crossing-twins morphology; (c) the zig-zag morphology.

To allow the existence of a macroscopically compatible interface (i.e. the macro-twin) between these two laminates, a similar
condition must be satisfied. In particular, there must exist a rotation Rag.cp € SO(3) and a shearing vector asg.p € R such that

Myp — Rap.coMcp = asp.cp ® Mag.cp, 4
where

Myp = 44.8Ua + (1 — 14.8)R4.8U3,

Mcp = Ac.pUc+ (1 —4c.p)RepUp. ©))

M,z and M¢p are, up to some rotation, the mesoscopic deformation gradients of the laminates, the vector nyg.cp is a unit vector
perpendicular to the macro-twin boundary in the reference configuration, and 145 and Ac.p are the volume fractions of variant A in
the A:B-laminate and of variant C in the C:D-laminate, respectively.

The condition (4) treats the A:B- and C:D-laminates as infinitely fine. However, in real laminates the surface energy of the
twinning planes induces some final width of the individual lamina. For this reason, the macro-twin boundary between two
such laminates should have the morphology sketched in Fig. 2a, where both the laminates are getting finer via branching in
the vicinity of the macro-twin boundary, and the minor variant in each laminate forms thin, tapering needles ending at the
interface (see e.g Bhattacharya, 2003 for an optical micrograph or Chulist et al., 2010 for an EBSD micrograph of such
interface). A macro-twin interface with such morphology can exist between any two laminates fulfilling the condition (4);
for this reason we will call this morphology a general morphology.

Under some additional conditions, two laminates of finite widths of the lamina can form a compatible macro-twin
boundary without branching and without the formation of the needles. The morphology of such interface is sketched in
Fig. 2b, and will be called from hereafter the crossing-twins morphology, since it consists of two mutually crossing twinning
systems. The conditions under which the crossing-twins morphology can exist are the following:

1. The variants A and C can form an A:C twin (over a twinning plane with normal ny.¢); similarly, the variants B and D can form
a B:D twin (over a twinning plane with normal ng.p). This means that there exist the shearing vectors a,.c and ag.p and the
rotations Ra.c and Rg.p such that the conditions analogous to (2) and (3) are fulfilled between the Bain tensors U and Ug,
and between Ug and Up, respectively. (It is also necessary that these two twinning planes can compose into the macroscopic
macro-twinning plane, i.e. the vector nyp.cp can be expressed as a linear combination of vectors n4.c and ng.p. This condition
is, however, usually automatically fulfilled, since it is a direct consequence of the conditions (Nos. 2. and 3) given below.)

2. The A:B, A:C, C:D and B:D twinning planes intersect in one line, i.e.

Nyp X Na.c % Np.c X Nc.p

¢ = arcsin
[Map X Mac|  [Mpc X Ncp|

=0. (6)

If this condition is satisfied, then it is also true that the twinning planes A:B, and C:D intersect at the macro-twinning
plane AB:CD , i.e.

Na:p X NAg.cD Nc.p X Nap.cp

¢ = arcsin
Map X Mag.cp|l  [Me:p X Mag:cpl

=0, 7

(but the inverse implication does not hold).
3. The mutual rotations between the individual variants fully compensate each other (Bhattacharya, 2003). Explicitly
written, this condition reads

W = arccos (tr(RA:BRB:D l;E:DR}f) - ]) =0.

®)

4. The volume fractions 4.5 and Ac.p and the thicknesses of the lamina in the both laminates are tuned such that the all A:B
and C:D twinning planes can exactly meet at the macro-twin boundary.
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The scalar parameters ¢ and y are the so-called incompatibility indicators, firstly introduced by Stupkiewicz and Gorzynska-
Lengiewicz (2012); these parameters quantify the compatibility of the crossing of the two involved twinning systems.

The four conditions given above are quite restrictive; only very specific pairs of laminates can form the crossing-twins
morphology. Experimentally observed examples of compatible crossings of two twinning systems are the nanotwins in B19’
martensite of Ni-Ti (Waitz, 2005) or the intersection of the Compound and Type II twins 2H martensite of Cu-Al-Ni (Ball
et al., 2009; Seiner and Landa, 2009).

It is obvious that the energy of the general morphology is much higher than that of the crossing-twins morphology: the
latter consists of the surface energies of the two involved twinning systems only, whereas the energy of the general
morphology contains also the additional surface energy resulting from branching and the energy of the elastic strains
accompanying both the branching and the formation of the needles of the minor variant. Thus, according to the assumption
that the material near the macro-twin boundary tends to minimize its energy, the crossing-twins morphology should form
as soon as the above listed conditions are satisfied.

The question is which morphology is preferred when these four conditions are satisfied only approximately, i.e. if, for
example, the vectors nyp x ny.c and ny.p x ngp differ by less than 1°, or if all the A:B and C:D twinning planes do not exactly
meet at the interface. In such case, the exact crossing-twins morphology can form only if these small differences from the
compatibility are compensated by elastic strains. Such compensation is indeed possible, as it follows from the analyses of
some experimentally observed microstructures in In-TI (Ruddock, 1994), in Cu-Zn-Al (Balandraud and Zanzotto, 2007) and
in Cu-Al-Ni (Seiner et al., 2009; Stupkiewicz and Gorzynska-Lengiewicz, 2012). Alternatively, these small differences can
also be compensated by branching and by the formation of a fine microstructure close to the macro-twin boundary, and
thus the resulting morphology may have some similar features as the general morphology shown in Fig. 2a. However, since
the geometric misfit between two laminates satisfying approximately the four conditions for the crossing-twins
morphology is much smaller than in the fully general case, it is reasonable to assume that the energy of branching and
additional twinning in such case can be much lower. Thus, it is plausible that such two laminates always form either the
elastically strained crossing-twins morphology, or a general morphology with significantly lower energy than in a fully
general case.

For real laminates, in which the volume fraction is never exactly constant and the spacing between the lamina is never
exactly periodic, the fourth condition cannot be fully satisfied. On the other hand, wherever two A:B and C:D twinning
planes meet at the macro-twin boundary, and providing that the first three conditions are fulfilled, the energy of the macro-
twin is locally lowered by compatible crossing of the twins, i.e by local formation of the crossing-twins morphology.

A special case of the ‘approximate’ fulfillment of these four conditions occurs when the A:C and B:D twinning planes do
not exist. This happens for example for the cubic-to-tetragonal transition, where there are only three variants of martensite
and six possible orientations of the twinning planes, which is insufficient for the crossing-twins morphology. In other
words, the crossing-twins morphology can never form if two laminates meeting at the macro-twin interface contain both
the same variant, for example A=D. In such case, another special morphology can form providing that the intersection of the
A:B and A:C twinning planes is parallel with the macro-twinning plane. This can be quantified by the indicator ¢ defined by
(7), but with A=D:

Nyp X Ny, Nca X Nyp.
| Nap X Mapca caXMpaa | _ g )

¢ = arcsin =0.
|IMap X Magcal ~ [Mc.a X Ngpcal

If this condition is satisfied, the laminates of the variants B can form tapering needles ending at the A:C twinning planes
(with possible branchings close to these twinning planes), and the tips of these needles are then parallel to the macro-
twinning interface. This leads to the morphology sketched in Fig. 2c, which we will call the zig-zag morphology. The length of
the individual 'steps’ at the zig-zag interface depends on other conditions: if there can exist compatible interfaces between
the A:B laminate and the single variant C, and similarly between the A:C laminate and pure variant B (so called twinned-to-
detwinned interfaces), the segments can be long, since the compatibility conditions along them are satisfied. If this is not
the case, the steps must be fine, since the compatibility is achieved only in the macroscopic sense, i.e. between the
homogeneous laminates A:B and A:C. Let us point out that the condition (9) is indeed essential for the zig-zag morphology;
if this equality does not hold (at least approximately), the continuity of the variant A over the interfacial region is broken and
the tips of the B and C needles cannot run undisturbed along the twinning planes of the opposing laminates. In such case,
the general morphology probably forms.

The zig-zag morphology seems to be energetically preferred compared with the general one, since the necessary
tapering and branching of the needles appears on one side of the interface only. On the other hand, the interface is, due to
the steps, up to /2 times longer. Experimentally, the zig-zag morphology was observed for example in Ni-Al (Schryvers
et al., 2002; Boullay et al., 2001) or at the modulation macro-twins of 10 M Ni-Mn-Ga (Ge et al., 2006). The so-called L-
interface, observed in Cu-Al-Ni by Chu (1993), can be also understood as some degenerate form of the zig-zag morphology.
Let us mention that some of these observations of the zig-zag morphology show that the thin needles of the variants B and C
can partially intersect and form more complex patterns close to the macro twin. We will not discuss this special case in
details; since the condition (9) is satisfied in this case, such morphologies will be classified as zig-zag morphology as well.

In summary, both the discussed special morphologies (crossing-twins and zig-zag) can appear only if the two laminates
coming into play have suitable volume fractions and suitable characteristic length-scales, and if ¢ =0. Then, the
microstructure at the interface can be considered as two-dimensional, since all planes perpendicular to ns.p x ncp are
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fully equivalent. Furthermore, under these two conditions the lamina of the variants A and C (and, analogously, of the
variants B and D) can either meet ‘head-to-head’ at the interface and form the A:C and B:D twinning planes of the crossing-
twins morphology, or accommodate into the steps of the zig-zag morphology. However, even if the exact micromorphology
at the interface is not known and cannot be fully predicted by a calculation, the interfaces fulfilling the condition (7) differ in
their twinning stress from the fully general ones. This is shown in the following part of the paper.

3.2. Motion of the macro-twins

Let us consider that the macro-twin boundary moves from its original position x to some new position x+ Ax along the
direction given by the normal ngg.cp, such that the A:B- and C:D-laminates far from the interface remain unchanged. For the
general morphology, the fine microstructure at the macro-twin boundary can remain the same for any Ax (Fig. 3(a)), as the
branching points and the tips of the needles of the minor variant move together with the interface. This means that the
energy of the macro-twin boundary is constant during the propagation (as sketched by the solid line in Fig. 4(a)).

For the crossing-twins morphology, the situation is completely different. For some increments Ax, the compatible
connection between the A:B and C:D twinning planes is fully broken and the fourth condition for the existence of this
morphology is not satisfied, not even in any approximate sense (Fig. 3(b)). Consequently, the general morphology must form
and the energy of the interface significantly increases. By further propagation, the macro-twin boundary may again reach
some position in which the A:B and C:D twinning planes meet exactly each other and the low-energy crossing-twins
morphology forms again. Therefore the energy of the interface is strongly dependent on its position, passing though
periodically repeating deep minima corresponding to the crossing-twins morphologies (see the solid line in Fig. 4(b)). The
boundary is then pinned in these energetically preferred positions and its twinning stress increases. From other point of
view, the motion of the interface is always accompanied by dissipation. If the above described pinning mechanism is
present, the dissipated energy includes the energy of the barriers that the boundary must overcome; hence, the energy
dissipated by motion of the boundary jumping between the crossing-twins morphologies is higher than for the
continuously moving general one.

a b
N X+AX N X+AX
X X

D Variant A - Variant B D Variant C . Variant D

Fig. 3. Macro-twin boundary motion mechanism for the general (a) and the crossing-twins (b) morphologies.

a
> large misfit
————lt————l———— small misfit - -~
Xy Xy TAX

Fig. 4. The changes of energy of a macro-twin during the motion: (a) the general morphology; (b) the crossing-twins morphology. The dashed lines outline
the evolution of the energy landscapes with the geometrical misfit to be compensated at the interface (see the text for more details).
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Similar conclusion can be drawn for real macro-twin boundaries between laminates with non-perfect periodicity and
slightly varying volume fractions. If the first three condition are satisfied, the crossing-twins morphology locally forms at
several points along the interface, and the boundary becomes pinned in these points. During the propagation, the position of
the pinning point changes, but the twinning stress is permanently increased. So it can be expected that the macro-twin
boundaries at which the first three conditions are (at least approximately) satisfied are less mobile than the fully general
ones, for which no such pinning mechanism occurs.

Using this theoretical concept, we can discuss which parameters may affect the twinning stress. Let us consider, for
instance, that the macro-twin forms between laminates of orthorhombic martensitic variant such that the unit cells over the
A:B and C:D twinning planes differ always only by the orientation of the a and b dimensions of the unit cell while the
orientation of the third dimension ¢ remains unchanged within each laminate. Or that the variants are monoclinic, and that
the A:B and C:D twinning planes just separate the variants with different sign of the angle of the monoclinic distortion
y—=/2 (but the orientations of the a, b, and c are always the same in the whole laminate). Then, the possible misfit at the
interface is always described by a single parameter: in the first case this parameter is the difference between a and b, in the
latter case this parameter is the magnitude of the angle y —x/2. If this parameter goes to zero (i.e. a—b or y—z/2) the
laminate disappears and the macro-twin degenerates into a simple twin. Thus, this parameter quantifies not only the misfit
between the individual variants inside the laminate, but, simultaneously, also the misfit that must be compensated at the
macro-twin interface if the exact crossing-twins morphology cannot form. The effect of this parameter on the twinning
stress is marked by the dashed lines in Fig. 4: if the misfit is large, the minima corresponding to the crossing-twins
morphology are deeper and the pinning is thus stronger. With vanishing misfit the pinning disappears, and the twinning
stress is expected to decrease.

The obtained theoretical conclusion that the twinning stress for the crossing-twins morphology is increased by such
pinning mechanism can be easily applied to any macro-twin, for which the intersection of the A:B and C:D twinning planes
lies in the macro-twinning plane (¢ = 0), and for which the periodicity of both the laminates is the same (the same volume
fraction and the same spatial period of lamination). It is obvious that in such case some positions of the macro-twinning
planes are energetically more favourable than the others. As the macro-twin moves through the crystal, the lamina are
meeting each other and passing away periodically, which results in periodic changes of the energy of the microstructure
forming at the interface during the propagation. The moving interface has to overcome this periodic energetic barriers,
which leads to energy dissipation and pinning.

4. Application to 10 M Ni-Mn-Ga Type I and Type II macro-twins

Now we apply the above described general model to the 10 M martensite of Ni-Mn-Ga in order to analyse the observed
large difference of the twinning stress of the Type I and Type II macro-twin boundaries. Our broader aim is to analyze the
micromorphologies appearing at the macro-twinning interfaces at all length scales observed in the experiment and to
discuss how they may affect the twinning stress.

4.1. The choice of the geometry

For the sake of simplicity, we consider only the following given geometry of the macro-twins: the mobile interface will
be an interface between one region with the c-axis oriented along the [0;0; 1], direction and a region with the c-axis
oriented along the [1;0; 0], direction. This means that the first region will be composed of variants 1, 2, 3 and 4, while the
second region of variants 9, 10, 11 and 12. For symmetry reasons, this choice is sufficiently general.

Furthermore, we restrict our analysis to two possible interfaces: the Type I interfaces along the (1/+/2)(1;0; — 1), plane,
and the Type Il interface approximately along the (1/+/2)(1;0; 1), plane.? The reason why we choose the Type I and Type II
interfaces nearly perpendicular to each other is the following: if we take two fixed single variants that are able to form Type
I and Type II twins, for example No.1 and No. 11, the orientations of the twinning planes are n™P¢' = 1/4/2[1;0; — 1], and
n™Pell —=10.7053;0.0721; 0.7053]p, i.e. in agreement with our choice of the orientations of the macro-twins. Thus, when
downscaling to the nano-scale, we can end up with a single interface between two modulated single variants of martensite
with the same two possible orientations of the twin. Again, this choice captures all possible cases, and the results for any
other orientation would be equivalent, as it follows from the symmetry of the monoclinic lattice.

Finally we choose fixed volume fractions and fixed crystallographic orientations of the laminates. Then we can work with
specific numbers and do the calculations without giving lengthy explanation of for which volume fraction which exact
orientation of the macro-twinning plane is valid. Although the results obtained for different volume fractions may differ
quantitatively (but the differences are rather negligible, as seen for example in the calculations of the Type Il macro-twin
orientation in Straka et al. (2011) or of the incompatibility indicators in Heczko et al., 2013b), the qualitative results, which
are the most desired in this case, are always the same. In this sense, we will use the fixed orientations and volume fractions

2 At the meso-scale, the angle of declination of the Type II interface from the (1/+/2)(1;0;1), plane in the reference configuration depends on the
volume fractions of the individual variants in the modulation laminates, ranging from 0° to 4.3°; at the micro-scale, this angle depends on the volume
fraction of the a-b laminates, ranging from 4.1° to 4.3°; at the nano-scale this angle is either 4.1° or 4.3°, depending on which particular variants are
involved, see Straka et al. (2011) for the calculations.
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Table 1
Parameters of the microstructures taken for the calculations: definition of regions A, ..., D at different spatial scales, the orientations of interfaces between
them and the respective volume fractions. (If not stated otherwise, all values at each scale are taken the same for the Type I and Type Il macro-twin.)

A B C D
Meso-scale c-axis (10 M) [0;0;1]p [0;0; 1] [1;0; 0], [1;0;01p
Modulation direction 5115 1:00p &1 -1;00p 55[0:1:1]p #10:1:1]p
Variants (10 M) Nos. 1 and 3 Nos. 2 and 4 Nos. 9 and 11 Nos. 10 and 12
Interfaces (for Type I) nyp =[1;0;0]p ncp =[0;0;1]p
Interfaces (for Type II) nup =[0;1;0]p ncp =[0;1;0]p
Volume fractions ap=1/2 dep=1/2
Micro-scale c-axis (10 M) [0:0;1]p [0;0;1]p [1;0;0]p [1;0;0]p
a-axis (10 M) [1;0;00p [0:1;0]p [0:0;1]p [0:1;0]p
b-axis (10 M) [0;1;0]p [1;0;0]p [0:1:0]p [0;0;1]p
Variants (10 M) No. 1 No. 3 No. 11 No.9
Interfaces Ny = 5[1:1;0]p nep = 5[0;1;1)p
Volume fractions Aap =02 Acp =02
Nano-scale c-axis (NM) [1;0;0]p [0;1;01p [0;0;1]p [0;1;01p
Variants (10 M) A:B-laminate = No.l C:D-laminate = No.11
Interfaces nyp = J5[1; - 1;0] nep = J5[0:1: —1p
Volume fractions ag=3/5 Acp=3/5
meso-scale micro-scale nano-scale
(modulation twins) (a-b twins) (NM nanotwins)

D A:B-laminate

0] .
a |:| C:D-laminate
|_
X3

X
(0]
s
—

Fig. 5. Overview of orientations of A:B and C:D laminates (black/white stripes shown in the corners) at all discussed length-scales drawn in the reference
coordinate system. Upper row: Type I interface along the (1/+/2)(1;0; —1), plane; lower row: Type II interface approximately along the (1/+/2)(1;0; 1)p
plane.

as summarized in Table 1 and outlined in Fig. 5. For defining these particular geometries we use the notation introduced in
Section 2 and used in Fig. 2, i.e we use the capital letters A, B, C and D for homogeneous regions forming the A:B- and C:D-
laminates that meet at the macro-twin boundary.

® At the meso-scale (upper part of Table 1), the A:B- and C:D-laminates are the modulation laminates. We will take two
possible orientations of the modulation laminates observed experimentally (Straka et al., 2011; Chulist et al., 2013): for
the case of the Type I it is ng.3 =[1; 0; 0]p and ncp = [0; 0; 1]; for the case of Type Il it is ny. = [0; 1; 0], and nc.p = [0; 1; 0]p.
The respective volume fractions will be 4.5 = Acp = 1/2, chosen according to the optical observations by Straka et al.
(2011).

® At the micro-scale (middle part of Table 1), we describe the case of four martensitic variants A=No. 1, B=No. 3,
C=No. 11 and D = No. 9. From the possible orientation of the a-b twinning planes, we take (without loss of generality)
ngz = (1/+/2)[1;1;0]p and n¢p = (1/+/2)[0; 1; 1]p. In order to be specific and guided by experiment (Straka et al., 2011), the
respective volume fractions are 145 = Ac.p = 0.2. (The necessity of i4.5 = Ac.p follows from the condition of the mesoscopic
compatibility between the a-b laminates.)

® At the nano-scale (lower part of Table 1), the volume fractions are given by the stacking sequence in which the tetragonal
NM martensite arranges into the modulated phase. We work with three variants of tetragonal NM martensite: A (c-axis
oriented along the [1;0; 0], direction), B (c-axis oriented along the [0; 1; 0], direction) and C (c-axis oriented along the
[0;0; 1], direction). To obtain the twin boundary between the variants No. 1 and No. 11 of the 10 M modulated phase, the
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Table 2
Results of the calculation of the incompatibility indicators for all discussed macro-twins. The vector myg.c.p is the vector of mutual intersection of the A:B
and B:D twinning planes with the macro-twin, that does not exist unless ¢ =0 (or ¢ = 0).

¢ v Mmyp.cp Morphology Comments
Meso-scale Type | 0° 0° [0;1;0]p Crossing-twins See Fig. 6(a)
(Modulation twins) Type 11 0° 0° %[1;0; —1]p Crossing-twins See Fig. 6(b)
Micro-scale Type | 0° 0.458° %[1; 1;1]p Crossing-twins Elastic strains needed
(a-b twins) Type 11 ~75° ~10° Non-existent General
Nano-scale Type | $=0° %[1 ;110 Zig-zag
(NM nano-twins) Type II ¢ ~70° Non-existent General

A:B and C:B laminates (since D = B in this case) with na.5 = (1/+/2)[1; 1; 0], and n¢.z = (1/+/2)[0; 1; 1] are formed with the
volume fractions 4. = Ac.p = 3/5. Following Kaufmann et al. (2010), we take the NM unit cell with the hypothetical c/a
ratio equal to 1.16 for the calculations.

4.2. Application of the model over all length-scales

Now we can proceed to analyze the motion at all length-scales. At each scale, we check the conditions for the formation
of the special microstructures and discuss the possible effect on the twinning stress. The results are summarized in Table 2
and can be interpreted as follows:

® At the meso-scale, the A:C and B:D compatible interfaces can exist (these are the microscopic Type I and Type II
interfaces), and it can be easily shown that the macro-twin boundary can be obtained as their combination. For both the
Type I and Type II interfaces the incompatibility indicators are identically equal to zero (the upper part of Table 2). Under
the assumption that the volume fractions are the same in both the laminates forming the macro-twin, the crossing-twins
morphology can form. However, there is a difference in the effect this morphology has on the twinning stress: the A:B-
and C:D-laminates for the Type II interface are parallel to each other (m4.3 =ncp) and perpendicular to the mobile
interface. For this reason, the Type II interface can move freely without pinning, since the connection between the A:B
and C:D twinning planes is never broken and the general morphology never forms. For the Type I interface, in contrast,
the nap and ncp vectors are perpendicular to each other, and so the pinning can be expected. Thus, although the
crossing-twins morphology forms at the meso-scale in both cases, it can have any impact on the twinning stress only for
the Type I interface.

® At the micro-scale, the A:C and B:D interfaces are simple twinning planes between 10 M single variants. For the case of
Type 1 boundary, the A:C and B:D Type I twins are both lying along the (1/+/2)(1;0; —1), plane and can be, thus,
obviously composed into the macro-twinning plane. Furthermore, the first indicator is exactly equal to zero (see the
middle part of Fig. 2), so all the four twinning planes intersect in one line. The second indicator is small but non-zero
(y <0.5°). However, as shown by Balandraud and Zanzotto (2007) for Cu-Zn-Al, by Seiner et al. (2009) and by
Stupkiewicz and Goérzynska-Lengiewicz (2012) for Cu-Al-Ni, and by Heczko et al. (2013b) for Ni-Mn-Ga at the meso-
scale, such small misfit can be easily compensated by elastic strains. Thus, it can be expected that the crossing-twins
morphology forms. Anyway, since obviously also ¢ =0, the motion of the Type I interface is, at this scale, possibly
hindered by pinning. On the contrary, both the incompatibility indicators are significantly large for the Type II interface.
Also the simplified indicator ¢ is approximately 70°. This means that this interface, if exists, must form the general
morphology and, consequently, moves freely without pinning.

® At the nano-scale, the situation becomes slightly more complicated. Only three variants are coming into play which
makes the crossing-twins morphology impossible. However, the difference between the Type I and Type II interface is,
again, obvious: while for the Type I we obtain ¢ = 0, so the zig-zag morphology can be expected, the Type Il seems to be
unable to form any special morphology. On the other hand, it must be taken into account that at the nano-scale the
laminates are only few atomic spacings thick and have, therefore, only very limited ability to branch or to form tapering
needles. Within the frame of our model, we can only say that the morphology of the Type I interface at the nano-scale
must oscillate correspondingly during the motion of the interface with the period of ten atomic layers. Thus the energy of
the macro-twin should oscillate as well, leading to a pinning mechanism for the Type I interface even at this scale. On the
contrary, for the Type II interface, all positions of the macro-twin are fully equivalent; there is no reason for any periodic
oscillation of the energy, and, consequently, for any pinning mechanism. Finally, let us point out that such arrangement
at the nano-scale does not, in fact, require the concept of the adaptive phase of martensite. If the 10 M unit cell was not
composed of NM lamina, but was, instead, a modulated cell with periodic (possibly incommensurate Li et al., 2012)
oscillations of the atomic positions, our model would work in a similar manner. The Type I interface is a mirror plane
between the 10 M unit cells, and so the shearing planes along which the modulation appears can meet perfectly at this
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interface (¢ = 0 in some generalized sense) and the energy of the Type I twin may depend on whether the oscillations of
the atomic positions meet ‘in-phase’ or ‘out-of-phase’. In such point of view, we obtain again the periodic changes of the
energy of the Type I twin with its position, which leads to pinning and increase of the twinning stress.

In summary, we have obtained a fundamental multi-scale picture of the motion, able to explain the difference in the
twinning stresses of the Type I and Type Il boundaries. While for the Type II there are no reasons for microstructural pinning
at any of the considered scales, the motion of the Type I can be hindered by such pinning at all scales.

5. Comparison of the model and experimental observations

The calculations in the previous section predict that there can be different microstructures appearing in the vicinity of
the macro-twin interfaces for different types of macro-twins and that these microstructures evolve differently during the
motion. In principle, it is difficult to observe such evolution experimentally at any of the considered spatial scales. For the
meso-scale, the static images of the crossing-twins morphology were published (Straka et al., 2011; Heczko et al., 2013b,c;
Chulist et al., 2013), obtained by optical-microscopy or by EBSD. To illustrate these morphologies, Fig. 6 shows the optical
micrographs demonstrating the intersection of the modulation laminates with Type I and Type Il boundaries. It is apparent
that these two twinning systems (or rather macro-twinning systems, keeping in mind the a-b lamination and the concept of
adaptive martensite) can fully intersect each other without any branching and refinement of the lamina close to the
interfaces. This observation just indicates that the crossing-twins morphology is energetically preferred and forms instead of
the general one. The impact on the twinning stress is, however, hard to discern. The characteristic length-scales of the
modulation laminates are in this case large, comparable with the dimensions of the samples used in the experiments.
Moreover, the large difference between the mobilities of the Type I and Type II twins was observed also for the cases where
the modulation twinning was fully absent (e.g. Faran and Shilo, 2013; Heczko et al., 2013c), so the pinning at this spatial
scale can be excluded as the main source of this difference.

For this reason, a more detailed discussion must be focused on the micro-scale: at this spatial scale, even a static
observation of the morphology is not easy to obtain. Classical optical microscopy with Nomarski contrast does not give
sufficient information: the a-b lamina have characteristic thicknesses of 20 pm only or probably even less (Chulist et al.,
2013), and angle of the ‘roof’ created on the surface by the a-b lamination is 0.1°, which is both at or beyond the resolution
limit of this method. Moreover, the sample bends and rotates under the external loads, and the bending and rotation angles
are much higher than the angle of this 'roof created on the surface by the a-b lamination. Imaging methods able to measure
the 3D morphology of the roof (AFM, SEM, white light interferometry) or those able to visualize the a-b laminate due to
different orientations of the variants (EBSD, AFM with the modulus mapping option) give only a very local information and
are, in principle, too slow to enable the analysis of the microstructure evolution with the motion of the interface. Thus, a
direct experimental proof of the validity of the above described model at the micro-scale is hard to achieve. Nevertheless,
there are at least two experimental observations documented in the literature that indirectly support the assumption that
the a-b lamination may significantly affect the twinning stress:

1. As described by Straka et al. (2012), the room temperature twinning stress for the Type I interface increases strongly with
increasing transition (As) temperature, while the twinning stress for Type II interface does not depend on it.
Simultaneously, the difference between the a and b dimensions of the 10 M monoclinic unit cell is also increasing in
a similar manner with increasing As temperature (Lanska et al., 2004). These similar trends in the dependences suggest
that the twinning stress is indeed correlated with the a-b lamination. Moreover, when this lamination almost disappears
due to a = b for As being near the room temperature, the difference in the twinning stress disappears as well. In other
words, the material seems to follow the tendency outlined in Fig. 4, with the height of the barriers increasing with the
increasing a-b misfit for Type I, but with the energy landscape independent of the a-b misfit for Type II. A detailed

Fig. 6. Optical micrographs of compatible crossings of the modulation twins with lamina of the Type I (on the left) and Type II (on the right) systems. For
each system, the orientation of the c-axis (changing at the Type I or Type II interfaces) is shown. (Optical microscopy with Nomarski (DIC) contrast
enhancement.)
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investigation is underway on determination of detailed temperature dependences of a and b lattice constants and their
correlation with the twinning stress. Apart of this discussed dependency, very strong temperature dependence of
twinning stress appears at low temperature far from transformation for Type I (Heczko and Straka, 2003; Heczko et al.,
2013a; Straka et al., 2013) (but for Type II this effect is much weaker); this behaviour suggests that also the thermal
activation must play some role in overcoming the energy barriers. Indeed, the motion of the Type I as described by our
model requires repeated nucleation of new fine needles of martensite close to the interface, which is a thermally
activated process, while no such nucleation is required for Type II.

2. Recently, the measurements by Faran and Shilo (2012, 2013) indicate that there are some energetic barriers affecting the
mobility of the Type I twins with the characteristic length-scale of about 20 pm, while for the Type II interface this effect
is much weaker (Faran, personal communication). This correlates very well with the dimensions of the a-b laminate
obtained from the EBSD observation (Chulist et al., 2013). In addition, Benichou et al. (2013) estimated the height of this
barriers to be @ = 0.16 ] m 2. According to Benichou and Givli (2013), the material with the Type I interface behaves as a
material undergoing a sequence of discrete phase transitions, jumping discontinuously between minima separated by
such barriers. If we take into account the fact that the energy @ is comparable with the energy of the twinning plane
(Shilo et al., 2007; Waitz et al., 2005), it is plausible that these barriers correspond to breaking the connections between
the A:B and C:D twinning planes for the crossing-twins morphology.

At the nano-scale, the pinning mechanism results from the periodicity of the modulation. At this scale, our model is closely
related to the finding of Faran and Shilo (2013) that the motion of the interface is provided by nucleation and growth of
small steps and that the energy of the steps differs from Type I to Type Il. According to our model, such steps can have
arbitrary heights for the Type Il interface but must be affected by the 10 M periodicity for the Type I interface; this can be the
origin of the different energy, if, for example, the steps for the Type I interface tend to have a fixed height of ten (or five)
atomic layers, but can be smaller for Type II. There are, however, other factors to be taken into account at the nano-scale. As
discussed by Heczko et al. (2013b), the Type I interface at the meso-scale runs along a crystallographic plane of the 10 M
lattice, while the Type II twin in this case is irrational. This definitely also plays some role for the twinning stress;
nevertheless, as mentioned above, it is not even clear how does the real Type I interface look like at the nano-scale. The
modulation induces periodic misplacements of the atoms from the (1;0; — 1) plane, so the resulting interface cannot be a flat
lattice plane anymore. It opens new questions which are beyond the frame of continuum mechanics, and thus, beyond the
applicability of our model. As seen from TEM observations by Matsuda et al. (2012), there is indeed a difference between
nano-morphology of the Type I and Type II twins between two modulated martensites: while for the Type I interface the
nano-twinning planes end at the mobile interface, forming indeed some kind of the zig-zag morphology, for the Type II
interface these planes disappear relatively far away from the interface and the mobile interface itself is rather broad and
blurry. Although the inner structure of the 10 M modulated unit cell can be properly discussed only at the atomistic level,
our model can give some insight into the origin of the different twinning stress for the Type I and Type Il interfaces even at
the nano-scale.

6. Conclusions

The presented model demonstrates that macro-twins of different types can be differently affected in their twinning
stress by microstructures forming in the vicinity of the macro-twinning planes. We showed that if particular conditions are
satisfied, special morphologies can (at least locally) form in the interfacial region, which results in pinning.

We applied this model to 10 M modulated martensite of Ni-Mn-Ga, where the macro-twins with very different
mobilities were observed experimentally. For this material, the predictions of the model are in agreement with the
experiments; while the predicted pinning mechanism can appear for the Type I interface at all discussed length-scales, no
such mechanism is possible for the Type II interface. Thus the twinning stress of Type I interface is predicted to be much
higher in accordance with experiment.

The model, however, cannot predict which length-scale plays the most important role for the twinning stress. From the
indirect experimental observations it looks like that the pinning both at the micro-scale and at the nano-scale play some
role, while the role of pinning on meso-scale may be negligible. The available experiments further suggest that the most
important is a pinning on the micro-scale, since the a-b lamination has the same characteristic dimension as the
experimentally measured distance between energetic barriers. Moreover, the evolution of the twinning stress with the As
temperature predicted by the model at the micro-scale agrees well with the experimental observations (Straka et al., 2012),
which also indicates that the pinning on the a-b laminate could be important. The role of the other two scales (meso- and
nano-) remains unresolved. Full analysis of this point requires further detailed experimental work and this model can serve
as a guide.

We demonstrated the applicability of the model on the important case of Ni-Mn-Ga martensite, but the model
presented in this paper is general, not restricted to any class of martensites or any specific material. It can help the
understanding of the formation of macro-twins and their role for the effective response of modulated phases or other
complex microstructures of any shape memory alloys.
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3.4 Shrnuti ziskanych poznatka

Vysoce pohybliva rozhrani ve slitiné Ni-Mn-Ga jsou jednou z aktudlné nejfeSenéjSich tématik
v oblasti termoelastickych martenziti. V této kapitole bylo ukazéano, Ze pro pochopeni mecha-
nismu fidicich vysokou pohyblivost je tfeba popisovat miizku 10 M modulovaného Ni-Mn-Ga
nikoliv jako tetragondlni, ale jako plné monoklinickou, zohlediiujici smér a orientaci modulace.
Jak je ukazano v podkapitole 3.1, takové rozSiteni umoziuje identifikovat vysoce pohybliva
rozhrani jako makro-dvoj€atovd rozhrani Typu 1 a Typu 2, pfi¢emZ pravé u Typu 2 jsou po-
zorovéna reorientacni napéti az fadové 0.1 MPa.

Jak je déle diskutovano v podkapitole 3.2, diky monoklinicité miizky 10 M martenzitu mtizZe
v tomto materidlu vznikat velmi Siroké spektrum pohyblivych mikrostruktur riznych mikro-
morfologii, pricemz na zdkladé mechaniky kontinua Ize tyto morfologie teoreticky analyzovat
a predikovat, které z nich budou energeticky vyhodnéj$i. Tato predikce se ukazuje byt v dobré
shodé s experimentem.

Na zdkladé mikromechanického modelu navrzeného v podkapitole 3.3 Ize rovnéZ predikovat,
které z makrodvojcatovych rozhrani budou vysoce pohybliva a pro kterd naopak pohyb vyZaduje
tepelné aktivované prekondvani energetickych bariér a lze u nich proto ocekavat vyrazny pok-
les mobility s klesajici teplotou. Zcela ve shodé s vysledky tohoto modelu je pravé rozhrani
Typu 2 vysoce pohyblivé, zatimco u rozhrani Typu 1 je pohyblivost vyrazné zavisla na teploté a
reorientacni napéti jsou fadoveé vyssi.

Vysledky shrnuté v této kapitole budou prezentovany na vyzvané plendrni prednasce [62] na
sympoziu ESOMAT 2015 (15-19. zari, Antverpy, Belgie).

115



Pohyblivé mikrostruktury ve vysokoteplotnich
fazich

Vysokoteplotni faze termoelastickych martenziti vykazuji vysoké tiidy symetrie (vétSinou ku-
bickou symetrii), proto v nich nemohou vznikat klasické martenzitické laminédty nebo podobné
mikrostruktury. Pfesto vSak se i v nich vyskytuji mikrostruktury vyrazné ovliviiujici pribéh
termoelastické martenzitické transformace a ve vysledku i vlastnosti slitiny a jeji technolog-
ickou vyuZitelnost. JelikoZ transformace pfi podchlazeni vysokoteplotni faze probihd smykovym
mechanismem se vznikem spontdnniho transformac¢niho strainu, hraje zde opét vyznamnou roli
schopnost téchto mikrostruktur reagovat adaptabilné na vnéj$i mechanické namédhéni a pohybo-
vat se pomoci anelastickych mechanismii. Chapani terminu pohyblivost u téchto mikrostruktur
je tedy pon¢kud odlisné nez jak je tomu v pripadé klasickych martenzitickych mikrostruktur.

Elasticita vysokoteplotnich fazi se obecné u termoelastickych martenziti vyznacuje
predev§im anomdalnim chovani nejmékciho akustického smykového fononu (TA2), plynouciho
z nestability vysokoteplotni miiZky. Elastickd konstanta spojend s timto fononem odpovida
odporu kubické miizky vici smykdm podél diagondlnich rovin {110} v diagondlnich smérech
a obvykle se oznaluje jako ¢/. Mé&knuti ¢’ smérem k transformacni teplot€ pii ochlazovani je
povaZzovdno za symptomatické pro austenitickou fdzi a odpovidad predstavé zanikdni austen-
itického minima v termodynamickém konceptu multikonvexni volné energie (viz Kapitola 1,
obrazek Obr.1.5).

V nasledujicich komentovanych publikacich je ukdzano, Ze vliv na pribéh martenzitické
transformace a na prekurzorové efekty ji predchdzejici mohou mit pfinejmensSim Ctyfi druhy

mikrostruktur:

e Magneticka mikrostruktura - ve feromagnetickych slitindch s tvarovou paméti, tedy
napiiklad ve slitiné Ni-Mn-Ga, vykazuji austenitické faze diky své strukturni nesta-
bilit¢ Casto velmi nizké hodnoty magnetokrystalické anizotropie a zdroveii relativné
vysoké hodnoty magnetostrikce. V dusledku toho mohou monokrystaly téchto fazi ¢dst
vnéjstho mechanického napéti anelasticky relaxovat zménami mikrostruktury magnet-

ickych domén a s nimi spojenou magnetostrikci. Toto efektivni anelastické méknuti (takz-
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vany A F—efekt, se v téchto materidlech superponuje na vyse zminéné strukturni méknuti
zpusobené nestabilitou nejmekei fononové vétve a vznika tak mifzka extrémné mékka vaci
smykovému naméhani, pfi¢emz vyslednd efektivni hodnota parametru ¢’ je znatné& zévisla
na teploté a vnéjSim magnetickém poli. V komentovanych ¢lancich v podkapitolach 4.1
a 4.2 je tento efekt experimentalné analyzovén a teoreticky diskutovén pro slitinu Ni-Mn-

Ga, v podkapitole 4.4 potom pro slitinu Co-Ni-Al.

e Mikrostruktura antifazovych rozhrani - ve vysokoteplotnich fazich uspofddanych slitin
(intermetalik) se nezbytné vyskytuje také mikrostruktura antifizovych rozhrani, tedy
hranic mezi oblastmi s rtznou fazi intermetalického uspotfadani. Tato rozhrani jsou
dokonale koherentni a oddéluji oblasti stejnych a stejné orientovanych krystalovych
miiZek, z hlediska klasické mechaniky by tedy nemély nijak ovliviiovat elastické konstanty
materialu a tim pddem ani koeficient ¢’. V Heuslerovych slitinach jsou nosi¢em feromag-
netického uspotradani atomy jinak nemagnetickych kovi, které ziskavaji feromagnetickou
interakci diky vzdjemnym vzdalenostem vnucenym jim intermetalickym uspofddanim
(v Ni-Mn-Ga jsou to atomy manganu). Na antifdzovych rozhranich je vSak uspotradanost
naruiena a interakce mezi sousedicimi atomy manganu je bud paramagnetické nebo antif-
eromagnetickd; v disledku toho jsou antifdzova rozhrani lokdlné energeticky vyhodnymi
misty pro magnetické doménové stény a dochdzi na nich k jejich silnému pinovani. Struk-
tura antifdzovych rozhrani tedy pfimo indukuje mikrostrukturu magnetickou a ta ovliviiuje
chovani materialu zpisobem popsany v pfedchozim odstavci. V podkapitole 4.2 je tento
efekt prokdzén porovnéanim elastickych koeficientd ¢’ pro monokrystaly Ni-Mn-Ga s malou

a vysokou hustotou antifdzovych rozhrani.

¢ Jemna disperze koherentnich castic netransformujicich fazi - ve vicefazovych slitinach
miZe pribéh transformace vyrazn€ ovliviiovat pfitomnost jemné dispergovanych ko-
herentnich precipitatl, které sice nenarusuji kontinuitu miiZze a tim padem ani nijak
neovliviiuji podminky na kinematickou kompatibilitu rozhrani vznikajicich pfi transfor-
maci, ale jsou vhodnymi nuklea¢nimi centry pro nizkoteplotni fize. Hustota a morfologie
té€chto Castic tak miize mit znaény vliv na prekurzorové méknuti koeficientu ¢’. Tento efekt
je v podkapitole 4.4 ukdzdn na pfikladu feromagnetické slitiny s tvarovou paméti Co-Ni-Al

obsahujici jemnou mikrostrukturu ¢astic netransformujici y—faze.

e Premartenziticky tweed! - je jemna prekurzorova struktura projevujici se v transmisn{
elektronové mikroskopii specifickym periodickym kontrastem. Tweedovd mikrostruk-
tura je efektivné stdle kubickd, nedochdzi u ni k feroelastickému spontdnnimu naruseni

symetrie a nevytvari klasické martenzitické laminaty, proto se pocita k vysokoteplotnim

T v Gesky psané literatufe se je zvykem pouZivat anglického zépisu tweed namisto &eského tvid, nizev je viak

skute¢né odvozen od tvidové latky, jejiz strukturu premartenziticky tweed svym usporadanim pfipomina.
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fazim. Na atomarni drovni na ni vSak lze nahliZet na jako na jemnou dvojcatovou struk-
turu tetragondlniho martenzitu. Tato struktura prochdzi zna¢nymi mokromorfologickymi
zménami s teplotou, nebof zmé&nami teploty dochdzi ke zméndm v tetragondlni distorzi
jednotlivych elementarnich bunék a tim padem i k jejich nataceni ve struktuie. Disledkem
je méknuti bazdlnich smykt (popsanych elastickou konstantou c44) a tuhnuti téch di-
agondlnich (popsanych ('), jak je ukdzdno pro piipad premartenzitu slitiny Ni-Mn-Ga

v podkapitole 4.3.
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4.1 Publikace Viiv kombinace strukturniho méknuti a magneto-

elastické vazby na elastické konstanty austenitu Ni-Mn-Ga.

Bibliograficka citace:

Strucna anotace:

Prispévek habilitanta:

Seiner, H., Heczko, O., Sedldk, P., Bodnarova, L., Novotny, M.,
Kopecek, J., Landa, M. Combined effect of structural softening and
magneto-elastic coupling on elastic coefficients of NiMnGa austenite
(2013) Journal of Alloys and Compounds, 577 (SUPPL. 1), pp. S131-
S135.

V této publikaci je ukdzano, ze vyrazné smykové méknuti austenitické
faze slitiny Ni-Mn-Ga je zpasobeno superpozici dvou nezavislych
efektd - strukturniho méknuti v disledku nestability miizky magne-
toelastického méknuti zpisobeného takzvanym A F—efektem. Tento
poznatek je prokdzdn méfenim zmén smykového koeficientu ¢ se
zménami vnéjSiho magnetického pole. Jak je pfedpokldddno pro
magneto-elastickou vazbu, vyviji se tento koeficient s kvadratem mag-

netizace.

Podil habilitanta spocéival pfedev§im ve vyhodnoceni pribéhd rezo-
nanénich spekter méfenych vzorki s teplotou a polem a diskuzi in-
terpretace téchto pribéhli ve vztahu k mikrostruktufe. Habilitant
se rovné podilel na samotnych méfenich metodou rezonanéni ultra-

zvukové spektroskopie v nulovém poli.
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Using two complementary ultrasonic methods the complete set of elastic constants of the austenite phase
of Ni—Mn—Ga ferromagnetic shape memory alloy was measured in magnetic field up to saturation and
in temperature range 295-400 K. While the coefficients ¢ and c44 were nearly independent of the field
and the temperature, the shear coefficient ¢’ increased strongly with increasing field and temperature.
Experiment indicates that two independent mechanisms contribute to the anomalous shear softening

of the ¢’ coefficient in Ni—Mn—Ga austenite; the structural softening of the bcc lattice and the softening
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due to magneto-elastic coupling. Above the Curie point and in the saturation field only the structural
softening took place with rate about 10 MPa/K. In the demagnetized state the combined softening was
approximately 35 MPa/K. Similar dependencies on the temperature and the magnetic field were also
observed for the ultrasound attenuation of the shear mode.

© 2012 Elsevier B.V. All rights reserved.

1. Introduction

Ni—Mn—Ga is a prototypical magnetic shape memory alloy
exhibiting up to 10% of magnetic field induced deformation in
the modulated 14M martensite phase [1-3]. In the past two
decades the structural transitions in this alloy (martensitic, inter-
martensitic and premartensitic) have been subjects of numerous
detailed experimental and theoretical studies [4-7]. The impor-
tant parts of these studies are the experimental investigations
and subsequent interpretations of the evolution of the elastic
coefficients of individual phases with temperature [8-11]. In
particular, when approaching the martensitic transition temper-
ature from above, the high-temperature phase, cubic austenite is
expected to exhibit an increasing shear instability as observed for
many (non-magnetic) shape memory alloys [12-15]. This increase
of the shear instability is a precursor phenomenon of the marten-
sitic transformation, observable as an anomalous softening of
particular elastic coefficients. In magnetic shape memory alloys
(such as Ni—Mn—Ga), the structural softening of the lattice in the
vicinity of the transition temperature can be strongly affected by
magneto-elastic coupling. Neutron diffraction demonstrates that

* Corresponding author. Tel.: +420 266 052 714.
E-mail address: heczko@fzu.cz (0. Heczko).

0925-8388/$ - see front matter © 2012 Elsevier B.V. All rights reserved.
doi:10.1016/j.jallcom.2012.01.007

the ferromagnetic ordering affects significantly the softest (TA;)
phonon branch in the single crystal of Ni—Mn—Ga austenite [16].

Some results for the temperature dependencies of the elastic
coefficients of Ni—Mn—Ga austenite can be found in the literature
[8-11]. The findings are, nevertheless, quite diverse; the experi-
mentally evaluated shear coefficient in [9,10] differs nearly fivefold.
Similar differences can be found for the theoretical calculations
[17-19]. Additionally Pérez-Landazabal et al.[20] observed a strong
temperature dependence of the effective shear modulus in poly-
crystalline samples using resonant ultrasound spectroscopy.

The effect of magnetic field was studied by Gonzalez-Comas
et al. [21,22], who analyzed the field dependencies of the elastic
coefficients and the damping coefficient at room temperature by
the ultrasonic pulse-echo method. The observed changes are rel-
atively small and comparable for all measured elastic coefficients.
On the contrary, Zhao et al. [11] observed a significant difference
between the results in an external magnetic field and without a
field using the ultrasonic continuous-wave method. These results
demonstrate that the application of the external magnetic field
leads to the increase of the shear stiffness of the lattice and the
decrease of the damping coefficient. However, the published results
are incomplete and rather ambiguous and there is a need for a sys-
tematic and thorough study of the combined effect of the magnetic
field and temperature.

This paper brings the results of a detailed experimental anal-
ysis of the elastic properties of the Ni—Mn—Ga austenite in the
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temperature range between the room temperature and the Curie
point (T¢) and for the external magnetic field up to saturation. The
results of this analysis are related to the magnetic properties of
the examined material, which enables us to distinguish between
the shear softening induced by the instability of the lattice and the
magneto-elastic effects.

2. Experiment

The studied material was air-quenched single crystal of nearly stoichiometric
Ni;MnGa prepared by the Bridgman method. Magnetization as a function of field
and temperature was measured using the vibrating sample magnetometer. The
magnetization curve exhibited very low hysteresis not discernible with the used
method (<0.2 mT). The transformation temperatures were determined from mag-
netization measurements at low field (10 mT): the Curie temperature Tc = 383 K, the
martensitic transformation temperature M; = 219 K, the premartensitic transforma-
tion temperature [7] Ty, = 252 K. While the martensitic transformation exhibited
about 9K thermal hysteresis, the hysteresis of the premartensitic transformation
was less than 2 K. Thus all measurements of elastic constant reported in this study
were done well above the premartensitic transformation.

To determine the complete set of elastic coefficients of cubic austenite a
combination of two ultrasound methods was used; the conventional pulse-echo
and resonant ultrasound spectroscopy (RUS) [23-25]. For the pulse-echo method,
a 44 mm thick tablet (cylindrical, 12mm in diameter) oriented perpendicular
to the [100] direction was prepared. The specimen for the RUS measurements
was a 44mm x 5.6 mm x 7.7mm rectangular parallelepiped cut approximately
along the principal {100} planes of the austenite lattice. The exact orienta-
tions of the individual faces of the specimen were determined by the X-ray Laue
method.

The instrumentation of the ultrasonic experiments was as follows: the phase
velocities in the [100] direction were evaluated by the echo-overlapping method
using the 50 MHz pulse/receiver system DPR50+(JSR Ultrasonics Inc.) with the
ultrasonic transducers VSP-50 (Ultran Group, nominal frequency 30MHz) for
the longitudinal waves (cq1) and V157-5/0.125” (Panametrics, nominal frequency
20 MHz) for the shear waves (c44); for the RUS method the vibrations were induced
and recorded by two miniature piezoelectric transducers VP-1093. The excitation
was performed by a chirp signal in frequency range from 20kHz to 1 MHz, out-
put signals were detected by the acquisition system in the time domain, averaged,
and transformed into the final spectra by FFT in a frequency range 20-200 kHz
(which covers approximately the first 25 resonant frequencies of the examined
specimen). All ultrasound experiments were performed in a temperature-controlled
chamber in a homogeneous magnetic field between the poles of a 6” electro-
magnet. The maximum magnitude of the applied field was 2T. The amplitudes
of the strains in the pulse-echo and RUS measurements were similar of the order
of 10-5.

The elasticity of cubic material as Ni—Mn—Ga austenite is fully described
by three independent elastic coefficients. In shorten (Voigt's) notation, these
coefficients are cy1, ¢12 and ca4. The meaning of the individual coefficients is [26]:
the ¢y coefficient describes the elastic response of the lattice to uniaxial elongations
along the (1 00) directions; the c44 coefficients determines the elastic stiffness of the
lattice with respect to the shears in the (1 0 0) directions along the {100} planes; the
elasticity of the shears in the (11 0) directions along the {110} planes is described
by the coefficient ¢/, which is equal to (c11 — c12)/2.

The combination of two different ultrasonic methods allows an unequivocal
determination of all these elastic coefficients: the pulse echo method was used for
the determination of the elastic constants c;1 and ca4, whereas RUS was utilized for
determination of the shear coefficient ¢'. In principle, the ¢’ coefficient can be also
determined by the pulse echo-method; either by the direct measurement of the
phase velocity of the slowest shear mode of ultrasonic waves in the [110] direc-
tion [10], or by the indirect evaluation of this coefficients from the velocities of the
longitudinal and faster shear waves in the [100] and [1 1 0] directions as adopted
in [8,9]. These methods, however, do not provide satisfying accuracy for this coeffi-
cient mainly due to strong elastic anisotropy of this material. Above all, this strong
anisotropy leads to suppression of the energy fluxes of both the longitudinal and
the slowest shear waves in the [110] direction, since the curvatures of the corre-
sponding slowness curves in these directions are maximal (see e.g. [27] for more
details). Moreover, when the ¢’ is calculated from c;1, c44 and from the velocity of
the longitudinal waves in the [110] direction, the resulting error may get unac-
ceptably high due to the disproportionality between the magnitudes of ¢’ and the
other coefficients (see [28] for a quantitative analysis). The error in determination of
shear coefficient is comparable to the shear coefficient itself [29]. Additional com-
plication in the determination of the ¢’ coefficient by the pulse-echo method arises
due to attenuation of the ultrasonic waves of the modes related to this shear coeffi-
cient, which is a consequence of the structural and magneto-elastic effects described
below.

The RUS method, on the contrary, is sensitive to the softest shear coefficient
of the examined material. From the sensitivity analysis described in [30] it follows
that for cubic Ni—Mn—Ga austenite exhibiting strong elastic anisotropy (the elastic

Table 1

Room temperature values of elastic coefficients and anisotropy coefficient A= c44/c’
in zero field and in saturation. The experimental errors for the pulse-echo measure-
ments were calculated for 5 wm uncertainty in the specimens thicknesses and 1 ns
in the time-of-flight measurements. For the RUS measurements, the experimental
errors were estimated via the sensitivity analysis described in [30].

c1 (GPa) c44 (GPa) ¢ (GPa) A1)
Zero field 140+3 104 +2 3.6+0.2 27
Saturation (>0.4T) 14143 10442 5.94+0.2 18
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Fig. 1. Field dependencies of the coefficients ¢/, ¢;7 and c44 compared to the mag-
netization curve (M, dashed line) and the square of magnetization (M?, solid line).

anisotropy factor higher than 10), the method is completely insensitive to ¢;; and
C44, but enables accurate determination of c'.

3. Results

The comparison of all elastic coefficients at room temperature
with and without field is given in Table 1. The values without field
are comparable with the recent calculation [19] and some previ-
ous measurement [10]. While there is a weak dependence of the
‘hard’ elastic coefficients c11 and c44, the shear coefficient ¢’ changes
significantly with the magnetic field. This is clearly seen in Fig. 1,
where the field dependencies of the c11, c44 and ¢’ coefficients are
compared with the magnetization curve. It is apparent that the ¢
coefficient is approximately proportional to the square of the mag-
netization. Moreover, the difference of the coefficient in the zero
field and in the saturation field is more than 50%. The changes of
the cq1 coefficient with the applied field are much smaller (less than
1%). For c44, the changes are even smaller less than 0.5%.! The differ-
ence between field dependencies of c44 and ¢’ result in a significant
change of the elastic anisotropy coefficient (Table 1).

Similar behavior can be also observed for the temperature
dependencies of the individual elastic coefficients [31]. While the
coefficients c11 and c44 at the room temperature and at above the
Curie point do not differ by more than 5%, the ¢’ coefficient depends
strongly on the temperature. Additionally, there is no discernible
change of the dc;;/dT slope observable at the Curie point for the ¢y
and cy44 coefficients, while there is a significant jump of the dc’'/dT
slope, which is in agreement with [11]. Since the ‘hard’ coefficients
c11 and cy44 are nearly independent of the field and the temperature
and the ¢’ is the one most affected by the structural softening of

1 This is in a sharp contrast with the results of Zhao et al. [11], who observed a
strong dependence of cs44 on the magnetic field. However, the magnitudes of cs4
reported in [11] are about ten times smaller than our results and what can be
found elsewhere in the literature [8-10]. Therefore the comparison is somehow
questionable.
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Fig. 2. Field dependencies of the ¢’ coefficient at different temperatures. The solid
lines are just guide for eye (data fitted by four-point Bézier curves).

the lattice in the vicinity of the transition temperature [12], we will
further focus on this coefficient only.

The field dependencies of the ¢’ coefficient are plotted in Fig. 2 for
different temperatures ranging from RT to above the Curie point.
The character of the field dependence, i.e. the proportionality to
square of magnetization, does not change until the Curie temper-
ature T is reached. The magnitudes of magnetic field at which
the ¢’ coefficients reach their saturated values decrease due to
decreasing saturation magnetization close to Tc. Above T¢, the ¢
coefficient is independent of the field. With the increasing tem-
perature, the values of ¢’ increase both in the zero field and in
saturation.

The resonant spectra from RUS measurements also enable to
evaluate the evolution of the damping properties with the field
and temperature. In this case, the attenuation is obtained as the
quality factors (Q-factor) of the resonant spectra. The Q-factors are
defined as Q=f/df, where fis the resonant frequency and df is the
full-width at the half maximum of the corresponding peak in the
spectrum; i.e. the higher the quality factor, the lower damping in
the material. The reciprocal value of Q describes the internal friction
in the material, which is used in [32,11]. Details on the application
of RUS to determine the damping coefficient are in [25].

The evolution of the Q-factor of Ni—Mn—Ga austenite with the
external field for different temperatures is shown in Fig. 3. The Q-
factors plotted in this figure are the mean values of the Q-factor
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Fig. 3. Field dependencies of the quality factors of the RUS spectra at different tem-
peratures. The solid lines are just guide for eye (data fitted by four-point Bézier
curves).

saturated field (>0.4T)
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35 : : : :
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Fig. 4. Comparison of the ¢(T) curves in zero field and in the saturation field. T¢
denotes the Curie point.

of the five highest peaks in each spectrum?. At the room temper-
ature, the Q-factor increases from about 40 for the demagnetized
sample (zero field) to above 250 in magnetically saturated sample.
This increase is relatively high. For comparison, for a specimen of
microcrystalline Ni with similar saturation magnetization and with
similar dimensions as the analyzed specimen of Ni—Mn—Ga, the Q-
factors obtained by the same experimental setup were about 220 in
the demagnetized state and increased only to 230 in saturation. As
itis also apparent from Fig. 3, the Q-factors do not follow the evolu-
tion of the ¢’ coefficient. The field dependencies have, instead, the
form of S-curves with steep increases, i.e. steep decreases of the
damping, below the saturation close to the maxima of the slopes of
the ¢’(B) curves. Above the Curie point the damping is independent
of the magnetic field. Below the Curie point, the damping increases
with the decreasing temperature both in the zero field and in the
saturated state. There is no comparable effect of the magnetic field
and of the temperature on the damping observed during the pulse-
echo measurements in the [100] direction. In other words, the
behavior of the damping is similar to the behavior of the individ-
ual coefficients: the damping corresponding to the ¢’ coefficient is
much more dependent on the temperature and external field than
the damping related to the c;1 and c44 coefficients.

4. Discussion

The most important results are plotted in Fig. 4 showing tem-
perature dependencies of the ¢’ coefficient for zero and saturation
magnetic field. Both dependencies decrease monotonously from
high temperatures towards the room temperature but the soften-
ing of the zero-field coefficient is much larger. It decreases about
50% from 7 GPa at 400 K to 3.6 GPa at 290 K with a well pronounced
change of the slope at the Curie point, i.e. at the onset of ferro-
magnetic ordering. Moreover, it is also apparent that the dc'/dT
slope for the saturation field in the whole temperature interval
is approximately the same as the dc'/dT slope for the zero field
above the Curie point, where both curves coincide. This indicates
that the additional softening of the ¢’ coefficient in the demagne-
tized state below T¢ is induced by the creation of ferromagnetic
domains with different orientation of magnetization. In saturation
the whole sample is in one, single domain state with homogeneous

2 The qualities of the individual resonant peaks within any of the experimentally
obtained spectra did not vary by more than 5%, which means that the resulting mean
value of the Q-factor represents each individual spectrum quite accurately.
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magnetization aligned along the external magnetic field and this
additional softening disappears. Above the Curie point or in mag-
netic saturation, the dc’/dT slope is approximately 10 MPa/K, which
is comparable with the effect of the shear instability of the bcc lat-
tice observed in non-magnetic shape memory alloys [13-15]. In
zero (or low) magnetic fields below the Curie point the lattice soft-
ening is fully overwhelmed by additional softening of magnitude
about 25 MPa/K resulting in the total softening about 35 MPa/K.

The origin of this softening can lie in the unique magnetic
properties of Ni—Mn—Ga austenite. Firstly the magnetocrystalline
anisotropy K. of this material is extremely low ~102 J/m3
[33,11,29]. Secondly the magnetoelastic coupling or magnetostric-
tion is relatively high with the magnetostrictive strains ~10~% and
it increases with the decreasing temperature [33,34]. Moreover,
when the magnetization vector rotates between two, mutually per-
pendicular (1 00) easy magnetization directions the shear induced
anelastically by the magnetostriction is the same shear as the shear
described by ¢’ coefficient.

Thanks to very low magnetic anisotropy the small rotations
of the magnetization vector from the easy axis are energetically
inexpensive. Consequently, a significant part of any shear strain-
ing in the (11,0) direction along the {110} plane can be relaxed
by this magnetostrictive mechanism and does not contribute to
the elastic stress response of the lattice. As a result, the ratio
between the stress response of the material and strain magnitude
of the lattice is lowered and the ¢’ coefficient becomes effectively
softened. Considering that the anisotropy energy induced by the
ultrasonic vibrations K, is approximately equal to o(x, t)A, where
o is the proper component of the stress tensor and A is the mag-
netostriction, we can make a qualitative comparison of this energy
to the energy of the magnetocrystalline anisotropy. The amplitude
of o is given by the amplitude of the corresponding shear strain
(¢ ~10-%) multiplied by the ¢’ coefficient of the lattice without
the magneto-elastic coupling taken into account (¢’ ~ 6 x 10° Pa).
The stress induced anisotropy is then K, ~6 x 10~1]/m3. This is
of the same order as the increase of the energy due to the rota-
tion of the magnetization vector resulting in the same shear strains
approximately equal to (¢/A)K¢r. Thus the energy K, induced by the
ultrasonic vibrations is relaxed by the rotation of the magnetization
vector resulting in additional softening. Described magneto-elastic
phenomenon is fully analogous to the so-called AE effect [35]
observed during the tensile tests of ferromagnetic materials with
low magnetic anisotropy and high magnetostriction.

The application of the external magnetic field introduces a
preference of magnetization direction which results in a higher
energetic penalty for vector rotation. This external constrain of
magnetic field gradually suppresses the anelastic effect and results
in the scaling the constant ¢’ with the square of magnetization
(Fig. 2), which is typical for magnetoelastic coupling. In the sat-
uration the magnetization vector is fixed along the direction of the
external field that prevents any anelastic shearing. Consequently
only the structural softening of the lattice is observed, which con-
tinues undisturbed from above the Curie point.

Observed shear damping in the zero magnetic field and its
decrease with increasing magnetic field (Fig. 3) can be attributed
to the interaction of ultrasonic vibrations with the large amount
of magnetic domain walls present in demagnetized specimen.
According to TEM observation [36], air cooled single crystal of
Ni—Mn—Ga austenite contains a dense net of anti-phase bound-
aries serving as pinning centers for the domain walls. Together with
very low magnetic anisotropy this results in fine irregular magnetic
microstructure. The application of small magnetic field leads only
to the rotations of the magnetization vector (see [37] for illustra-
tive TEM micrographs of this effect) and the number of the domain
walls interacting with the ultrasonic vibrations remains approxi-
mately constant and thus the damping does not change. When the

increasing magnetic field becomes strong enough to unpin the
domain walls from the defects, the amount of domain walls is
reduced by annihilation and the damping strongly decreases.

In our experimental study we observed a much more pro-
nounced dependence of the ¢’ coefficient both on the field and
on the temperature in the given temperature interval than what
was reported using the pulse-echo and transmission-through ultra-
sonic measurements [8-10,21,22]. First of all using specimens
with slightly different stoichiometries may affect the magnitude
of ¢ coefficient. Main discrepancy, however, may arise due to
fact that the pulse-echo and transmission-through methods are
as mentioned in experimental part, relatively rough tool for the
determination of ¢’ coefficient. Additionally due to the strong elas-
tic anisotropy these methods are also very sensitive to the exact
orientations of the specimens used in the measurements. As we
have checked by a calculation, for ¢’ equal to 3.6 GPa the pulse-
echo measurements in direction declined by 5° from [11 0] may
give the value of ¢’ up to 5.3 GPa, which is the relative error of nearly
40%. Moreover, any deviation of the measurement direction from
[110] leads to a weaker observed dependence of the measured
velocity on the changes of real ¢’ and thus to underestimating the
effect. Simultaneously, the deviation from perfect orientation can
affect the pulse-echo measurements of the other elastic constants
(c11 and c4q), since the velocities of the ultrasonic waves in such
declined directions are already influenced by the ¢’ coefficients and
therefore more sensitive to the external magnetic field.

On the other hand, the temperature dependence of the ¢’ coef-
ficient reported here is also significantly more pronounced than
in Refs. [11,32] using the cantilever oscillation method (COM) and
DMA3 respectively. In this case, the possible reason is that the
amplitude of stresses applied on the material during the DMA and
COM measurements is incomparably larger than for the ultrasonic
methods. Since the anelastic contribution to the shear strains is
limited to the magnitude of the magnetostriction, the ¢’ softening
effect is amplitude-dependent and decrease with the increasing
amplitude. This is again analogous to the amplitude-dependence
of the AE effect. In particular, the maximum shear strains in the
COM and DMA measurements are typically ~10-3, which is about
ten times higher than the value of magnetostriction. Therefore, the
contribution of the AE effect is much smaller than in our ultrasonic
measurements.

The experimental data presented in this paper show that the
¢’ coefficient of the Ni—-Mn—Ga austenite is anomalously softened
due to a combination of structural softening, which is quanti-
tatively comparable to the structural softening of non-magnetic
shape memory alloys and the softening due to magneto-elastic
coupling. The magneto-elastic part is the direct consequence of
the extremely weak magnetocrystalline anisotropy of Ni—Mn—Ga
austenite that enables the magnetostriction to contribute signif-
icantly to the shear strains corresponding to the ¢’ coefficient.
However, the range of strain amplitude in which this phenomenon
can be observed is limited by the magnitude of the magnetostric-
tion. Thus, the enormously strong dependence of the ¢’ coefficient
on the temperature and the external field is fully observable only
by the ultrasonic methods. It might be also observed by inelas-
tic neutron scattering, however, all reported inelastic scattering
experiments were done without magnetic field.

Anomalous elastic softening and resulting very high elastic
anisotropy of the ferromagnetic cubic phase of Ni-Mn—Ga is quite
exceptional among known cubic materials. It might have a pro-
found consequence for the martensitic transformation and thus for

3 The Young’s modulus in the [100] direction obtained by the DMA measure-
ments is closely related to the ¢’ coefficient, especially for strongly anisotropic cubic
materials.
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the magnetic shape memory effect. Similar detailed experimen-
tal studies for other ferromagnetic shape memory alloys would
be of indubitable importance for further exploration of this phe-
nomenon.

Acknowledgements

This work has been financially supported by the Czech Scien-
tific Foundation under grants No. 107/10/0824, No. 101/09/0702
and No. 107/11/0391, by the institutional project of IT ASCR v.v.i.
(CEZ:AV0Z20760514), and by the research center 1IM06031 of the
Ministry of Education of the Czech Republic.

References

[1] K. Ullakko, ].K. Huang, C. Kantner, R.C. O’'Handley, V.V. Kokorin, Appl. Phys. Lett.
69 (1996) 1966-1968.

[2] O. Heczko, A. Sozinov, K. Ullakko, IEEE Trans. Magn. 36 (2000) 3266-3268.

[3] O.Soderberg, I. Aaltio, Y. Ge, O. Heczko, S.P. Hannula, Mater. Sci. Eng. A 481-482
(2008) 80-85.

[4] AN. Vasilev, A.D. Bozhko, V.V. Khovailo, LE. Dikshtein, V.G. Shavrov, V.D.
Buchelnikov, M. Matsumoto, S. Suzuki, T. Takagi, J. Tani, Phys. Rev. B 59 (1999)
1113-1120.

[5] A. Ayuela, ]. Enkovaara, R.M. Nieminen, J. Phys.: Condens. Matter 14 (2002)
5325-5336.

[6] V.V. Khovaylo, V.D. Buchelnikov, R. Kainuma, V.V. Koledov, M. Ohtsuka, V.G.
Shavrov, T. Takagi, S.V. Taskaev, A.N. Vasiliev, Phys. Rev. B 72 (2005) 1-10.

[7] P. Entel, V.D. Buchelnikov, V.V. Khovailo, A.T. Zayak, W.A. Adeagbo, M.E.
Gruner, H.C. Herper, E.F. Wassermann, J. Phys. D: Appl. Phys. 39 (2006)
865-889.

[8] M. Stipcich, L. Manosa, A. Planes, M. Morin, J. Zarestky, T. Lograsso, C. Stassis,
Phys. Rev. B 70 (2004) 054115-1-054115-5.

[9] L.Manosa, A. Gonzalez-Comas, E. Obrado, A. Planes, V.A. Chernenko, V.V. Koko-
rin, E. Cesari, Phys. Rev. B 55 (1997) 11068-11071.

[10] J. Worgull, E. Petti, ]. Trivisonno, Phys. Rev. B 54 (1996) 15695-15699.
[11] P.Zhao, L. Dai,]. Cullen, M. Wuttig, Metall. Mater. Trans. A 38A (2007) 745-751.
[12] A.Planes, L. Manosa, Solid State Phys. 55 (2001) 159-267.

[13] X. Ren, K. Taniwaki, K. Otsuka, T. Suzuki, K. Tanaka, Y.I. Chumlyakov, I. Yu, T.
Ueki, Philos. Mag. A 79 (1999) 31-41.

[14] M. Landa, P. Sedlak, P. Sittner, H. Seiner, V. Novak, Mater. Sci. Eng. A 462 (2007)
320-324.

[15] G. Mazzolai, A. Biscarini, R. Campanella, B. Coluzzi, F.M. Mazzolai, ]. Alloys
Compd. 310 (2000) 318-323.

[16] U. Stuhr, P. Vorderwisch, V.V. Kokorin, P.-A. Lindgard, Phys. Rev. B 56 (1997)
14360-14365.

[17] Q.M. Hu, C.M.Li,R.Yang, S.E. Kulkova, D.I. Bazhanov, B. Johansson, L. Vitos, Phys.
Rev. B 79 (2009), art. no. 144112.

[18] C.Bungaro, K.M. Rabe, A. Dal Corso, Phys. Rev. B 68 (2003) 1341041-1341049.

[19] S. Ozdemir Kart, T. Cagin, J. Alloys Compd. 508 (2010) 177-183.

[20] J.I. Pérez-Landazébal, V. Sanchéz-Alarcos, C. GoGméz-Polo, V. Recarte, V.A. Cher-
nenko, Phys. Rev. B 76 (2007) 092101-1-092101-3.

[21] A.Gonzalez-Comas, E. Obrado, L. Manosa, A. Planes, V.A. Chernenko, B.J. Hattink,
A. Labarta, Phys. Rev. B 60 (1999) 7085-7090.

[22] A. Planes, E. Obrado, A. Gonzalez-Comas, L. Manosa, Phys. Rev. Lett. 79 (1997)
3926-3929.

[23] R.G. Leisure, F.A. Willis, J. Phys.: Condens. Matter 9 (1997) 6001-6029.

[24] J. Maynard, Phys. Today 46 (1996) 26-31.

[25] R.G. Leisure, K. Foster, J.E. Hightower, D.S. Agosta, Mater. Sci. Eng. A 370 (2004)
34-40.

[26] M.J.P. Musgrave, Crystal Acoustics, San Francisco, Holden-Day, 1998.

[27] J.P. Wolfe, Imaging Phonons (Acoustic Wave Propagation in Solids), Cambridge
University Press, Cambridge, 1970.

[28] M. Landa, H. Seiner, P. Sedldk, L. Bicanov4, ]. Zidek, L. Heller, in: M. Everett, L.
Pedroza (Eds.), Horizons in World Physics, vol. 268, Nova Publishers, New York,
2009, pp. 97-136.

[29] 0.Heczko,]. Kopetek, D. Majtds, M. Landa, J. Phys. Conf. Ser. 303 (2011) 012081.

[30] M. Landa, P. Sedlik, H. Seiner, L. Heller, L. Bicanova, P. Sittner, V. Novak, Appl.
Phys. A 96 (2009) 557-567.

[31] H. Seiner, L. Bicanova, P. Sedlak, M. Landa, L. Heller, I. Aaltio, Mater. Sci. Eng. A
521-522 (2009) 205-208.

[32] V. Chernenko, ]. Pons, C. Segui, E. Cesari, Acta Mater. 50 (2002) 53-60.

[33] R.Tickle, R.D. James, ]. Magn. Magn. Mater. 195 (1999) 627-638.

[34] O.Heczko, Mater. Sci. Forum 635 (2010) 125-130.

[35] S.Chikazumi, C. Graham, Physics of Magnetism, first ed., R.E. Krieger Pub, Hunt-
ington, NY, 1978.

[36] S.Venkateswaran, N. Nuhfer, M. De Graef, Acta Mater. 55 (2007) 2621-2636.

[37] Y.Murakamia, D. Shindo, K. Kobayashi, K. Oikawa, R. Kainumaa, K. Ishida, Mater.
Sci. Eng. A 438-440 (2006) 1050-1053.

124



4.2 Publikace Vliv antifdzovych rozhrani na elastické vlastnosti auste-

nitu a premartenzitu Ni-Mn-Ga.

Bibliograficka citace:

Struéna anotace:

Prispévek habilitanta:

Seiner, H., Sedlak, P., Bodnarové, L., Drahokoupil, J., Kopecky, V.,
Kopecek, J., Landa, M., Heczko, O. The effect of antiphase bound-
aries on the elastic properties of Ni-Mn-Ga austenite and premartensite
(2013) Journal of Physics Condensed Matter, 25 (42), art. no. 425402.

Tato publikace navazuje na publikaci uvedenou v podkapitole 4.2 tim,
Ze jako zdroj jemné magnetické mikrostruktury indukujici A F—efekt
identifikuje strukturu anti-fazovych rozhrani. Je zde popsan jed-
nak mechanismus pinningu (zachyceni) doménovych stén na an-
tifAzovych rozhranich, jednak mechanismus, kterym tento pinning
pfispivd k magnetoelastickému méknuti kubickych struktur austenitu

a premartenzitu a magnetoelastickému ttlumu.

Habilitant kromé podilu na méfeni rezonan¢ni ultrazvukovou spek-
troskopii a vyhodnocovani dat z téchto méfeni (viz podil na predchozi
publikaci) pfispél zejména navrZzenim koncepce pinningu a popiso-

vanym strukturnim modelem vlivu pinningu na elastické koeficienty.
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Abstract

The evolution of elastic properties with temperature and magnetic field was studied in two
differently heat-treated single crystals of the Ni-Mn—Ga magnetic shape memory alloy using
resonant ultrasound spectroscopy. Quenching and slow furnace cooling were used to obtain
different densities of antiphase boundaries. We found that the crystals exhibited pronounced
differences in the ¢’ elastic coefficient and related shear damping in high-temperature
ferromagnetic phases (austenite and premartensite). The difference can be ascribed to the
formation of fine magnetic domain patterns and pinning of the magnetic domain walls on
antiphase boundaries in the material with a high density of antiphase boundaries due to
quenching. The fine domain pattern arising from mutual interactions between antiphase
boundaries and ferromagnetic domain walls effectively reduces the magnetocrystalline
anisotropy and amplifies the contribution of magnetostriction to the elastic response of the
material. As a result, the anomalous elastic softening prior to martensite transformation is
significantly enhanced in the quenched sample. Thus, for any comparison of experimental data
and theoretical calculations the microstructural changes induced by specific heat treatment

must be taken into account.

(Some figures may appear in colour only in the online journal)

1. Introduction

Martensitic transformation from cubic austenite to a low
symmetry phase (martensite) is an essential condition for the
existence of the magnetic shape memory (MSM) effect [1, 2].
This transformation affects the MSM materials across many
spatial scales, often leading to the formation of modulated
structures at the nano-scale [3-5] and of martensitic
microstructures at the micro-scale [6-8]. This complexity
of ferromagnetic martensites has been recently intensively
studied in order to understand the origin of the MSM effect,
and the mechanisms of formation of the observed hierarchical
arrangements are relatively well understood [9, 10]. However,

0953-8984/13/425402+10$33.00

the martensitic transformation is often preceded by a so-called
premartensitic phase the character of which is not clear
yet and is the subject of wide discussions [11-16]. In
this paper, we focus on the case of Ni-Mn-Ga, which
has been the most thoroughly studied MSM alloy during
the past decade, as the modulated martensite of this alloy
exhibits giant magnetic field induced strain or an MSM
effect [17-19]. Such unique properties of the modulated phase
are motivations for a detailed analysis of the mechanisms
of the martensitic transition itself, since understanding the
formation of martensite from cubic austenite is a prerequisite
for understanding these effects.

1 © 2013 IOP Publishing Ltd Printed in the UK & the USA
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For the Ni-Mn—-Ga alloys the premartensitic transfor-
mation appears for compositions close to stoichiometry
NipMnGa. The premartensite phase has a transversely mod-
ulated structure [12, 13]. As shown by Maiiosa et al [20], the
premartensitic transition is closely related to magnetoelastic
coupling. Our recent ultrasound experiments [21, 22] have
shown that the elasticity and ultrasound wave damping in
the austenite phase prior to premartensite transformation are
also strongly affected by magnetoelastic effects. Additionally,
Venkateswaran et al and DeGraef et al [23, 24] recently
showed that the austenite and premartensite phases of
Ni—-Mn-Ga contain fine magnetic domain patterns similar to
the magnetic structures appearing in Ni-Mn-Ga—Al [25, 26]
and other manganese-based Heusler alloys [27-29]. The
origin of these fine domain structures is ascribed to mutual
interaction between ferromagnetic domain walls (DWs) and
antiphase boundaries (APBs). The coupling arises from the
fact that the exchange interactions between the manganese
atoms lying on the opposite sides of the APB can be
significantly weaker than inside the ordered phase, or even
turned from ferro- into antiferromagnetic [29]. Thus the APBs
are energetically preferred sites for the DWs, which leads to a
fine magnetic domain pattern and pinning of DWs.

According to TEM observations [23], there is a
significant difference in the APB density between differently
heat treated Ni-Mn—Ga alloys. In particular, according to [23]
the APB density in the air-quenched material is very high
with an average distance less than 50 nm, while for slowly
cooled material the density of APBs is much lower. Also the
recent quantitative x-ray studies [30] prove that annealing of
quenched Ni-Mn—Ga leads to an increase of ordering without
changing interatomic distances or bonding geometry, i.e. to
a decrease of disorder defects such as APBs. This opens
the question as to whether the premartensitic transition and
the elastic anomalies close to this transition can be affected
by different densities of the antiphase boundaries caused by
different heat treatment.

In the available experimental studies of elasticity of
the high-temperature phases (austenite and premartensite) of
Ni—-Mn-Ga [31-33], the authors always directly correlate the
macroscopic elastic constants obtained by ultrasonic methods
to the phonon branches, i.e. to elasticity at length-scales
comparable to the unit cells. The differences between the
values of the elastic constants obtained by different authors
are usually ascribed solely to the differences in stoichiometry
without considering the differences in the heat treatment. As
shown in [23, 24] different heat treatment can lead to changes
in the density of APBs and consequently to differences in the
magnetic microstructure, which in turn can affect the elastic
properties.

In this paper, we show that the presence of APBs
affects significantly the macroscopic elasticity of austenite
and premartensite of Ni-Mn-Ga. We focus on the shear
elastic constant coefficient ¢’ the softening of which is
commonly understood as a precursor of the martensitic or
premartensitic transformation in MSM materials. Although
the elastic coefficients are commonly considered as intrinsic
properties [31-33], we demonstrate that the ¢’ coefficient

is strongly affected by macroscopic properties such as the
arrangement of domain walls and the presence of antiphase
boundaries. Thus, we demonstrate that the results of the
ultrasonic methods cannot be directly linked to the properties
obtained for the given stoichiometry e.g. by ab initio
calculations, unless additional information on the magnetic
microstructure is taken into account.

2. Experiment
2.1. Materials

The material used for the experiments was a Ni-Mn—Ga single
crystal grown by the Bridgman method, with stoichiometry
very close to NipMnGa. The material was subjected to the
following heat treatment: (i) the crystal ingot was annealed
at 1273 K (homogenization annealing) in an evacuated
quartz ampule and then subjected to further annealing (two
days at 1073 K in an argon-filled quartz ampule) followed
by quenching of the whole ampule in ice water. This
is an established procedure to obtain ordered Ni-Mn-Ga
crystals [19]. As the ingot was in a quartz ampule, the rate of
quenching was mild and comparable with the air quenching of
samples used in [23]. From this quenched ingot a rectangular
bar of approximately (100) orientation of faces was cut. This
bar was further cut into two parts, one was left in the quenched
state, and the second one was again annealed in a quartz
ampule filled with argon at 1073 K for 12 h and slowly cooled
in the furnace (about 24 h). These different heat treatments
of otherwise identical samples were used to obtain samples
with different densities of APBs [23, 24]. There should be
no significant change in stoichiometry between these two
materials since the annealing prior to the quenching was done
under exactly the same conditions as prior to the furnace
cooling and samples were cut from the same bar.

Rectangular parallelepiped-like samples for resonant
ultrasound spectroscopy (RUS, [34, 35]) were prepared
from these differently treated materials and characterized,
prior to the RUS measurement, by x-ray and magnetization
measurements. The x-ray measurements were used for the
determination of the exact orientation of the samples’ faces
by means of the Laue method. It was verified that the samples
were cut along the principal directions with a deviance smaller
than 3°. The L2; ordering state of cubic austenite in the
quenched and slowly cooled specimens was analyzed by x-ray
diffraction using principal (400) and superstructure (111) and
(200) lines. X-ray diffraction was performed using the powder
diffractometer XPert Pro PANalytical equipped with a cobalt
anode (A = 0.178901 nm). An experimental setting with a
parabolic Goeble mirror in the primary beam and a parallel
plate collimator at 0.09° in the diffracted beam was chosen
for better accuracy of measurements. Firstly, the crystals were
oriented in the texture sample holder ATC-3 to find the strong
diffractions of (400) or (220) or (111) lines. Then the 20 scan
was made. The lattice constants for the quenched and slowly
cooled crystals were a = 0.583 04 nm and a = 0.583 14 nm,
respectively determined from (£00) lines. The difference is at
the edge of the measurement precision.
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Table 1. Properties of the specimens used for RUS measurements
(dimensions and transition temperatures).

Transition
Dimensions (mm) temperatures (K)
Heat
treatment d, d> ds Tc Tem Ms
Quenched 4.33 4.42 5.57 385 258 220
Slowly cooled  4.06 3.30 2.09 385 256 209
Accuracy +0.01 £0.01 £0.01 +£2 +2 +2

Magnetization curves and the temperature dependence of
magnetization and the initial magnetic susceptibility of these
samples® were measured by a vibrating sample magnetometer
and the AC magnetic susceptibility option in PPMS Quantum
Design. The transition temperatures were determined for each
material by an initial AC magnetic susceptibility measurement
at a frequency of 180 Hz and an AC field of 5 Oe and were
confirmed by measuring the temperature dependence of the
DC magnetization at 100 Oe for the annealed sample. In
table 1, the dimensions of the samples are listed together
with the following transition temperatures: the Curie point
Tc for the transition between paramagnetic and ferromagnetic
states of the austenite phase; the Tpy temperature for the
premartensitic transition between austenite and premartensite;
and the martensite start (M) temperature, i.e. the temperature
at which the martensitic transition starts.

2.2. RUS measurement

To determine the temperature dependence of the softest
shear coefficient ¢’ = (c;; — c12)/2 of both materials,
two different RUS methods were used: (i) non-contact
laser-based RUS with the vibrations both generated and
detected by lasers (LRUS [39-41], for instrumentation details
see [42]); (i1) the classical contact RUS method with the
specimen clamped between two piezoelectric transducers. The
non-contact modification has higher accuracy and enables
better quantitative determination of the internal friction
(damping) coefficients, since the quality of the obtained
spectra is not affected by temperature-dependent damping of
the transducers. This method was used for monitoring of the
¢’ coefficient evolution with temperature during cooling in the
temperature range between 400 K (i.e. above the Curie point)
and in the vicinity of Mg for each material and in zero external
magnetic field. On the other hand, the LRUS approach cannot
be applied in the external magnetic field since the sample has
to be fixed between the poles of the electromagnet. For this
reason, the measurements in the external magnetic field (0.4 T,
i.e. safely above the saturation limit) were performed by the

3 As these samples were prepared for RUS, which demands parallelepipeds
with sharp corners, the samples were not very suitable for magnetic
measurements due to the large effect of the demagnetization field. In
magnetically soft magnetic material, such as Ni-Mn—Ga austenite, the slope
of the magnetization curve is mostly determined by the demagnetization
factor. The same is valid for AC magnetic susceptibility and thus even large
intrinsic changes of susceptibility cause only very small changes in the
measured value.

300
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Figure 1. X-ray diffraction patterns of single-crystal Ni-Mn-Ga
subjected to different heat treatment marked in the figure. The
superstructure and fundamental lines are identified in the figure. The
small unmarked peak close to the fundamental (400) is a residual 8
line. The (400) plane is approximately parallel to the surface. The
different background of the x-ray pattern for the (111) line is due to
the necessary tilt of the sample. The patterns of the quenched sample
are shifted by 50 units to facilitate the comparison. To enhance the
visibility of weak superstructure peaks, there is a break in the y-axis.

classical contact RUS with the whole RUS apparatus placed
between the poles of an electromagnet.

It was checked that at zero field the ¢’-s obtained by
the classical RUS method did not differ by more than
0.2 GPa from the values determined by LRUS in the whole
temperature range, which is less than the experimental
accuracy of the contact RUS method. This proves that
differences between the ¢/(T) dependences with and without
the external field reported in the next section cannot be
attributed to the fact that these data were obtained by two
different methods.

3. Results

The x-ray diffraction patterns shown in figure 1 demonstrate
that there is no pronounced structural difference between the
slowly cooled and quenched materials: the intensity of the
superstructure peak corresponding to the L2 order (111) is
high. Also another superstructure peak (200) corresponding
to the B2 order is in both cases about 1-2% of the intensity
of the principal peak (400). This confirms the high level of
ordering for both cases. The high degree of L2 order can
be expected as the B2-L2; transition can be considered as
being nearly a second-order transition. The result is in good
agreement with the conclusions of Chaboy ef al [30] and
shows that the annealing does not change the interatomic
distances. What, however, differs is the number of APBs: as
shown by Venkateswaran et al [23], the quenched material
is supersaturated by APBs. Since there is no significant
broadening of the lines of the quenched sample and the
diffraction patterns are very similar for both cases, we can
exclude the presence of a significant amount of internal stress
in the quenched sample.

The transformation temperatures are listed in table 1.
The magnetic Curie T¢ temperature is unaffected by the

128



J. Phys.: Condens. Matter 25 (2013) 425402

H Seiner et al

Quenched Slowly cooled
400} - | ]
= TC, E L S
380E = o5
360 JE §§
340 Ak
3
()
5 320 JF
©
8 300} |2
£
Qe
A LA
280 4k
260k - 2T
240 s
220 Il Il Il Il n Il l Il Il =
50 100 150 200 50 100 150 200 250

frequency (kHz)

frequency (kHz)

Figure 2. Evolution of LRUS resonant spectra with temperature for both materials. 7¢ indicates the Curie point and 7py the temperature of

the premartensitic transition.

heat treatment, but the martensitic start temperature Mg is
shifted downwards for the slowly cooled material. A small
temperature shift can be observed also for the premartensitic
temperature 7Tpy, but this shift is comparable to the
experimental error. The shift of the martensitic temperature
can be caused by a minute change of composition due
to additional annealing, nevertheless, it can be also argued
that the quenched material (supersaturated by APBs) is in
a less stable state with lower nucleation barriers for the
transitions, and thus both the premartensitic and martensitic
transitions can be initiated at higher temperatures than for
the slowly cooled case. On the other hand, this observed
small shift of the transition temperatures upward confirms
that the degree of the L2; atomic order is not significantly
decreased in the quenched sample, as already indicated
by the x-ray measurements. However, according to [36], a
decrease of the degree of order should lead to an decrease
of the transformation temperature as it is also valid for the
order—disorder transition temperature [37].

The magnetization curves of both materials indicated
that the material is magnetically soft. There were no
discernible differences between these magnetization curves.
The saturation was reached in the field above 2000 Oe
and was determined by demagnetization only, since the
magnetic anisotropy of the austenite is relatively small, of
the order of hundreds of ] m—> [38]. The magnetic hysteresis
was very small, below the resolution of the magnetometer
measurements, i.e. less than a few Oe for both the quenched

and the slowly cooled materials. This indicates that the
different density of APBs has only a negligible effect on the
magnetization process.

Figure 2 shows the LRUS resonant spectra of the studied
samples in the whole temperature range. These spectra were
used for inverse determination of the elastic constants, i.e. for
finding such elastic constants that the spectra calculated for
them fit the experimentally obtained ones in some optimal
way (the so-called inverse problem of RUS, see [34, 35]).
The austenite phase is cubic, with three independent elastic
coefficients (c11, c12 and ca4). For strongly anisotropic cubic
materials (anisotropy factor higher than 10, as in the case
of Ni-Mn-Ga), however, the first few tens of resonant
modes are sensitive only to ¢’ = (c1; — c¢12)/2 [21]. For
this reason, all spectra obtained above the Tpy temperature
corresponded well to spectra calculated for a cubic material
with rough estimates of the coefficients ¢ and c44, and finely
optimized ¢’, i.e. all these spectra enabled a relatively accurate
determination of the ¢’ coefficient.

Below Tpwm, the situation is slightly different. The unit
cell of premartensite exhibits, due to transversal modulation,
a weak deviation from cubic symmetry, which should be
reflected in the symmetry of the elastic properties. However,
even in premartensite all the obtained spectra were acceptably
well fitted under the assumption of the cubicity of the material.
Indeed, it is apparent from figure 2 that the main character
of the spectrum does not change significantly throughout
the whole temperature interval. The reason for this is that
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the sample does not transform into a single variant or large
variants of premartensite, but forms, instead, some kind of
self-accommodated fine microstructure (tweed), that can, for
symmetry reasons, behave effectively as a cubic material,
i.e. the overall cubic symmetry is retained in agreement
with the observations of Kokorin et al [11]. Hence, we can
use the cubic description throughout the whole analyzed
temperature range, keeping in mind that the coefficient ¢’
below Tpy represents some averaged softest shear modulus
of the premartensitic microstructure.

The temperature dependences of elastic coefficient ¢’ for
quenched and slowly cooled samples in zero and saturation
magnetic field are shown in figure 3. Above the Curie point
(in the paramagnetic state) the value of coefficient ¢’ is equal
for all cases. This is another confirmation that there is no
significant amount of internal stress in the quenched sample
as this stress would affect the measured elastic coefficient. In
the magnetically saturated state, the behavior of both materials
(quenched and slowly cooled) is also nearly identical. The
curves differ from each other within the range of the
experimental error only, both exhibiting a steep decrease on
cooling towards 7pym which is followed by a similarly steep
increase in the premartensitic phase.

In the demagnetized state the ¢/(T) curves have similar
characteristics for both materials: there is a significant change
of the slope at the T¢ temperature, which is not observed
in the magnetically saturated state, and then a continuous
decrease towards the Tpy temperature, where both curves
reach their minima. Below Tpy;, both curves are nearly
identical and steeply increase until the Mg temperature. This
increase between Tpy and Ms is in a good agreement with
the results obtained by RUS on polycrystalline Ni-Mn—Ga
materials by Pérez-Landazabal et al [43] and by Kokorin
et al [11] by DMA measurements. However, the behavior of
c'(T) differs significantly for the quenched and the slowly
cooled samples in the [Tpy; Tc] interval. For the quenched
specimen, the slope of the ¢/(T) curve is approximately
constant (34 MPa K~1). For the slowly cooled specimen, the
slope below T¢ is smaller (26 MPa K1), but increases sharply
at temperature T ~ 264 K. Then, both curves coincide close
to the Tpym. As figure 3(b) shows in detail, the change of the
slope of the ¢/(T) curve for the slowly cooled material in
saturation is at about the same temperature as the beginning of
the steep decrease of ¢’ for the slowly cooled material without
field. This suggests that this material behaves identically with
and without external field except for some additional softening
between Tc and Tpy. Additionally, the curves shown in
figures 3(a) and (b) demonstrate that the difference of ¢/(T)
appears only in the austenite phase but not in premartensite.
This difference is of magnetoelastic origin particular to
austenite, since the quenched and the slowly cooled samples
behave identically above T¢ in the paramagnetic state and in
the magnetically saturated state. Moreover, the curves are also
approximately identical in premartensite.

This is further supported by the measurement of ¢’ as a
function of magnetic field from zero to magnetic saturation.
Such measurements were done in the whole temperature
range, i.e. both for austenite and for premartensite, and for
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Figure 3. Temperature dependences of the ¢’ coefficients obtained
by RUS measurements without the external magnetic field (circles)
and in a saturated magnetic field (triangles). Open symbols
correspond to the quenched material, filled symbols to the slowly
cooled one; dashed lines are used for the contact (classical) RUS
measurements, solid lines for contact-less laser RUS:

(a) comparison of the behaviors of the quenched and the slowly
cooled materials; (b) an enlarged area of the upper subplot, showing
the behavior of the slowly cooled material in the vicinity of the Tpy
transition temperature.

both materials. The results fully confirm what was observed
for the quenched material in austenite in [21, 22], i.e. that the
¢’ coefficient increases with the square of magnetization until
saturation is reached. This further confirms the magnetoelastic
origin of the coupling. Additional details on the sensitivity
of RUS spectra to the external magnetic fields can be found
in [44].

The non-contact LRUS technique in zero magnetic field,
i.e. in the demagnetized state, also enabled us to determine
the damping or internal friction of the shear vibrations of
both materials. The internal friction can be represented by
the reciprocal of the Q-factor quantifying the quality of the
RUS resonant spectra [45], i.e. by the parameter Q~!. The
temperature dependence of Q~! for both materials is shown
in figure 4: the slowly cooled material exhibits only a very
weak increase of Q_1 below the Curie point, but there is
a significant doubled attenuation peak surrounding the Tpym
temperature for this sample.
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Figure 4. Temperature dependences of damping (reciprocal value
of the spectrum quality Q) for both examined materials measured
without magnetic field, i.e. in a demagnetized state.

For the quenched material, the situation is different. At
the onset of ferromagnetic ordering (i.e. at T¢), the damping
discontinuously increases by nearly 100% (denoted AQy !
in figure 4). Upon further cooling, the damping increases
about linearly until a pronounced doubled peak appears at
around Tpy. Below this temperature, the damping decreases,
but remains more than four times higher than for the slowly
cooled material. In other words, whereas the ¢/(T) curves for
the quenched and the slowly cooled material are identical
in this temperature interval, the damping is still markedly
different.

4. Discussion

4.1. Additional ¢’ softening due to fine magnetic
microstructure

The microstructural origin of the observed phenomena
is discussed below. The most straightforward is the
interpretation of the difference between the ¢/(T) curves
between Tpym and Tc of quenched and slowly cooled material
in zero field. We assume that the shear strains in the examined
material can be decomposed as ¢ = &° + ¢™, where ¢ is the
elastic shearing of the lattice given by the external mechanical
loads o, and e™ is the inelastic (magnetostrictive) deformation
induced by the rotation of the magnetization vector m. We
also consider that there exists some equilibrium strain field
€7 +&™ which forms spontaneously in the demagnetized state
and corresponds to some minimum of the entire free energy.
Under the action of ultrasonic vibrations, this equilibrium
strain field is slightly disturbed (by some 8¢ and §¢™), and
the energy increases by some amount

oF =1 [c;m(ae”)z 4 y8eMse” 4+ R(88m)2] M
where ¢, corresponds to the magnetically saturated state
where no rotation of the magnetization vectors is allowed,
y is a coupling constant and R denotes the resistance

of the lattice against the rotation of the magnetization
vector. This resistance can be expressed as a derivative
of the magnetocrystalline anisotropy energy with respect
to infinitesimal rotations of the magnetization vector m.
Then, the effective ¢’ coefficient measured by the ultrasound
methods is

¢ = 28F/(8)* = 28F/(8¢° + 8¢™). )

The value of §¢™ is bounded from above by the magnitude
of the magnetostriction (8eh,,). When the mechanical loads
are small, 8¢ < dep,, the material in the demagnetized
state becomes effectively softened by the magnetostrictive
contribution, ¢ < ¢, which is the well-known AE-
effect [46].

This AE-effect is additionally affected by the fine
magnetic microstructure. Within the frame of a first-order
linear approximation, we can assume that the coupling term
can be neglected, i.e. that the elastic strains are never
large enough to affect the shape of the magnetocrystalline
anisotropy energy landscape and, vice versa, that the lattice
still exhibits cubic symmetry of elasticity, regardless of the
weak tetragonalization induced by magnetostriction. Then,
since cj, is the same for both materials, it is obvious that
the difference between the elasticity of the quenched and
slowly cooled material must originate from the difference in
the resistance against magnetization rotation R.

TEM micrographs in [23] (and similar micrographs
for Ni-Mn-Ga-Al alloys in [25, 26]) clearly show that
the magnetic microstructure consists not only of sharp
0°-180° DWs pinned on the APBs, but also of relatively
wide 0°-90° domain walls, which are not directly pinned
on APBs, but ensure the formation of the closed loops of
the magnetization vectors inside the antiphase domains. The
large width of the 0°-90° DWs is caused by the very low
magnetocrystalline anisotropy of the material. This width is
comparable to or even exceeds the distances between the
individual APBs and thus the orientation of the vectors m
varies nearly smoothly inside the antiphase domains and,
consequently, only a minor part of these vectors lies in the
easy {100} directions. Since the easy directions correspond to
the minima of the magnetocrystalline anisotropy energy, i.e. to
the directions in which the resistance of the lattice is maximal,
the presence of 0°-90° DWs results in an additional decrease
of the effective (averaged) value of R at the macro-scale as
outlined in figure 5. Thus, the resistance against magnetization
rotation €™ decreases with the increasing density of wide
0°-90° DWs, and consequently it is significantly lower in
the quenched material. This results in a strong magnetic field
dependence of ¢’ (see [21, 22]). This additional softening
effect is totally wiped out in saturation, where external field
keeps the magnetization vector along the field and no rotation
can occur.

The measured slope dc’ /dT for the slowly cooled material
(26 MPa K~!) is in very good agreement with the value
27.98 + 1.31 MPa K~! obtained recently by Li er al [47, 48]
by ab initio calculations. The slope for the quenched material
(34 MPa K~!) on the other hand cannot be directly compared
to the results of [47, 48], since this slope comprises both
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Figure 5. Decrease of the effective resistance R due to a
0°-90° DW.

the magnetoelastic softening at the atomistic length-scales
(obtainable by ab initio calculations) and the additional
softening effect due to specific magnetic microstructure.

Below Ty, the material becomes significantly elastically
softened. The resistance of the lattice to ¢” strongly decreases
due to the vicinity of the Tpy transition temperature. The third
term R is also affected by transition and may become less
important as the austenite-to-premartensite transition at Tpy
changes the character of the material. The premartensite phase
exhibits modulated microstructure with a tweed pattern [14]
which affects the magnetic domain structure [49, 24] due
to strong magnetoelastic coupling, resulting in the so-called
magnetoelastic tweed. The presence of such a tweed can
result in an increase of local magnetic anisotropy and thus
a decrease of magnetoelastic softening. The sudden drop
of AC susceptibility at Tpm [20, 41] (as shown also in
figure 6 and will be discussed later in detail) indicates a
relatively large increase of magnetic anisotropy. Additionally
the increase of magnetic anisotropy is indirectly indicated
by a shift of transitional temperature in magnetic field [50].
Thus it is probable that although this tweed microstructure
is still correlated with the APBs (see [24]), the original
magnetic microstructure with wide 0°-90° DWs is completely
overridden, and the difference of R for the quenched and the
slowly cooled material fully disappears.

The effect of magnetic field is lowered in the
premartensite phase and it is similar for both materials.
The reason for this decrease can be inferred from the
behavior of AC susceptibility in the vicinity of the
premartensitic transition temperature (figure 6). On cooling,
the susceptibility exhibits a sharp, localized dip at Tpm,
and although it partially recovers in premartensite, the
difference between its values above and below this drop is
still significant*. Such a decrease of susceptibility indicates
the significant increase of magnetocrystalline anisotropy in
premartensite resulting in the thinning of the 0°-90° DWs

4 Although the susceptibility changes seem to be small, it must be
taken into account that the measured susceptibility is strongly affected by
demagnetization, since the slope of the magnetization curve is predominantly
determined by the demagnetization factor, which is a consequence of small
magnetocrystalline anisotropy. Thus, the observed susceptibility evolution
with temperature can be taken only as a qualitative indicator and cannot
be taken quantitatively for an estimation of magnetic anisotropy changes.
By a simple calculation using the demagnetization factor of a cube and
estimated low magnetic anisotropy of austenite, it was checked that an
increase of magnetocrystalline anisotropy by one order of magnitude results
in a susceptibility change of only a few per cent.
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Figure 6. Temperature dependences of the AC initial magnetic
susceptibility (at 4 Oe) for the quenched and the slowly cooled
material, normalized with respect to the minimal value (i.e. to the
value at Tpy).

and consequently the increase of R and the smaller effect of
magnetic field on ¢’ below Tpyy.

The application of the external field led to elastic
hardening of both materials in the whole temperature range
except for the paramagnetic state above T¢ (figure 3) where
no effect occurred. In contrast to the experiment, Bar’yakhtar
et al [51] have shown by a theoretical calculation that the
external magnetic field can also induce softening in ¢’. This
effect is expected for the external field aligned with the [110]
direction and at ultrasonic frequencies above 100 MHz where
the elastic waves start to couple with the spin waves. In the
RUS measurements with all frequencies analyzed being below
1 MHz, the external magnetic field only prevents the rotation
of the magnetization vector. And thus, the application of the
external field should always lead to elastic hardening of ¢’ due
to suppression of €™, regardless of the direction of the field.

4.2. Damping peaks in the vicinity of the premartensitic
transition temperature

To discuss the damping Q~!'(T) in zero magnetic field,
three mechanisms contributing to the attenuation in the
material can be considered: (i) multiple-scattering effects
due to heterogeneity caused by the magnetic microstructure,
i.e. scattering on magnetic domain walls; (ii) dissipation
due to inelastic strains &™; (iii) criticality close to the
premartensitic transition. The quenched material exhibits a
sudden increase of AQ, I at the T¢ temperature followed
by a nearly linear increase. Since there is no discontinuous
jump in ¢’ at Tc, the effect of inelastic strains €™ goes
to zero close to the Curie point. This is a consequence of
vanishing magnetoelastic coupling close to the Curie point.
Hence, the observed jump AQ, " is related to a different
damping mechanism than the subsequent increase of Q™!
upon further cooling. The jump of the damping at the Curie
point indicates the creation of the scattering centers due to
the formation of a high density of DWs pinned on APBs.
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Then, with the increasing magnetostriction [38], the inelastic
strain €™ increases, which leads to a continuous increase of
the damping between T¢ and Tpy1.

In the vicinity of Tpy, the magnetoelastic damping
superposes with the criticality damping common for both
materials. The splitting of the criticality peak into two distinct
peaks can be related to anomalous structural and magnetic
changes close to the premartensitic transition. The most
apparent change is in the behavior of magnetic susceptibility
in this temperature region, as shown in figure 6. The curves
for both materials exhibit a sharp dip at the transition
temperature. The magnitude of this dip is only 3% or less of
the absolute value but this small decrease represents relatively
strong changes of intrinsic susceptibility of the material (see
footnote 4). This indicates that there is a sharply localized
increase of magnetocrystalline anisotropy close to Tpyp. This
prevents the magnetization vectors from rotating from the
easy axis and results in a localized decrease of magnetoelastic
damping. Similar splitting of the damping peak close to
Tpm can also be seen in the results of the cantilever
oscillation method (COM) by Zhao et al [33] (figure 3 in
this reference’). Ludwig et al [52] reported a split peak in
acoustic emission activity during premartensitic transition.
In the RUS measurements of polycrystalline Ni-Mn—-Ga by
Peréz-Landazébal et al [43], however, only a single damping
peak at Tpyr was observed. This can be attributed to the
fact that the internal stresses and intergranular geometric
constraints result in slightly different Tpy; temperatures in
different grains (a high sensitivity of the Tpp temperature was
reported by Gonzélez-Comas et al [53]), which may lead to
blurring of the doubled peak.

Furthermore, the observed dip in the susceptibility
is not common. When a material transforms from one
phase into another with different magnetic properties, the
values of susceptibility within the transition region can be
expected to fall between the respective values for these two
phases, following the rule of mixtures. This is a normal
situation, e.g. a sharp and monotonous drop of susceptibility
is observed in the austenite—martensite transformation of
Ni-Mn-Ga without premartensite [18]. Here, however, the
transition (upon cooling) seems to be composed of two
consecutive processes: the first leading to a decrease of
susceptibility (stronger for the quenched material and weaker
for the slowly cooled one) and the second leading to its
partial recovery. This may indicate that the first process
is the premartensitic transition itself, during which the
magnetocrystalline anisotropy of a unit cell increases, but
without changing the DWs pinned on APBs. However, due
to higher anisotropy, the 0°-90° DWs inside the antiphase
domains become narrowed and the difference between
the quenched and the slowly cooled material disappears.

5 Unlike what has been reported in [33], we did not observe any damping
peak close to the Curie point. One of the possible explanations is that the
relaxation damping associated with the magnetic transition is dependent
on frequency and/or amplitude; the used frequencies differ by two orders
(<1 kHz for COM and >0.1 MHz for RUS) and the amplitudes by three
orders (10*3 for COM and 10~° for RUS). On the other hand, it can be
concluded that the splitting of the damping peak is observable in a wide range
of frequencies and amplitudes.

Then, the second process, the reconfiguration of the DWs,
probably still interacting with the APBs, takes place due
to the formation of the magnetoelastic tweed. In such an
interpretation, each of the two peaks observed on the Q!
curve can be ascribed to one of these processes. This is
in agreement with the fact that the maxima of the peaks
approximately correspond to the maximal slopes of the
susceptibility curves. In addition, while for the slowly cooled
material these two peaks are of similar heights, for the
quenched material the peak above Tpy is significantly higher.
This again well corresponds to the susceptibility curves.
The dip in the vicinity of Tpy is much more asymmetric
for the quenched material with a stronger decrease above
Tpm. Lastly, the assumption that the two damping peaks
surrounding the Tpp temperature correspond to two different
processes is also in agreement with the ¢’(T) curves obtained
in the saturation magnetic field (and also the one obtained
for the slowly cooled material in zero field). The damping
peak above Tpy corresponds well by its position and width
to the [Tpm; To] interval, where the dc’(T)/dT slope steeply
increases. In contrast, for the damping peak below Tpym
no such well-defined temperature interval is apparent on
the ¢/(T) curve increasing monotonously towards Ms. This
may indicate that the damping process above Tpy is related
to phonon softening and changes of the unit cell, while
the process below Tpyy may reflect only some additional
reconfiguration of the magnetic microstructure.

What remains open is the question of why the damping
in premartensite, i.e. below Tpy, differs for the slowly cooled
and the quenched material in contrast with the nearly identical
behaviors of the ¢’ coefficient. The most plausible explanation
is that the APBs still affect the resulting microstructure of
premartensite, e.g. by increasing the number of magnetic
domain walls, which increases the scattering of the ultrasonic
waves. With increasing stiffening of the ¢’ coefficient, this
mechanism becomes less efficient and the damping decreases.
On the other hand, if, as discussed above, the second peak
is due to the formation of the magnetoelastic tweed within
the net of APBs, it is also possible that this formation is not
fully completed in the vicinity of Tpy, but partially continues
upon further cooling. Then, for the quenched material with
high density of APBs, the corresponding damping peak could
be spread in the whole temperature interval between 7py and
Ms.

5. Conclusion

We showed that high concentration of APBs has a significant
impact on macroscopic shear elasticity in Ni-Mn-Ga
austenite. When comparing the ¢/(T) dependence for the
quenched material and for the slowly cooled material with the
same stoichiometry but lower density of APBs, the difference
becomes clear: whereas both materials behave identically in
saturated external magnetic field, the magnetoelastic softening
in the demagnetized state is much more pronounced for the
quenched material. The difference is the consequence of fine
magnetic microstructure induced in the quenched material by
the formation and pinning of domain walls on APBs.
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The main conclusion is that the macroscopically
obtained elastic constants of Ni-Mn-Ga austenite and
possibly also other ordered (Heusler) alloys with strong
magnetoelastic coupling cannot be directly linked to ab
initio predictions without considering thermal treatment,
since the magnetoelastic softening depends on the resulting
microstructure. The magnetoelastic softening is apparently
enhanced by high density of APBs. In contrast, the possible
presence of the internal stresses due to quenching would
results in an increase of magnetocrystalline anisotropy
and thus in a decrease of magnetoelastic softening. This
conclusion is supported by the fact that only for the
slowly cooled material the experimentally determined dc’/dT
slope is in good agreement with the recent first-principles
calculations [47, 48].

Surprisingly, this relatively strong contribution of the
magnetic microstructure to the ¢’-softening of the quenched
material fully disappears below the premartensitic transition
temperature. In contrast, the damping behavior still exhibits
strong differences below Tpy. To discuss the origin of this
difference in more detail it would be necessary to analyze
the relations between the magnetoelastic tweed microstructure
of premartensite and the microstructure of APBs, which falls
beyond the scope of this paper. Nevertheless, from changes
of ¢’ in magnetic field it is clear that in premartensite the
magnetic microstructure also has some non-negligible impact
on the macroscopic (effective) behavior of Ni-Mn—Ga single
crystal.
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4.3 Publikace Elasticita a magnetické vlastnosti premartenzitického
tweedu v Ni-Mn-Ga.

Bibliograficka citace:

Struéna anotace:

Prispévek habilitanta:

Seiner, H., Kopecky, V., Landa, M., Heczko, O. Elasticity and mag-
netism of Ni2MnGa premartensitic tweed (2014) Physica Status Solidi
(B) Basic Research, 251, pp. 2097-2103.

Publikace se zaméfuje na elasticitu a magnetické vlastnosti pre-
martenzitické faze slitiny Ni-Mn-Ga s tweedovou mikrostrukturou
a pomoci dvojdimenziondlniho mikrostrukturniho modelu ukazuje,
Ze experimentalné pozorované méknuti elastické konstanty c44 miize
byt zplisobeno spojitou zménou tetragonality miizky a néaslednymi
zménami v geometrii tweedu. Zaroven je ukdzano, Ze tyto zmény
nemohou indukovat experimentalné pozorovany narust elastického ko-
eficientu ¢/, coZ prokazuje, Ze anomélni fononova vétev TA, se v pre-
martenzitické fazi stabilizuje a jeji méknuti tedy nemiize byt prekur-

zorem transformace premartenzit — austenit.

Habilitant pfispél predev§im ndvrhem a numerickou implementaci
dvojdimenziondlnitho modelu tweedové mikrostruktury a vypoctem
souvisejich vyvoju elastickych konstant c44 a ¢’ s tetragonalizaci el-

ementarni buriky.
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Magnetic, magneto-elastic and elastic measurements were used
to characterize the thermal evolution of the premartensite
phase of Ni;MnGa. The premartensitic transition is shown to
correspond to a sharp maximum of magnetostriction and a pro-
nounced minimum of the (110) (110) shear stiffness (the ¢’
elastic coefficient); no additional softening of the ¢’ coefficient
prior to the martensitic transformation was observed. In con-

1 Introduction Heusler alloys based on the Ni-Mn—
Ga system are the main class of materials exhibiting the
magnetic shape memory effect. The essential condition for
this effect is a martensitic transformation from a cubic phase
(austenite) to a low symmetry phase (martensite). The tem-
perature of the martensitic transformation is very sensitive
to the ratio of constitutive elements; for ordered compounds
close to stoichiometry (Ni,MnGa), this transition is preceded
by a so-called premartensitic transition. The premartensitic
transition is weakly first-order and originates from softening
of the ¢’ elastic coefficient [1, 2] corresponding to a minimum
on the slowest transversal phonon branch [3-5]. At the transi-
tion the material exhibits some kind of anomaly in the elastic
[2, 6], thermal [1], electric [ 7], and magnetic properties [8, 9].

Macroscopically the premartensite phase of Ni,MnGa
keeps an overall cubic symmetry [10,11] of the parent
L21 phase; however, high resolution electron microscopy
showed that the premartensite contains a very fine mix-
ture of variously oriented spontaneous strain states on the
scale of nanometers [3]. This makes the character of Ni—
Mn-Ga premartensite superficially similar to the strain-glass
phases reported for the NiTi alloy [10, 12]. The strain glass
is assumed to be formed due to high structural disorder [13].
However, in Ni-Mn-Ga the tweed is formed only close
to stoichiometry, i.e., in the compound where the struc-
tural disorder is expected to be minimal. Moreover, unlike
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trast, a significant softening of the (100) (010) stiffness (the c44
elastic coefficient) was observed in the vicinity of the marten-
sitic transition, while this coefficient is fully unaffected by the
premartensitic transition. A simple two-dimensional model of
the tweed is presented to explain this mutual independence
between the ¢’ and c44 shears and the effect of tweed formation
on both of them.

© 2014 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

what is commonly understood for the glassy states, the
spontaneous strains in premartensite are not fully randomly
oriented. Instead, they form fine, locally regular patterns
called tweeds. As all possible orientations of the spontaneous
strains are equivalently distributed over the tweed, the pre-
martensitic phase exhibits averaged cubic symmetry, which
is reflected both in the structural and mechanical proper-
ties. The observed cubic structure suggests that the tweed
domains are smaller than coherent length of the X-ray struc-
tural method. Despite of the overall cubic symmetry, high
resolution synchrotron X-ray diffraction [11] shows that the
premartensite phase/tweed exhibits the modulation or shuf-
fling with approximate wave vector [1/3, 1/3, 0]. There is a
discussion whether this modulation is commensurate [11] or
incommensurate [14], but it does not change the overall pic-
ture that the premartensite can be considered as consisting
of fine (approximate) 6 M modulated phase with all possible
modulation directions randomly distributed, or, equivalently,
as adaptive phase with (21), shuffling period [15, 16].
Recent X-ray diffraction experiments [11] prove that
the tweed microstructure of premartensite can be at least
partially reoriented by mechanical loading. However, fur-
ther increase of the load results in transformation into 10 M
martensite. This may indicate that either the internal inter-
faces in the premartensitic tweed are relatively rigid (and,
thus, the martensitic transition is induced earlier than the

© 2014 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
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reorientation is finished), or that the premartensite consists
of the same or similar basic building blocks as the marten-
site itself, as it is assumed in adaptive concept with (21),
stacking.

Since the elasticity of the Ni-Mn—Ga austenite and pre-
martensite is strongly coupled with magnetism, the term
magneto-elastic tweed is often used to emphasize the fact
that the fine, tweed-like pattern can be observed not only in
the spontaneous strains, but also in the orientation of the mag-
netization vector [2, 17]. Due to this strong coupling it can
be expected that the formation of the tweed during the pre-
martensitic transition is reflected in the changes of magnetic
microstructure. However, the magnetic properties of austen-
ite and premartensite are quite similar and hard to distinguish.
On the other hand the detailed investigation of the evolu-
tion of elastic constants in magnetic field and temperature
in austenite and premartensite reveals that elastic coefficient
¢/, instrumental for premartensite transformation, is strongly
dependent on magnetic field particularly in austenite phase
[6, 19-21]. The ¢’ scales with square of magnetization reveal-
ing strong magnetoelastic coupling. Large ¢’ softening in
austenite is due to vanishing magnetic anisotropy and rela-
tively large magnetostriction. Moreover, the field dependence
of ¢’ is also strongly affected by heat treatment, which was
explained by the high concentration of antiphase boundaries
[18].

The effect of magnetic field is weakened in the pre-
martensite [20]. Additionally we observed that the effect of
heat treatment in premartensite is nearly negligible [18]. In
agreement with consideration that ¢’ softening is prime facie
evidence for premartensitic transformation, this coefficient
exhibits a minimum at the premartensite transformation tem-
perature. In premartensite the coefficient steeply increases
with decreasing temperature [6, 18]. In the vicinity of the
martensitic transformation temperature it reaches the value
which is comparable to its value at one hundred degrees above
the premartensitic transformation. This opens the question if
there is any precursor phenomenon preceding the martensitic
transformation itself, since it is not the ¢’ which increases
toward it. To answer this question is the main aim of this
paper. We examine the magnetic and elastic properties of pre-
martensite and their evolution with temperature toward the
martensitic transition. As shown in this paper, the observed
behaviors cannot be directly explained without taking the fine
tweed-like microstructure of premartensite into account; on
this purpose, we build a simplified two-dimensional model
of the tweed enabling a deeper insight into micromechanics
of such microstructure.

2 Experimental The sample used for the experiments
was a 4.4x4.3x5.6mm?* prismatic bar of nearly stoichio-
metric Ni,MnGa cut along the principal {100} planes of
the parent austenite phase. Possible misalignment and the
mosaicity of single crystal was checked by X-ray diffraction.
The temperature dependence of AC magnetic susceptibility
was used to determine the premartensitic transition temper-
ature Tpy = (258 £ 2) K, the martensite start temperature

© 2014 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

M = (220 £ 2) K, and the Curie point 7c = 383 K. Upon
cooling, the premartensite phase was stable between the
Tem and My temperatures, i.e., in a temperature interval of
nearly 40 K. In attempt to understand the details of the struc-
tural and magnetic changes accompanying the premartensitic
transition we measured AC magnetic susceptibility, magne-
tization curves up to 5T and magnetostriction. In addition,
we measured dilatation in zero field. Magnetic properties
in this interval were measured by vibrating sample magne-
tometer Cryogenic and the linear expansion with temperature
and striction in magnetic field up to 1 T by a custom-made
dilatometer in PPMS.

For evaluation of elastic properties, the premartensitic
microstructure formed from cubic austenite at Tpy was
considered as macroscopically cubic, i.e., following the sym-
metry of the parent phase. This leaves only three independent
elastic constants: (i) the longitudinal elastic constant cy;
(ii) the hard shear modulus c4, related to basal (100) (010)
shears; (iii) the soft modulus ¢’ = (¢;; — ¢12)/2 related to
the diagonal (110) (110) shears, where the shearing direc-
tions are meant with respect to the cubic lattice of austenite.
To obtain these elastic constants in reasonable precision
two different ultrasonic methods were used in the inves-
tigated temperature range. The ¢, and ¢, constants were
measured by a conventional pulse-echo method, i.e., from
times-of-flight of ultrasonic longitudinal and shear waves,
respectively, between the largest faces of the sample. As the
pulse-echo method is less suitable for the determination of
the ¢’ coefficient particularly for material with large elastic
anisotropy, this shear modulus was measured by resonant
ultrasound spectroscopy (RUS), see [6, 18, 19, 22] for more
details on these measurements. To determine the effect of the
magnetic field, the soft (i.e., in demagnetized state) and hard
¢’ elastic modulus (i.e., in magnetic saturation [23]) were
measured at zero field and at field of 0.4 T, which is above
magnetic saturation of the sample [6].

3 Results

3.1 Magnetic measurements The result of dilata-
tion measurements in zero field is seen in Fig. 1(a); the
dilatation is linear with temperature and it exhibits a localized
dip at the premartensite transition. This anomaly suggests the
volume changes of about 0.1% upon transition. The dilatation
has visibly different slopes and linear expansion coefficient
changes from about 17x107° in austenite to 13x 107 in
premartensite.

Similarly the magnetic susceptibility exhibits the min-
imum at Tpy and then close to Ms it increases to value
even higher than at room temperature. This was also con-
firmed by measurement of magnetization loops which shows
only tiny change upon the transformation. Far from Tpy the
curves in premartensite and austenite are undistinguishable
within the measurement error. In contrast with Barandian et
al. [8] we did not observe significant differences between the
magnetization curves. Previously observed changes might be
ascribed to vicinity of martensitic transformation and possi-
ble structure reorientation. As shown and discussed by Seiner
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Figure 1 (a) Dilatation in austenite and premartensite measured
during cooling. (b) Saturation magnetostriction Aoy measured in
[100] direction along the field. The magnitude of magnetostriction
is determined from field dependence of striction measured from 220
to 340 K.

et al. [18] the susceptibility dip (which is similar to dilation
dip) can signify two different processes during transition, the
premartensite transformation itself (i.e., phonon instability)
and the formation of tetragonal unit cells in a nanotwinned
(21), structure followed by the formation of the tweed. More-
over, the susceptibility peak does not depend on magnetic
field frequency. This can be taken as a further indication that
the formed phase is not a strain glass. In such a case, there
should be local random fluctuations of strain which should,
due to relatively strong magneto-elastic coupling, result in
local fluctuation of magnetization directions and thus in the
formation of spin glass-like state. In this state a dependence
on frequency is expected.

Figure 1(b) shows the [100] magnetostriction A,y along
the field direction. The magnetostriction is negative, i.e., the
sample shrinks in the direction of the field. The magnitude
of magnetostriction increases linearly with decreasing tem-
perature and exhibits sharp, more than threefold increase at
the premartensitic transformation temperature compared to
room temperature. Below premartensite transition temper-
ature, however, the magnitude of magnetostriction sharply
recovers. This behavior is similar to AC-susceptibility, and
rightly so as the drop of magnetic susceptibility is caused
by increased magnetic anisotropy. This increase can be
ascribed to increasing magnetostriction, which induces mag-
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temperature the tweed is not fully formed, and thus some
areas can be somehow reoriented by the external field assisted
by the compressive stress from the dilatometer. So at least
partly the large increase of magnetostriction can be explained
by reorientation. Upon further cooling, however, the inter-
faces forming the tweed become inter-locked and thus more
rigid, such reorientation becomes impossible and the appar-
ent magnetostriction decreases again.

With knowledge of the Ao, magnetostriction and the
temperature dependence of the ¢’ coefficient (see Section
3.2) we can determine fundamental magneto-elastic coupling
constant B, as

Bl = _3)\,1000/. (1)
The result is shown in Fig. 2. The coupling coefficient B, is
about constant before premartensite transition and decreases
with increasing temperature close to Curie temperature. It
exhibits sharp maximum at premartensitic transformation
and then decreases again and approximately levels off at
higher value than in austenite.

However, if we assume that the measured magnetic
striction at transformation is due to rearrangement as dis-
cussed above, the observed peak in B, may just reflect the
structural reorientation instead of intrinsic changes in magne-
toelastic coupling. No measurable changes in other magnetic
properties suggest that the B; constant should change with
temperature smoothly without any sharp changes. Using this
assumption we can in reverse estimate what part of measured
striction is due to reorientation. The calculated value of mag-
netostriction from Eq. (1) is about 200 ppm and thus about
150 ppm is due to reorientation. As the reorientation depends
on tweed structure (which is basically arandom process, sim-
ilar to the observed reorientation during martensitic transition

© 2014 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
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Figure 3 Evolution of elastic constants c44 and ¢’ with temperature
in the premartensitic interval. The open symbols correspond to zero
external magnetic field, the filled symbols to saturation field.

[24]) the size of reorientation can differ in every transition
cycle and for different samples and thus the peak value of
magnetostriction can strongly differ from case to case.

3.2 Ultrasonic measurements The evolution of all
three elastic coefficients was obtained between the room and
M; temperatures, i.e., covering the precursor softening of
the austenite lattice prior to the premartensitic transition, the
transition itself and the evolution of the elastic constants of
premartensite toward the martensitic transition. The results
are shown in Fig. 3. Let us discuss at first the behaviors of
the elastic coefficients in zero magnetic field. It is clearly
seen that the most pronounced effect of the premartensitic
transition is on the ¢’ coefficient, for which the dc/dT slope
abruptly changes in sign at the 7py temperature and the coef-
ficient itself exhibits stiffening from 2.5 to 6.5 GPa (160%
increase) until the My temperature. For the ¢, coefficient,
the changes are less significant but still clearly detectable.
Between room temperature and Tpy, this coefficient exhibits
a weak, increasing, approximately linear trend; close to Tpy;,
the values of ¢y, start deviating from this trend, decreasing
toward the martensitic transition. The decrease is the steep-
est close to the Mg temperature, where c,, = 95 GPa (a 10%
decrease compared to ¢, = 105 GPa at Tpy;). Small decrease
can be also observed for the ¢, coefficient (not shown), which
softens by approximately 2 GPa (1.5 %) close to the Mg tem-
perature. However, this change is somehow comparable to
the possible effect of the mosaicity of the examined crystal
(£0.5°) and of the misorientation due to imprecise cutting
of the sample (< 2.5°). This imperfections results in some
sensitivity of the longitudinal waves to ¢, and ¢’ in the direc-
tion perpendicular to the chosen face of the sample. Thus the

© 2014 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

measured changes of the ¢, coefficient are most probably
just an experimental error.

In the saturation field (0.4 T), again the ¢’ coefficient is
strongly affected by the premartensitic transition. The sudden
decrease above the Tpy temperature is the result of vanishing
A E-effect [18]; in the premartensitic phase, however, the
value of ¢’ appears to be just constantly shifted compared to
the zero field data. There is again no direct measurable effect
of the premartensitic transition on the c,, coefficient, except
of that this temperature approximately corresponds the start
of asmooth change of the dcy,/dT slope. Similarly to the zero
field case, this coefficient softens close to the M temperature,
but this softening is weaker than in the demagnetized state.

4 Discussion The experimentally observed evolution
of the elastic constants of the premartensitic tweed can be
explained as a combination of two effects:

1. changes of elasticity due to formation of the tweed and
due to evolution of the tweed geometry,

2. changes of elasticity of the individual constituents of the
tweed, i.e., of the unit cell of premartensite.

In order to discuss these two effects separately, we construct
a simple geometric model of the tweed; this model gives
us semi-quantitative predictions for the macroscopic elastic-
ity of the tweed like-pattern, which can be then subtracted
from the experimental data to reveal the real softening of the
premartensite unit cell.

4.1 A two-dimensional tweed model For the
model, we consider a two-dimensional, simplified geometry
of the tweed. Moreover, we assume that the premarten-
site phase exhibits perfectly commensurate three-layered 6
M modulations, and can be thus well approximated by a
(21), stacking sequence of nano-twins of tetragonal building
blocks (NM martensite), following the concept of adaptive
martensite [15,16]. The tetragonal building blocks result
from a cubic-to-tetragonal transition of the unit cells of
austenite, as sketched schematically in two dimensions in
Fig. 4(a). In the stacking sequence, the NM building blocks
compose into an effective monoclinic 6 M supercell (Fig.
4(b)), which is then understood as a unit cell of the modu-
lated premartensitic phase. According to [15], the c¢/a ratio
of the building blocks is equal to approximately 1.015 close
to the Tpy temperature; nevertheless, upon further cooling
these building blocks reorganize into 10 M stacking with
c¢/a = 1.16 and further into 14 M stacking with c/a = 1.22,
which indicates that the c/a ratio in premartensite may
increase toward Ms. The tetragonal building blocks form
nano-twins along the {110} planes; as seen in Fig. 4(b), the
compatibility conditions induce slight rotations of the NM
martensite symmetrically about the twinning planes. The
rotation angle is given by the c¢/a ratio as

@)

c 7
¥ = arctan — — —.
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Figure4 Construction of a two-dimensional model of the pre-
martensitic tweed: (a) transition from austenite to an individual
building block of NM martensite; (b) composition of NM building
blocks into 6 M modulated structure; (c and d) two possible twinning
systems of 6 M martensite enabling a construction of effectively
cubic regular tweed.

Due to the extremely strong elastic anisotropy, such small
misorientation can induce measurable changes in macro-
scopic elasticity of the tweed. As the tweed exhibits
macroscopically a perfectly cubic behavior, it is necessary
that all the possible misorientations with respect to the orig-
inal cubic coordinate system of austenite must be involved
in the tweed with the same volume fraction; similarly the
c- and a-orientations and the directions of modulation must
be equivalently included in the tweed microstructure. This
means that besides the nano-twinning planes between the
individual NM building block, the tweed must include also
some additional twinning of the 6 M phase. In our two-
dimensional setting, these twinning planes can be those
sketched in Fig. 4(c) and (d), which are the compound twins
and the modulation twins [25], respectively. The compound
twinning plane runs along the {110} plane and separates
regions with the same modulation direction but different
stacking sequence (and, consequently, different orientation
of the a- and b-dimensions of the 6 M unit cell); the modula-
tion twinning plane runs along the {100} plane and separates
regions with different modulation direction but the same ori-
entation of the a- and b-dimension of the unit cell. As seen
from the sketch, these two types of 6 M twins may differ
significantly in energy. While the compound twin is equiva-
lent to just a change of the stacking sequence (i.e., a phase
shift in modulation), and its energy can be assumed as the
same as of the nano-twins, the energy of the modulation twin
includes also the energy of elastic strains required at the inter-
face to enable local compatibility. These strains increase with
increasing c/a ratio, and thus the tweed tends to reduce the
number of this type of interfaces when this ratio increases.
Nevertheless, it is clear from the Fig. 4(c) and (d) that
these two twinning types do not induce any additional rota-
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tions to the lattice. In other words, all rotations of the NM unit
cell with respect to the effective cubic coordinate system are
those following from the compatibility at the nano-twinning
planes, regardless of what microstructure is formed by the
compound and modulation twins. For this reason, if we take
any fixed, artificially chosen micromorphology of the tweed
such that all a- and b-orientations and modulation direction
are involved with the same volume fraction, the effective elas-
ticity calculated for this microstructure can be understood as
a good approximation of any real general morphology of the
tweed.

In this sense, we took a tweed as a regular herring-bone
pattern [26] with equivalently altering orientations of the
modulation and with periodic compound twinning. Let us
point out that such a two-dimensional herring-bone pattern
is essentially very similar to the chessboard microstruc-
ture resulting from pseudospinodal decomposition, which is
another possible formation mechanism of the tweed [27],
alternative to the adaptive nano-twinning. In the chessboard
microstructure, the compatibility conditions again require
mutual rotations of the individual constituents of the pat-
tern by the same angle ¥, so the material is finally composed
of the same mixture of NM unit cells with slight ¢- and a-
misorientations. In other words, although the proposed model
of the tweed was constructed by sequence of lamination
in the adaptive concept, its predictions are at least qualita-
tively valid also for the concept based on the pseudospinodal
decomposition.

The elasticity of this microstructure was calculated by a
homogenizing procedure for martensitic laminates described
in [28]. This procedure is more precise than the Voigt or Reuss
homogenization procedures, since it fully reflects the geo-
metric arrangement of the interfaces and the mutual rotations
of the material due to the compatibility conditions. For the
calculation, the elasticity of the NM martensite was assumed
as cubic, with ¢;; =142 and c,, = 105 GPa taken as fixed
and for three different values of ¢’ (denoted cy,,) within the
ranges of the experimental results. In particular, the values
¢y Of 2, 4, and 6 GPa were chosen, as this set covers well the
observed evolution of the ¢’ coefficient of the premartensite
phase from the Ty temperature toward My as seen in Fig. 3.
Moreover, such values are also in a good agreement with the
values of the softest shear coefficient of the pure NM marten-
site phase reported by Dai et al. [29]. The results are seen in
Fig. 5, where the evolution of the ¢, c44, and ¢’ coefficients
of the tweed with the ¢/a ratio of the NM building blocks is
shown. It is clearly seen that the formation of the tweed has
the most pronounced effect on the ¢,y coefficient. This coef-
ficient softens significantly even for very small c/a ratios,
especially if ¢’ is very low, i.e., if the anisotropy factor of
the material is high. Thus, the drop-down by nearly 10 GPa
of ¢4, can be fully described by the geometric effect of the
tweed and does not probably result from any softening of the
TA, (fast shear) phonon branch.

On the other hand, close to the Tpy temperature where the
tetragonal distortion of the NM unit cells is small (c/a — 1,
[15]), the effect of the tweed formation on the ¢4, coefficient is

© 2014 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
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negligible and also the derivative dcy,/d(c/a) limits to zero.
For this reason, no observable softening of this coefficient
appears directly at Tpy, but ¢y gradually decreases toward
M; where also an increase of the c/a ratio can be expected,
as mentioned above.

The model also predicts well the difference between cy,
evolution with and without external magnetic field. In the sat-
uration, the ¢’ coefficient of the tweed is higher (see Fig. 3),
which indicates that ¢y, is increased by magneto-elastic cou-
pling. As a result, the softening of the ¢, coefficient with the
same evolution of the c/a ratio is weaker in the saturation
field.

4.2 Structural softening of the premartensitic
unit cell In the above paragraph it was shown that the steep
increase of the ¢’ coefficient below Tpy cannot be explained
by the geometric effect of the tweed. Instead, this increase
must necessarily be a result of stiffening of c},,. It is well
known that the £ modulus of NM martensite phase sharply
increases with decreasing temperature from the transforma-
tion [30], which indicates a similarly strong increase of ¢’
of nonmodulated martensite, since E is proportional to ¢’ for
strongly anisotropic materials. A significant stiffening below
the martensitic transition temperature was also observed for
all shear coefficients of the NM phase [29]. In the above dis-
cussed premartensitic tweed, such stiffening at the level of
the individual NM building blocks appears simultaneously
with the observed c4, softening which, however, occurs only
at the homogenized level and due to the tweed geometry.
The martensitic transformation from premartensite to modu-
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lated martensite then occurs due to lattice instability caused
by high elastic anisotropy and increasing c/a ratio of basic
building blocks of the premartensitic phase. The transition to
premartensite occurs only for materials close to stoichiom-
etry and at a relatively constant temperature about 250K,
resulting from a freezing of soft phonons [31] With increasing
deviation from stoichiometry the martensitic transformation
temperature increases and overcomes the premartensitic tem-
perature. Moreover the c/a ratio of transforming martensite
phase becomes gradually large, and thus no premartensite
i.e., 6 M modulation can occur, as this phase requires partic-
ular c¢/a ratios.

As it is apparent from Fig. 3, the coefficient ¢’ of the pre-
martensite is still quite affected by magnetic field. In contrast
it was shown that the effect of magnetic field on the elastic
response of Ni-Mn—Ga martensite is negligible [20]. As the
tweed is assumed to consist of martensitic NM unit cells, the
observed field dependence in premartensite is the property
of the tweed due to magneto-elastic interaction.

In line with the proposition by Wang et al. [13] that the
austenite can be considered as strain-disordered paraelastic
state and martensite as long range ordered ferroelastic state
we suggest another alternative view on the tweed. Ren et al.
[31] consider the tweed as equivalent of unfrozen state of
strain glass. However, the tweed exhibits long range order-
ing albeit on nanoscale and only these nanosized tweed block
are randomly distributed. In the analogy with the superpara-
magnetism [32], in which the magnetic moment is ordered
but only in small volumes while these blocks are randomly
oriented, the tweed can be considered as superparaelastic
state. The sequence in stoichiometric Ni,MnGa can then be
described by going from paraelastic to superparaelastic and
finally to ferroelastic i.e., martensite state.

5 Conclusion Our measurements show that the mag-
netic states of the austenite and premartensite are very
similar. This is connected with averaged cubic structure of
the premartensite. On the other hand the elastic properties
of austenite and premartensite are quite different and even
evolve in opposite direction with temperature. To explain this
anomalous behavior we suggested a model based on adaptive
concept of premartensite explaining the softening of c¢,, and
apparent ¢’ stiffening prior to the martensitic transformation.
The discussed case of premartensite is, however, an excep-
tion limited to Ni,MnGa materials close to stoichiometry.
In materials with temperature of martensitic transformation
above the room temperature i.e., in material with few atomic
% deviation from stoichiometry, we observed the usual soft-
ening of ¢’ till the Mg temperature [33]. In other words, the
observed evolution of the elastic constants ¢4, and ¢’ in the
premartensitic phase is specific for this phase and it is not a
necessary prerequisite for the martensitic transition itself.
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4.4 Publikace

Mikrostruktura, martenzitickd  transformace

a anomdlie v ¢ —méknuti ve feromagnetické slitiné s tvarovou

paméti Co-Ni-Al.

Bibliograficka citace:

Struéna anotace:

Prispévek habilitanta:
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P., Heczko, O. Microstructure, martensitic transformation and anoma-
lies in ¢/-softening in Co-Ni-Al ferromagnetic shape memory alloys
(2013) Acta Materialia, 61 (15), pp. 5869-5876.

Publikace se zabyvé prekurzorovymi efekty ve vysokoteplotni fazi
slitiny Co-Ni-Al a jejich souvislosti s mikrostrukturou castic ne-
transformujicich y—fazi. = Porovndnim mechanickych vlastnosti,
mikrostruktury a strukturniho méknuti elastického koeficientu ¢
monokrystald s riznym tepelnym zpracovanim je ukazana pfima sou-
vislost mezi nukleaci martenzitu a mikrostrukturou y—¢4stic. Zaroven
je ukazano, 7Ze ve slitiné nedochazi ke vzniku zadné intermedidlni
(premartenzitické) faze, protoze anomélie v méknuti koeficientu ¢’ je

zpusobena magnetoelastickou interakeci.

Prispévek habilitanta spocival ve vyhodnoceni méfeni rezonan¢ni ul-
trazvukové spektroskopie a predevSim v jejich interpretaci ve vz-
tahu k magnetoelastickému méknuti, prekurzorovym efektlim a nuk-
leaci martenzitické faze. Habilitant rovnéz provedl a analyzoval
mesoskopickd optickd pozorovini nukleace martenzitu na hrandch

vzorku a na ¢4sticich y—féze.
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Abstract

The morphology, microstructure and elastic softening in single crystals of Co-Ni—Al ferromagnetic shape memory alloy were studied
to clarify the conditions for martenstic transformation in this alloy. We used two-phase (f matrix + 7y particles) samples with different
heat treatments, as-cast and annealed at temperatures from 1523 to 1623 K, and a sample of pure f§ (B2) phase. A complete set of elastic
coefficients at room temperature and the temperature dependence of the softest shear coefficient (¢’) of the Co;gNiz3Alyg austenite was
measured by a combination of pulse echo and resonant ultrasound spectroscopy in the range 208-398 K. All examined materials exhibit
anomalous ¢’-softening for the whole temperature range except the interval 258— 328 K, in which a change in the slope appears. However,
only annealed samples transformed to martensite. The change in the slope is ascribed to (i) magnetoelastic softening with the absence of a
sharp Curie point; (ii) structural stiffening that prevents the martensitic transition in both the as-cast and single-phase alloys. No signa-

ture of the premartensite phenomenon was found.

© 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

Keywords: Ferromagnetic shape memory alloys; Resonant ultrasound spectroscopy; Premartensitic phenomena

1. Introduction

Ferromagnetic shape memory alloys (FSMAs) have
been intensively studied since the discovery of the magnet-
ically induced reorientation (MIR) effect by Ullakko et al.
[1,2]. The ability of these alloys to deform reversibly under
the action of the external magnetic field with strain ampli-
tudes up to 10% [3,4] makes them highly interesting from
the perspective of possible smart applications, including
magnetically driven actuators, micromanipulators, pumps,
etc. [5,6]. These materials are important not only from a
practical point of view but also from the theoretical per-
spective as the coupling between two ferroic orderings (fer-
roelasticity and ferromagnetism) in FSMAs opens new

* Corresponding author. Tel.: +420 266052714; fax: +420 286890527.
E-mail address: heczko@fzu.cz (O. Heczko).

challenges for mathematical modeling at different spatial
scales [7-10]. As well as the Ni-Mn-Ga [1,3,11] and Fe-
Pd [12,13] systems, which exhibit MIR, attention should
be paid to the other ferromagnetic Heusler alloys undergo-
ing martensitic transformation [14] as this transformation
is a basic precondition for MIR.

One important class of FSMAs is Co—Ni-Al, since the
thermomechanical properties of this material can be sensi-
tively tuned by heat treatment [15-17] and moreover the
alloying elements for this system are cheap. These alloys
undergo martensitic transformation from the cubic (B2)
to tetragonal (L1y) structure [18,19], which is similar to
the high-temperature non-modulated martensite in Ni-
Mn-Ga [20]. In the tetragonal structure there are only
three different variants of martensite, which limits the type
of possible martensite microstructure in comparison
with the rich structures of modulated martensites in

1359-6454/$36.00 © 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

http://dx.doi.org/10.1016/j.actamat.2013.06.035

145



5870 H. Seiner et al. | Acta Materialia 61 (2013) 5869-5876

Ni-Mn-Ga [21,22]. However, contrary to previous belief,
the tetragonal structure does not preclude MIR as recently
shown by Sozinov [23]. Despite the simple martensite
microstructure in  Co-Ni-Al alloys the processes
accompanying both the forward and reverse martensitic
transformation can be rather complex due to the presence
of fine y-phase (A1) precipitates in transforming B2 matrix
(e.g. [18]).

Murakami et al. [17] observed that the martensitic trans-
formation in Co-Ni-Al alloy was preceded by a tweed-like
modulation of austenite lattice. This precursor phenome-
non, called the premartensitic transition, is a well-known
phenomenon in Ni-Mn-Ga alloys [24]. In Ni-Mn-Ga the
premartensitic modulation is magnetoelastic in origin [25]
and its formation results in pronounced, anomalous
changes of elastic constants of the austenite phase [26,27].
On the other hand, Brown et al. [28] used neutron powder
diffraction to follow the structure evolution of CosgNisz3Alyg
during the transformation. They concluded that the pres-
ence of premartensitic phase should be indicated by a weak
additional diffraction peak appearing in the vicinity of the
transition temperature, but in contrast to Murakami et al.
they found that the martensitic transition in this material
proceeded without any significant intermediate step.

Since the transition in Co-Ni-Al belongs to the cubic-
to-tetragonal class, the changes of elasticity preceding the
transition are related to the transverse accoustic TA, pho-
non branch, i.e. to shearing along the {110} planes with
(110) polarization [33]. The resistance of the lattice to such
shearing is described by the coefficient ¢/, defined as
%(c“ — ¢1p) using three independent elastic constants of
the cubic material (cq1, ¢1» and c44). Similarly to other
shape memory alloys, this shear elastic coefficient is signif-
icantly lower than the coefficient c44 representing shears
along the principal {100} planes. The anisotropy factor
A = c44/ is usually larger than 10. The coefficient ¢’ soft-
ens further with decreasing temperature towards the trans-
formation. For this reason, we refer to so-called anomalous
¢’-softening. As discussed in Ref. [27,29], the most appro-
priate method for accurate determination of the ¢ coeffi-
cient of such highly anisotropic cubic materials is
resonant ultrasound spectroscopy (RUS) [30,31]. RUS is
an experimental technique based on measurements of reso-
nant frequencies of free elastic vibrations of a small sample.
The lowest resonant frequencies correspond to the shearing
vibration related to the softest shear coefficient and thus
detecting a limited number of the first few resonances is
sufficient for accurate determination of ¢’. Moreover, when
RUS is applied to a fully non-contact regime using lasers
for both generation and detection of the vibration modes,
it enables very sensitive tracing of the ¢’ coefficient with
temperature. As shown in this paper, even very weak
changes in the dc//dT slope or other anomalies can be
detected. On the other hand, the experimental requirements
of RUS, in particular the need for the sample to have a per-
fect parallelepiped shape, limits to some extent the applica-
bility of this method to material in the early stages of

martensitic transition, as also shown in the experimental
part of this paper.

The main aim of this paper is to probe elastic softening
and expected premartensitic phenomena by measurements
of the (magneto) elastic properties of Co—Ni—Al single crys-
tals in the vicinity of the martensite starting temperature
M, and to relate these to the microstructure and structural
changes during transformation. A comparison with the
prototypical magnetic shape memory compound Ni-Mn-—
Ga is discussed. The results of contactless RUS measure-
ment indicate that additional anomalous softening is very
weak and there is no sign of premartenstic phenomena.
The observed small anomalies can be ascribed to the
presence of martensite nuclei stress-induced in the vicinity
of y-phase precipitates.

2. Materials and methods

Five different samples were used in the experiments,
referred to as “single-phase”, “as-cast” and “annealed at
X temperature”, where X = 1523, 1548 and 1573 K. The
samples were cut from single-crystal ingots grown by the
Bridgman method in argon atmosphere using two different
growth rates, 17 and 104 mm h™!. The nominal composi-
tion of the initial alloy was CosgNiz3Alrg. All samples were
cuboids with approximate dimensions 3.2 mm X
2.8 mm x 2.3 mm and the orientation of sides was
(01—1) x (100) x (011).

The microstructure of the single-crystalline ingot grown
at 17 mm h™! splits into two different regions: two phases
(B + 7) exterior and one phase (f5) interior [34]. No signifi-
cant redistribution of elements was observed. The “one
phase” sample was cut from the interior of this crystal
[35]. The crystal was in the as-cast state. Other samples
were cut from the single-crystal ingot grown at
104 mm h™!. This crystal has a two-phase microstructure
with interdendritic y particles distributed homogeneously
within the f (B2) matrix [34]. The composition of matrix
is approx. CosgNiszAlsyg and the composition of particles
is about Cos3NizpAlj; [35]. The composition of particles
and matrix remains the same for the higher growth rates
and the redistribution of elements occurs only through
the number of particles in the matrix. The sample marked
“as-cast” is in state immediately after Bridgman growth
without any heat treatment. To evaluate the effect of heat
treatment, three samples were annealed at temperatures
from 1523 to 1573 K for 1h and quenched into cold
water. The phase identification and orientation were
determined by electron backscatter diffraction (EBDS)
and their compositions were checked by energy-dispersive
spectroscopy (EDS).

As the Co—Ni-Al alloys are ferromagnetic, the martens-
ite transformation temperatures can be detected by mag-
netic measurement. The martensite temperatures and
ferromagnetic Curie point were determined by measuring
the temperature dependence of DC magnetization at 100
Oe for each material in the temperature range 10-360 K
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using a vibration sample magnetometer. Additionally, the
AC magnetic initial susceptibility was used to confirm the
transformation temperatures. In both cases PPMS instru-
ments from Quantum Design were used. Stress-induced
martensite transformation in the samples was probed by
compression tests up to 350 MPa. The curves were cor-
rected for the deformation of the grips.

The contactless or non-contact resonant ultrasound
spectroscopy (n-RUS) method was applied to determine
the temperature evolution of the softest shear coefficient
from above the Curie point (398 K) towards the vicinity
of the My temperature. Prior to these temperature-resolved
measurements, a complete determination of the elastic
coefficients (constants) at room temperature was done for
each sample by using a combination of pulse-echo and
RUS measurements as follows: (i) velocities of (quasi-) lon-
gitudinal ultrasonic waves in the directions perpendicular
to the faces of the sample were determined by the pulse-
echo method; (ii) a detailed RUS spectrum was determined
with the modal shapes of individual eigenmodes recorded
by laser-Doppler interferometry. For this contactless
RUS was employed in which the vibrations of the sample
are both generated and detected by lasers (for instrumenta-
tion and other details see Ref. [32,37]). The modal shapes
were used for the identification of the individual resonant
peaks in the vibration spectrum [38]. Consequently the
results of both methods, i.e. the velocities v
nant frequencies f;';
denotes the experimental values), were simultaneously
inverted by minimizing the objective function [39]

n 2
F(en,cm,c) = Z(f;xli’» -, I,Calc‘(0117044,0/))

p=1

2

3
+W2§ :(USXP‘ _ v;‘ach(C”’CM’C/)) , (1)
q=1

where w is a weighting factor taken in this case as w = yoi3
with V" being the volume of the sample. The calculated val-

ues of the resonant frequencies ( f;‘ﬂc') and of the velocities

(vgalc'> were obtained by the Ritz—Rayleigh method and

from Christoffel’s equation, respectively. For all examined
samples the value of n was between 10 and 20, which is
sufficient for the determination of ¢’. Such joint inversion

Table 1

The complete set of elastic coefficients for all samples at room temper-
ature, A stands for the anisotropy factor 4 = cgs/c’. The coefficients
obtained from pulse echo measurement ¢y, c44 are determined with error
+ 2 GPa, while coefficient ¢ from n-RUS is determined with error
40.05 GPa. The error of elastic anisotropy is about +0.5.

¢y [GPa] c4q [GPa] ¢ [GPa] A (1]
As cast 175 114 7.32 18.9
Annealed at 1523 K 173 120 5.15 233
Annealed at 1548 K 172 122 5.00 244
Annealed at 1573 K 172 123 4.81 25.6
One phase 177 101 6.04 16.7

6
= °lannealed 1573 K _
= 2
£ 6 L5 2
S ()
= s
S s
T 4 =
N as-cast ©
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c [\ ©
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0 . : : 3
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Fig. 1. Low field magnetization (measured at 100 Oe) as a function of
temperature for as-cast and annealed (1523 K) samples. The decrease in
the magnetization at low temperature indicates the onset of martensite
transformation. The gradual decrease at high temperature marks the
smeared ferromagnetic transition.

resulted in a complete set of elastic constants for each sam-
ple, as given in Table 1.'

The temperature evolution of the RUS spectra was mea-
sured upon cooling from 400 K downwards. For each tem-
perature, the ¢’ coefficient was determined by minimizing
the error function (1) with fixed values of ¢;; and c44. At
each temperature it was checked that such minimum corre-
sponded to a good fit between the /- and f[falc' velocities,
in particular that the maximal misfit was lower than 1%.
This approach was successfully applied for determination
of the ¢/(T) curve down to 208 K, which is the limit of
the temperature chamber and sufficiently close to the onset
of martensite transformation.

3. Results and discussion
3.1. Martensitic transformation and microstructure

Fig. 1 shows the DC magnetization as a function of tem-
perature for samples annealed at 1573 K and as-cast. The
drop in magnetization indicates the onset of martensitic
transformation due to higher magnetic anisotropy of the
martensite. While for the as-cast and the one-phase mate-
rial no apparent transition occurred until 10K, all
annealed materials exhibited a reversible martensite transi-
tion with a martensite start temperature between 190 and
195 K which slightly increased with increasing annealing
temperature [40]. The hysteresis of bulk martensite trans-
formation was about 10 K for all alloys. Similar tempera-
tures were observed on powder samples investigated
in situ by neutron diffraction [41].

Magnetization measurements were also used to detect
the magnetic transition temperature, i.e. the Curie point.
In agreement with Murakami et al. [17] and Liu et al.

! The significantly lower experimental error for the ¢’ coefficient follows
from the fact that this coefficient was mainly determined by RUS, while
the others came from the pulse-echo results. On the other hand, the
relative errors for all coefficients are approximately the same.
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Fig. 2. Microstructure of the Co-Ni-Al alloy in (a) as-cast state; (b) after
annealing at 1423 K and quenching; and (c) after annealing at 1523 K and
quenching.

[19], the low field magnetization of the annealed sample
exhibited no sharp drop close to Curie point as is usual
in Ni-Mn-Ga. The continuous decrease in the magnetiza-
tion over the temperature interval 300-350 K suggests that
the magnetic transition is smeared over broader interval in
contrast with Ni-Mn-Ga, in which the Curie point is shar-
ply defined [11]. This smearing can be caused by random
distribution of the ferromagnetic elements in the alloys

400

as-cast
300 4

200 - Annealed 1573 K

stress (MPa)

100 4

0.00 0.01 0.02 0.03 0.04
strain (1)

Fig. 3. Stress-strain curves of as-cast and annealed (1523 K) samples.
Curves are measured in compression.

with B2 ordering (in contrast with L2; ordering in
Ni-Mn-Ga), which may cause fluctuation of the exchange
coupling. The residual magnetization even above 360 K
can be ascribed to the two-phase structure and higher Curie
point for the interdendritic y-phase with higher content of
Co. There is no significant drop of magnetization for the
as-cast sample, indicating that the magnetic transition in
this material is smeared over a broader region and the fer-
romagnetic ordering persists above 360 K.

Fig. 2 shows the microstructures of differently annealed
two-phase single-crystal samples. Optical microscopy
showed that the interdentritic y particles are largest in the
as-cast state (Fig. 2a) and increasing the annealing temper-
ature causes these particles to dissolve slowly while preserv-
ing their network [36]. This network of particles seems to
follow the cubic symmetry of the B2 matrix as demon-
strated in Fig. 4, which shows the whole sample. Addition-
ally, the detailed image in Fig. 2c reveals that in the vicinity
of the interdentritic y particles there are traces of martens-
ite in the form of the needles pinned on the particles. This
martensite is stress-induced mostly in the places of dis-
solved particles. There is no stress-induced martensite in
the as-cast sample. In the annealed samples the amount
of stress-induced martensite increases with increasing
annealing temperature. This increase, however, does not
affect significantly the transformation of the bulk matrix
as determined from magnetic measurements.

The stress—strain curves measured in compression for
two-phase as-cast and annealed samples are shown in
Fig. 3. The curves were measured in the [100] direction,
which is the softest direction for elastic deformation. The
as-cast sample does not transform to martensite up to
350 MPa and its deformation is approximately linear
throughout the whole range, whereas the annealed sample
transformed to martensite at about 250 MPa as indicated
by the plateau in the stress—strain curve. Similar behaviour
was observed for other annealed samples but not for the
single-phase sample, which behaved similarly to the as-cast
two-phase material. We can conclude that only the
annealed samples transform to martensite. A full analysis
of the stress-induced martensite transformation measured
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(a) [170]
[oo1]<<
110]

Fig. 4. Evolution of microstructure with cooling of the sample annealed at 1573 K: (a) at 258 K with the zoomed area showing the newly nucleated
martensitic needles at the edges and the corners of the sample; (b) at 238 K; (c) at 208 K. The black islands are areas with a high concentration of y-phase
particles highlighted by chemical polishing of the surface. It can be seen that the spatial arrangement of these particles follows the cubic symmetry of the

B2 matrix.
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Fig. 5. Softening of the ¢’ coefficient measured by RUS for all samples as
marked in figure.

in different directions will be published elsewhere. The
moduli determined from the initial slopes of the curves cor-
respond to the measurement of elastic constants by n-RUS
for both cases. However, the annealed sample exhibits
some stiffening during loading resulting in a gradual
increase in the modulus for larger deformation. This

stiffening is not reflected in RUS measurements which rely
on small deformations.

The temperature evolution of the microstructure
above martensitic transformation is shown in Fig. 4.
When cooling from room temperature, large mezoscopic
martensitic needles overgrow from the initial stress-
induced martensite nuclei in the vicinity of the y parti-
cles. The martensitic needles appear close to the edge
of the sample due to the relaxed constraint of surround-
ing material at the surface [42]. Optical microscopy
shows relatively large areas affected above 200 K, which
is higher than the measured transformation temperature.
However, the magnetization measurements, which
detect the bulk properties, are not significantly affected.
This proves that the observed martensite is mostly a
surface phenomenon.

3.2. Elastic constants at room temperature

The complete set of elastic constants obtained by joint
inversion (Eq. (1)) is given in Table 1 for each sample.
While the ¢;; coefficient is approximately the same for all
samples, the shear coefficients c44 and ¢’ depend on the heat
treatment and the microstructure. The shearing along the
principal planes, i.e. cy4 coefficient, seems to be closely
related to the microstructure and presence of the y-phase
particles: the absence of these particles leads to significant
softening of this shear, i.e. in the one-phase sample, and
two-phase samples exhibit higher coefficients. The finer dis-
persion of the particles by annealing and quenching leads
to further stiffening of c44, Which very slightly increases
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with increasing annealing temperature. The observed
stiffening might also be related to the increased presence
of martensitic needles.

On the other hand more pronounced changes can be
observed for the ¢’ coefficient. Although the absence of
the y-phase leads again to some softening of the corre-
sponding shearing compared to the as-cast two-phase
(p + y) sample, the annealing further reduces the ¢’ coeffi-
cient and this decrease can be correlated with the increase
in the annealing temperature. This softening is apparently
related to the decreasing volume of y-phase particles and
the increasing amount of stress-induced martensite
attached to these particles. Due to the significant drop in
the ¢ coefficient, the anisotropy factor increases up to
A > 25, which represents an extremely large elastic anisot-
ropy. This anisotropy is higher than the elastic anisotropy
of Ni-Mn-Ga in the vicinity of martensitic transformation
[27,29]. The instability of the cubic lattice is the largest for
the annealed samples, in good agreement with the fact that
the thermally induced martensite transformation occurred
only in these samples.

3.3. Evolution of ¢'-softening with temperature

Temperature evolution of the RUS spectra was measured
upon cooling from 400 K for all samples (Fig. 5). For the as-
cast and the single-phase material the temperature depen-
dence of ¢/(T) could be determined down to 208 K. These
materials, according to the magnetization measurement,
do not transform to martensite at low temperatures and
there is no stress-induced transformation either.

For all annealed samples, however, the value of the
objective function (1) increased abruptly already at
258 K, which makes the determination of ¢’ from the spec-
tra at lower temperatures impossible. The reason for such
abrupt decrease in the goodness-of-fit is apparent from
Fig. 4a for the sample annealed at 1573 K. At 258 K visual
observation indicates that the martensitic transformation
has already started; there are martensitic needles appearing
at the edges of the sample and in the corners. Although
such a small volume fraction of the transformed phase does
not affect the bulk properties in any way, the RUS spectra
are very sensitive to small changes in the microstructure
and thus the inverse calculation of ¢’ was no longer possi-
ble. As seen in Fig. 4b,c, obtained at 238 and 208 K, respec-
tively, the transition proceeds very slowly through the
sample. Even at 208 K only a small volume fraction is
transformed. This agrees well with the magnetic measure-
ments which indicate that the Mg temperature for the bulk
of this sample is even lower at 194 K. Clearly, the bulk of
the material transformed more than 60 K below the first
appearance of martensite needles. A detailed inspection
of the thermomagnetic curve (Fig. 1) gives some indication
of the early onset of martensitic transformation as the
increase in susceptibility deviates from nearly linear depen-
dence below 240 K.

On the other hand the fit of the RUS spectra above
258 K was acceptably good despite the presence of a small
amount of martensitic nuclei pinned on the y-phase parti-
cles, as shown in Fig. 2c. This means that the sample with
such nuclei still behaves as a perfect parallelepiped of
homogeneous cubic material. The reason may be that the
y-phase particles are fully ordered with the defined orienta-
tion to the B2 matrix. Then the stress-induced martensitic
nuclei, and thus also the resulting microstructure, still
maintain the cubic symmetry of the matrix regardless of
whether the nuclei are slightly growing or shrinking with
temperature.

The ¢/(T) curves are summarized for all examined sam-
ples in Fig. 5. Some general conclusions can be directly
drawn from this figure:

1. All materials exhibit a monotonous softening through-
out the whole temperature range for which ¢’ was mea-
surable. This indicates that the B2 structure becomes
more unstable upon cooling, even for the as-cast and
single-phase materials for which no transition occurs
with further cooling. The dc//dT slopes are approxi-
mately the same for annealed samples, especially in the
high-temperature region close to 400 K. The slope is
lowest for the as-cast sample. There is no sharp change
in slope indicating the Curie point for any of the mate-
rials, in contrast to Ni-Mn-Ga [27].

2. For all samples there is a smooth, weak but discernible
increase in the slope upon cooling below approximately
350 K. While for the annealed samples this increase con-
tinues below 258 K, where the thermally induced transi-
tion starts, for the as-cast samples (one or two phases)
this increase is interrupted by an inflection point below
which the slope stabilizes and the softening continues
linearly to low temperatures.

3. The differences between the ¢ coefficients of the
annealed samples nearly disappear close to the Mg tem-
perature. In this region, all the values are between 4.5
and 4.7 GPa, which corresponds to an anisotropy factor
as high as 4 = 27 assuming that the c44 coefficient does
not change significantly.

Considering the temperature Mg= 258 K as the real
martensite start temperature, at which the first spontane-
ous nucleation of the thermally induced martensite occurs,
we can assume that the all expected premartensitic phe-
nomena should appear above this temperature, i.e. in the
temperature interval covered by our RUS measurement.

3.4. Anomalies in c'-softening

For the annealed materials, the appearance of the first
visually observable (mezoscopic) martensitic needles is pre-
ceded by a continuous change in the slope dc//dT. The
question is whether this anomaly can be related to some
premartensitic phenomenon, i.e. to any precursor of the
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Fig. 6. Comparison of the temperature dependence of the low field
magnetization and the ¢-softening curve after subtracting the high-
temperature linear trend c;,. See the text for the definitions of temperatures
T s

transition as it is in Ni-Mn-Ga. Apart from the softening
of the ¢’ coefficients, there are no other signatures of such
phenomena, and thus the answer is probably no.
Moreover, the temperature region in which the change of
the slope appears corresponds exactly to the wide
interval of magnetic susceptibility change during the
magnetic transition.

This is demonstrated in detail in Fig. 6 for the case of
the material annealed at 1573 K. When a high-temperature
linear trend c{(7) = aT + b is subtracted from the '(7)
curve, it is apparent that the change in the slope begins
at temperature 75, which is the same as the temperature
where the magnetization starts increasing. Further, the
point of maximal change of the slope of ¢/(7T) corresponds
well to the point of maximal slope of the magnetization
(7>), and the anomaly terminates simultaneously with the
levelling of the magnetization at some temperature 77.
Equivalent behaviour is observed for the two other
annealed (transforming) samples. Hence, it is plausible that
similarly as for the Ni-Mn—Ga alloy [29], the onset of the
ferromagnetic ordering at the Curie point triggers the con-
tribution of the magnetostriction to the overall elastic
response of the material, which leads to the so-called AE-
effect [43]. This contribution superposes with the structural
softening due to the instability of the B2 lattice, and the
dcd'/dT slope increases. Similar softening occurs for the
as-cast sample, though the anomaly in ¢’softening starts
at a higher temperature and is wider, in agreement with
the magnetic measurement (Fig. 1).

On the other hand, in sharp contrast with Ni-Mn-Ga,
this magnetoelastic contribution to the overall softening
is very weak as indicated in Fig. 6. At room temperature,
for example, the ¢’ coefficient decreased only by 0.1 GPa
with respect to the linear part ¢ (7). This very weak depen-
dence agrees well with our recent observation of the

evolution of RUS spectra of Co—Ni-Al samples in a mag-
netic field [44]. The RUS spectra do not change signifi-
cantly with increasing magnetic field. The observed shift
of the first resonant peaks was nearly negligible (about
0.3%) and consequently the change in elastic coefficient ¢/
is very small (approximately 0.1 GPa in saturation). The
elastic damping stays constant up to magnetic saturation
[44]. This confirms very weak magnetoelastic coupling in
Co-Ni-Al. For comparison, the change in the ¢’ coefficient
under the action of a saturated magnetic field for the
Ni-Mn-Ga austenite at room temperature is very large,
about 80% or 2.5GPa, ie. 25 times larger than in
Co-Ni-Al, and the damping in Ni-Mn-Ga sharply
decreases with increasing magnetic field [27,29].

In the annealed samples, the magnetoelastic softening
apparently continues until the bulk sample transforms.
For the as-cast and single-phase alloys, however, the situa-
tion is different. At about 290 K, the weak additional soft-
ening stops and the d¢’/dT slope becomes again constant
(Fig. 5). A detailed look at the temperature dependence
of ¢(T) of non-transforming alloys reveals some additional
details. In the as-cast sample the slopes of the low- and
high-temperature parts are about the same, whereas in
the single-phase sample the low-temperature slope is lower
than the high-temperature one. This suggests that there is
some stiffening mechanism working against the structural
softening of the B2 lattice. In particular, this stiffening
can prevent the martensitic transition and suppress the
nucleation of martensite. In the annealed alloys, where
the martensite nuclei are already present at the vicinity of
y-phase particles, the nucleation barrier does not need to
be overcome, and the transition can proceed smoothly by
moving the existing interfaces.

4. Summary

RUS measurements of the elastic coefficients (con-
stants) indicate that there are pronounced differences
between the elastic properties of Co—Ni—Al samples with
the same stoichiometry but with different heat treatments
and/or phase composition, resulting in different transfor-
mation behaviour. While the c;; coefficient is approxi-
mately constant in all investigated samples, the shear
elastic coefficients differ significantly at room temperature.
The difference can be related to the presence of the
y-phase particles and stress-induced martensite nuclei in
the vicinity of these precipitates. In single-phase sample
(which is also as-cast) the c44 coefficient is the smallest,
and the coeflicient increases for a two-phase system and
with annealing. On the other hand, the presence of the
y-phase in the form of a dense net of particles stiffens
the shears related to the ¢ coefficient. If such particles
are absent or are partly dissolved by annealing, the ¢
coefficient significantly decreases, and thus the elastic
anisotropy at room temperature increases with increasing
annealing temperature. The observed c¢'-softening with
decreasing temperature indicates that the B2 structure is
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unstable against shear. However, only annealed material
transforms to martensite. In the as-cast samples there is
some additional stiffening mechanism, which works
against this softening and results in the inflection-like
anomaly. As a result, despite continuing ¢’-softening, the
materials without martensite nuclei do not transform
into martensite.

None of the reported measurements indicated the exis-
tence of any real premartensitic phase; the continuous
anomalous change of the d¢’/dT slope observable for all
samples can be fully attributed to the magnetic transition
and presence of martensitic nuclei induced in the vicinity
of y-precipitates well above bulk martensite transformation.
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4.5 Shrnuti ziskanych poznatkua

Spole¢nym jmenovatelem efektd popisovanych v této kapitole je vliv mikrostruktur na elastické
koeficienty vysokoteplotnich fdzi, zejména na smykové koeficienty ¢’ a cqq. Tyto smykové
koeficienty jsou dilezitymi parametry vysokoteplotnich fazi, nebot v sob& nesou informaci
o anomalné mékkych vétvich akustickych fonond, které umoziuji samotnou termoelastickou
martenzitickou transformaci.

Jak bylo ukdzdno v podkapitoldch 4.1 a 4.2, velmi vyrazny vliv na tyto smykové koefi-
cienty ma v slitin€ NiMnGa magnetoelastickd interakce. Doménové stény jsou zachycené na
antifdzovych rozhranich a vytvareji velmi jemnou magnetickou mikrostrukturu, kterd se muze
snadno pod vnéjsim napétim reorientovat a pfispivat tak prostfednictvim magnetostrikce k de-
formaci materidlu. Vysledkem je dal$i smykové zm&knuti konstanty ¢’ odpovidajici diagondlnim
smyklm a jeji vyraznd zavislost na vné&j$im magnetickém poli.

Smykova konstanta c44, odpovidajici smykim bazalnim, je naopak timto efektem zcela
neovlivnéna. U ni v§ak dochazi ke zméknuti jinym mechanizmem: v oblasti t€sné nad martenz-
itickym prechodem, kde se mfiZka vysokoteplotni faze nachézi ve stavu takzvaného premarten-
zitického tweedu, zplsobuji vzajemné rotace elementdarnich bunék tweedu efektivni zméknuti
bazdlnich smykd, jak je experimentdlné zdokumentovano a teoretickym modelem vysvétleno v
podkapitole 4.3.

Podobné efekty jako ve slitiné NiMnGa lze pozorovat, ovSem v podstatné mensi mife, také
ve vysokoteplotnich fazich slitiny CoNiAl (podkapitola 4.4). Magnetoelastickd interakce je zde
slabsi a magneticky prechod probihd v Sirokém teplotnim intervalu, proto se tyto efekty projevi
jenom jako konkdvni odchylka zavislosti ¢’ na teploté od linedrniho trendu. Pfi niZ$ich teplotdch
pak opét dochazi k drobnému zpevnéni této konstanty, coz miZe byt efekt opét vyplyvajici
z tweedového charakteru. Kritickym faktorem se naopak jevi byt pfitomnost martenzitickych
zarodkil na jemné dispergovanych ¢asticich netransformujici faze - ta zfejmé ovliviiuje jak ela-

stické konstanty vysokoteplotni faze, tak transformacni teplotu.

153



V této habilitaéni praci bylo ukazano, jak zdsadni vliv muZe mit morfologie mikrostruk-
tury a mechanismy jeji nukleace, riistu a pohybu materidlem na makroskopické vlastnosti
monokrystalil termoelastickych martenzitid. Tématicky prace pokryva vSechny tfi mozné druhy
mikrostruktur v téchto materidlech: mikrostruktury formujici se pfimo pfi transformaci za icelem
zajisténi kinematické kompatibility mezi vysokoteplotnimi a nizkoteplotnimi fdzemi (rozhranové
mikrostruktury, Kapitola 2), mikrostruktury v nizkoteplotnich fazich (martenzitické dvojcatové
struktry, Kapitola 3) a mikrostruktury ve vysokoteplotnich fazich (doménové struktury v auste-

nitu a premartenziticky tweed, Kapitola 4).

Experimentalni a teoreticky vyzkum mikrostruktur v termoelastickych martenzitech na
urovni monokrystali je zdkladem pro hlubsi pochopeni termomechanického chovani téchto
pokrocilych materiali. Vystupy tohoto vyzkumu lze pak, s jistym zjednodusenim, aplikovat i na
predikei a interpretaci chovani polykrystalt [64,65], nebo naopak pro formulovani obecnéjsich
relaci mezi krystalovou strukturou a vlastnostmi mikrostruktur v materidlech s bezdifiznimi
fazovymi transformacemi [66].

Publikace uvedené a komentované v této praci pfispély relativné podstatnou mérou k to-
muto vyzkumu, pfinejmensim pro slitinu s tvarovou paméti Cu-Al-Ni a feromagnetickou slit-
inu Ni-Mn-Ga. Celkové byly k datu odevzdéni prace tyto publikace vice jak 80-krit citovany

N e

(pfitemZ nejstari z nich byly publikovany v roce 2009 a nejnov&jii v roce 2014). Rada z nich ini-

cializovala dalsi a podrobné&;jsi teoretické studie kinematické kompatibility mikrostruktur (napft.

[63,67,68] pro slitinu Cu-Al-Ni) nebo dalsi experimentalni vyzkum pohyblivosti (napt. [69-71]).

ey s

Vyzkum v oblasti termoelastickych martenzitti patfi v soucasnosti mezi nejaktualnéjsi témata
na pomezi fyziky pevnych latek, materidlového inZenyrstvi a fyzikalni metalurgie. Jsou vyvijeny
jak zcela nové slitiny s unikatnimi vlastnostmi (napf. materidly s nadkritickym transformacnim
chovanim [72,73]), tak publikovany podrobné experimentalni a teoretické studie vlastnosti slitin
stavajicich, Casto s vyuZitim modernich prostfedkt pocitacového ab-initio modelovani, nebo in-
situ elektronové mikroskopie, kterd umozZiuje studovat detailné mechanismy pohybu a morfo-

logickych zmén jednotlivych mikrostruktur [74].
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